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I declare that I carried out this doctoral thesis independently, and only with the
cited sources, literature and other professional sources.

I understand that my work relates to the rights and obligations under the Act
No. 121/2000 Coll., the Copyright Act, as amended, in particular the fact that
the Charles University in Prague has the right to conclude a license agreement
on the use of this work as a school work pursuant to Section 60 paragraph 1 of
the Copyright Act.
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Katedra: Katedra fyziky materiál̊u
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Introduction
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To minimise the impact of human activities on the enviroment and reduce
the cost of constructions, recent aim is to decrease the size and weight of system
components. Search for new metallic materials with higher strength, formability,
better heat and creep resistace and produced by energy saving methods still
continues.

Twin-roll casting is a casting method which provides high solidification rate
and produces highly susersaturated materials with better mechanical properties.

Further strength increase may be achieved by the reduction of the grain size.
Severe plastic deformation leads to production of materials with submicron grain
size which exhibit higher strength at lower temperatures and better formability at
elevated temperatures, resulting often in superplasticity. Equal channel angular
pressing can be used for production of relatively large pieces of ultra-fine grained
bulk materials.

Zirconium is added to aluminium alloys in order to pospone recovery and
recrystallization precesses. Dense dispersion of coherent Al3Zr particles can retard
movement of lattice dislocations and grain boundaries and contribute to better
stability of the microstructure at elevated temperatures.

In the present study three materials based on the AA3003 type alloy pre-
pared by twin-roll casting are studied. The precipitation processes of Al-Mn-Fe-Si
phases during isochronal annealing are investigated and the optimal conditions
for Al3Zr particles formation are sought. Afterwards, materials are subjected to
equal channel angular pressing, their thermal stability at elevated temperatures
is evaluated and high temperature deformation is tested.

Lets go and explore the ”Path of Aluminium”!

Figure 1: ”Chemin de l’Aluminium” in Arcachon, France.
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1. Literature review

1.1 Aluminium alloys

Thanks to the low density and good strength, formability, thermal conductivi-
ty, corrosion resistance, weldability, recyclability etc., aluminium and its alloys
belong to the most widely used materials in many branches of industry, mainly
aircraft, automobile and food industry. Basic physical properties of pure alumini-
um are listed in Table 1.1 and its FCC crystal lattice is depicted in Figure 1.1.

According to the norm EN 573-3 aluminium alloys are labeled with four num-
bers, first of them corresponding to the main alloying element. List of the alloy
groups is given in Table 1.2. The role of manganese, iron and silicon are described
further.

1.1.1 Manganese

Manganese is the main alloying element in alloys of the 3XXX series.
Manganese in combination with aluminium forms eutectic binary alloy with

eutectic temperature Te = 660 ◦C and eutectic concentration ce = 1.9 wt.% Mn.
The equilibrium intermetallic phases in this system are Al6Mn (1.9-4.1 % Mn)
and Al4Mn. Metastable phase Al12Mn is stabilized by addition of Cr and its
formation is suppressed by iron and silicon.

Alloys with more than 1 wt.% Mn are considered as non-heat treatable. In
general, Mn increases strength of wrought alloys by solution and dispersion hard-
ening at both room and elevated temperatures, but decreases ductility if present
as undissolved intermetallic compound. Moreover, it reduces susceptibility to
intergranular and stress corrosion [1], improves tensile strength elongation, high
temperature strength, weldability, ductility and creep resistance and increases
recrystallization temperature. When dissolved in the aluminium matrix, it influ-
ences resistivity more strongly than iron and silicon.

Diffusion coefficient of Mn in aluminium at 500 ◦C is 1·10−16 m2/s [4] and its
specific contribution to electrical resistivity is 5.97 µΩcm/at.% [5]. Its contribu-
tion to microhardness is 13.4 HV/wt.% if dissolved in solid solution [6].

In pure Al-Mn alloys decomposition of supersaturated solid solution is very
sluggish and can be sped up by addition of iron or silicon, as they decrease
solubility of manganese in aluminium.

Manganese reduces negative effect of iron via modification of morphology and
type of intermetallic phases in the matrix.

1.1.2 Iron

Iron is the most common impurity in all commercial aluminium alloys. It forms
an eutectic phase diagram with aluminium with Te = 655 ◦C and ce = 2.2 wt.%.
Its solubility in Al is very low: 0.052 wt.% and, thus, in aluminium alloys it is
present in a form of intermetallic phases. The equilibrium ones are Al3Fe with
40.7 wt.% Fe and Al7Fe2 (37.3 wt.% Fe). In rapidly cooled alloys metastable
phase Al6Fe can be found [1].

9



Table 1.1: Basic properties of pure aluminium [1,2].

Atomic number 13
Atomic weight 26.98
Electron configuration 1s2 2s2 2p6 3s2 3p1

Stable isotope 27Al
Bravais lattice Face-centered cubic (FCC)
Atoms in unit cell 4
Lattice constant 4.049596·10−10 m
Atomic diameter 2.86·10−10 m
Density (solid) 2697.72 kg/m3

Density (liquid) 2350 kg/m3

Melting point 933.47 K, 660.32 ◦C
Boiling point 2767 K, 2519 ◦C
Coefficient of expansion 23·10−6 K−1

Thermal conductivity 237 W/mK
Electrical resistivity 2.6548·10−8 Ωm
Heat of fusion 397 J/g
Heat capacity 0.9 J/gK
Rp0.2 150 MPa
Young’s modulus 70.7 GPa
Shear modulus 26.4 GPa

Table 1.2: Division of aluminium alloys by the main alloying elements [2].

Designation by norm EN 573-3 Major alloying element

1XXX Pure Al, min. 99.0 %
2XXX Cu
3XXX Mn
4XXX Si
5XXX Mg
6XXX Mg, Si
7XXX Zn
8XXX others

10



Figure 1.1: Face-centred cubic structure of aluminium [3].

At higher concentrations iron degrades mechanical properties like corrosion
resistance and brittleness.

Specific contribution of iron to electrical resistivity of aluminium was mea-
sured as 5.30 µΩcm/at.% [5]. Its contribution to microhardness if dissolved in
solid solution reported in [6] is 4.16 HV/wt.%.

1.1.3 Silicon

Silicon is another impurity commonly present in aluminium. It forms a simple
euthectic phase diagram with Al with eutectic temperature 580 ◦C and concen-
tration 12.5 wt.% Si. The maximal solid solubility of Si in Al is 1.65 wt.%. It
does not form any intermetallic phase with Al. Commercial importance of Al-Si
alloys is based on low shrinkage and high fluidity in casting, welding and brazing
applications [1].

Diffusion coefficient of Si in aluminium at 500 ◦C is 1.4·10−13 m2/s [4] and
specific contribution to electrical resistivity is 0.65 µΩcm/at.% [5]. According to
Pettersen et. al. [7] silicon does not have strong influence on conductivity in the
as-cast state.

Silicon in solid solution has higher hardening effect than iron [8], which is
in correspondance to its higher solubility. According to [6], its contribution to
microhardness is 13.4 HV/wt.% if dissolved in solid solution.

Increasing the silicon content in aluminium alloys strongly increases the so-
lidification interval, but it also gives a finer structure.

1.1.4 Al-Mn-Fe-Si

Several different phases were reported in quaternary system Al-Mn-Fe-Si [9]. The
most common are Al6(Mn,Fe) and Al15Mn3Si2.

The phase Al6(Mn,Fe) has an orthorhombic crystal structure with parameters
a = 0.7498 nm, b = 0.6495 nm, c = 0.8837 nm and is isomorphic to the Al6Fe
and Al6Mn phases. Manganese substitutes for iron in the Al6Fe up to Al12MnFe
(12.8 % Fe, 12.6 % Mn).
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A broad range of solid solutions based on the compound Al15Mn3Si2 exists
[9]. Iron can be substituted for manganese in the ternary compound to the
composition 31 % Fe, 1.5 % Mn, 8 % Si and the broad region of homogeneity is
treated as formation of quaternary phase Al15(Mn,Fe)3Si2.

Solid solution of iron in Al15Mn3Si2 phase has a cubic structure with lattice
parameter a from 1.252 nm for 0 % Fe to 1.25 nm for 31.1 % Fe.

However, some studies support theory given by Mondolfo [10], that no qua-
ternary compound is present in Al-Fe-Mn-Si phase diagram, but there is a wide
range of the Al15(Mn,Fe)3Si2 phase [11].

The solubility of manganese in (Al) in the as-cast state decreases with the
increasing Fe and Si concentrations and a significant part of it is bound in the
Al15(Mn,Fe)3Si2 phase during solidification.

The effect of temperature on the structure of an alloy is determined by the
ratio between the equilibrium and non-equilibrium solubilities in solid aluminium,
which depends on the alloy composition and cooling rate. The non-equilibrium
concentration of manganese in (Al) in the as-cast state determines the amount
of dispersoids formed during annealing at temperatures above 300-350 ◦C.

1.1.5 AA3003 alloy

Aluminium-manganese alloy AA3003 is commonly used as fins in automotive heat
exchangers [12]. Its standard composition is given in Table 1.3.

Two main phases which are present in AA3003 series are cubic α-Al(Mn,Fe)Si
and orthorhombic Al6(Mn,Fe). α-phase has higher hardness than Al6(Mn,Fe) and
is preferable for commercial applications due to its effect on galling resistance [4].
Which of these two phases is dominant depends mainly on the content of silicon
and thermal history of the alloy. A summary of phases observed by different
authors is given in Tables 1.4, 1.5, 1.6 and 1.7.

The exact structural formula of the α-Al(Mn,Fe)Si differs in the literature
sources and usually varies between Al15(Mn,Fe)3Si2 and Al12(Mn,Fe)2Si. Several
crystallographic phases were described – simple cubic, body-centered cubic and
hexagonal. See Tables 1.4-1.7 for details.

The final composition of the particles is governed by diffusion of manganese,
iron and silicon. Cooling rate determines initial crystallography, morphology and
chemical composition of the phases [13].

α-phase can be product of a peritectic reaction from a liquid [14]:

L + Al6(Mn,Fe) → α-Al(Mn,Fe)Si
L + Al3Fe → α-Al(Mn,Fe)Si

or can be formed by nucleation and growth as an equilibrium phase from liquid

L1 → L2 + α-Al(Mn,Fe)Si.

The phase composition of a AA3003 alloy can be analyzed using isothermal
and polythermal sections of the Al-Mn-Si phase diagram. Due to high solubili-
ty of silicon in (Al), ternary compound Al15Mn3Si2 can be formed both during
solidification and also during annealing in a form of dispersoids.

At low temperatures, the AA3003 alloy can contain two- or three-phase regions
involving phases Al6Mn, Al15Mn3Si2 and (Si).
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Combined effects of all three alloying elements (Mn, Fe, Si) on the phase
composition can be analyzed only by using quaternary phase diagram. Presence
of iron and silicon usually leads to the formation of Al15(Mn,Fe)3Si2 phase.

Nonequilibrium solidification causes decrease in the solidus temperature. The
as-cast structure contains Al6(Mn,Fe) and Al15(Mn,Fe)3Si2 phases (amount of
this phase increases with silicon concentration). High concentration of Si can
lead to formation of free (Si) and decrease of solidus to 573 ◦C.

In rapidly cooled materials the α-Al(Mn,Fe)Si phase is predominant as nucle-
ation of Al6(Mn,Fe) is suppressed [15].

Lower Si level in Al-Mn strips can change phase ratio in favour of Al6(Mn,Fe)
phase, which promotes particle simulated nucleation and, thus, may lead to fine-
grained structure [15].

Pettersen et. al. [7] studied mould cast AA3103 alloy and their work focused
on the role of silicon. If the alloy contains 0.1 wt.% of silicon, 95 % of the particles
present in the alloy after casting will be Al6(Mn,Fe). With 0.3 wt.% of Si it will
be 61 % of Al6(Mn,Fe), 37 % of α-Al(Mn,Fe)Si and the rest will be spherical
intergranular Si-clusters and eutectic cell boundary Si-phase. 0.5 wt.% of silicon
corresponds to 14 % of Al6(Mn,Fe), 78 % of α-Al(Mn,Fe)Si phase and 8 % of Si
particles. Finally, in the alloy with 1 wt.% of Si 18 % of detected particles are Si
and the rest are of α-Al(Mn,Fe)Si phase. No Al6(Mn,Fe) particles form in alloy
with higher Si content.

The presence of iron in Al-Mn-Si alloys plays an important role in the pre-
cipitation process and influences final morphology of the particles. Warmuzek et.
al. [16] observed in an Al-3Si-6Mn alloy change of the morphology from irregular
profile to the chineese script with addition of 0.5 wt.% of iron and to polyhedra
with 2 wt.% of iron. If an alloy contains more than 0.2 wt.% of iron, it will exhibit
high density of coarse particles in whose vicinity fine secondary precipitates may
be absent [8].

Regarding Mn:Fe ratio in primary particles and precipitates, it increases with
homogenization time as Mn-rich precipitates dissolve and manganese deposits on
primary particles [17]; iron concentration in intermetallic phases is higher at lower
annealing temperatures [16]. Content of manganese is lower in primary particles
than in precipitates [17].

The structure of α-Al(Mn,Fe)Si depends on the Mn:Fe ratio. It has been found
that with the increasing ratio, particles transform from body-centered cubic Im3
to simple cubic Pm3 [18]. In the work of Li et. al. [19] it was also measured by
EDS, that the Mn:Fe ratio in dispersoids is very high at low temperatures and
decreases with increasing temperature: 18.5 at 500 ◦C, 3.8 at 550 ◦C and 2.5
at 600 ◦C. The situation in the primary particles is opposite, the ratio increases
from 0.57 at the room temperature to 0.59 at 600 ◦C. This implies that diffusion
of manganese from Mn-rich dispersoids to Fe-rich primary particles occurs.

After seven hours of homogenization at 600 ◦C the Mn:Fe ratio drops in the
precipitates from 2.5 to 1.7 and grows from 0.59 to 0.79 in the primary particles.
The structure of some precipitates changes from simple cubic to body-centered
cubic [19].

As annealing temperature increases, the amount of Mn increases and of Fe
decreases in the Al6(Mn,Fe) particles. On the contrary, in the α-Al(Mn,Fe)Si
particles the amount of Fe increases with the temperature and the Mn content

13



Table 1.3: Composition of commercial AA3003 alloy

AA3003 Mn Fe Si Cu Zn
[wt.%] 1.0-1.5 ≤0.7 ≤0.6 0.05-0.2 ≤0.2

decreases [13].
Dehmas et. al. [20] also reported, that in the Al6(Mn,Fe) particles the iron

content lowers during annealing with holding time on the expense of manganese.
After a short-time annealing, the iron concentration in Al6(Mn,Fe) particles is
high; after approximately two days at elevated temperature the iron and man-
ganese concentrations are balanced. The transfer of iron is quicker at higher
temperatures.

Regarding α-Al(Mn,Fe)Si particles, the silicon amount does not change during
heat treatment as the diffusivity of Si in aluminium is high and the equilibrium
can be reached after a short time [20].

1.2 Heat treatment

After solidification aluminium matrix may be in a non-equilibrium state and
phase transformations may take place during heat treatment. Two main processes
in AA3003 alloys are primary phases transformation and precipitation of new
secondary particles.

1.2.1 Primary particles transformation

Primary particles are those second phase particles, which are present in the ma-
trix right after casting and solidification, without further heat treatment. They
usually form interdendritic eutectic networks.

When subjected to heat treatment, some primary particles may increase their
size, spheroidize, or non-equilibrium interdendritic eutectics may dissolve [13,20].

During heat treatment composition of primary particles changes and some of
them may transform from one phase to another. One example of such transfor-
mation is ”6-to-α” transformation from Al6(Mn,Fe) to α-Al15(Mn,Fe)3Si2 [21].
According to Li et. al. [17] Al6(Mn,Fe) particles appear darker in a light micro-
scope than α-Al15(Mn,Fe)3Si2 and the transformation starts around 400 ◦C. If
we compare the data from other authors (Table 1.8), we can conclude that the
temperature of the transformation depends on alloy composition and on heating
rate.

As shown by Dehmas et. al. [26], temperature of the transformation depends
on the heating rate: during heating at 20 K/min no transformation was detected,
at 1 K/min it started around 475 ◦C.

The formation of the α-phase is promoted by augmented concentration of
silicon or by shortening of diffusion path [13,28].

During the transformation α-phase nucleates at the interface between the alu-
minium matrix and an Al6(Mn,Fe) particle and then grows through the Al6(Mn,Fe)
particles as an eutectoid reaction front without presence of any intermediate
phase; thus it forms a duplex particle [20, 28]. Warmuzek et. al. [13] observed
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čen
ášek
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that a layer of α-phase forms at the matrix/Al6(Mn,Fe) interface and due to
diffusion of Si, Mn and Fe the structure gradually transforms. After the trans-
formation, Al-spots may be present inside the α-phase particles [28].

The transformation can be described by a reaction

3 Al6(Mn,Fe) + Si → Al15(Mn,Fe)3Si2+ 6 Al.

During α-to-6 transformation the α-phase inherits high amount of iron from
Al6(Mn,Fe) [20].

The transformation starts rapidly and volume fraction of the transformed
α-phase x follows simple relaxation in time t [4]:

x = xf − (xf − x0) · exp(−kt). (1.1)

x0 stands for initial and xf for final fraction of the α-phase, k is constant.
During holding at constant temperature, the amount of α-phase in the matrix

increases. This increment is very quick at the beginning of annealing and after-
ward it stabilizes. Dehmas et. al. [20] reported that the amount of the α-phase
reaches its equilibrium after holding for 40 hours at 400 ◦C, 10 hours at 500 ◦C
or 7 hours at 600 ◦C. The highest number density was observed at 500 ◦C; during
annealing at 600 ◦C the diameter of the particles raises, but their density drops.

The α-to-6 transformation is affected by precipitation: due to precipitation the
amount of silicon in the solid solution, which is necessary for the transformation,
is reduced [20]. However, at higher temperatures the smaller precipitates dissolve
back to the solid solution and newly freed silicon atoms may migrate to primary
particles and increase the amount of the α-particles.

The transformation is slower in alloys with addition of Mg since Mg2Si is a
dominant phase and silicon is consumed for its formation [4].

Sun et. al. [59] studied the amount of α-phase and Al6(Mn,Fe) particles during
annealing in two 3004 alloys. In the initial state the alloy with higher manganese
and lower silicon content (composition is given in the Table 1.5) contains 10 %
of α-particles. In the second one, 20 % of the particles present in the material
are the α-phase. After 5 hours at 595 ◦C the first alloy is composed of 75 %
of α-phase, the second one of 90 %. Further annealing up to 20 hours increases
the fraction of α-particles by 10 %, which means that in the alloy with lower
manganese and higher silicon all particles are of the α-phase.

Birol [43] reported similar transformation Al6Fe to Al12Fe3Si between room
temperature and 560 ◦C in alloy without Mn.

Veselý [39] also reported transformation from hexagonal Al8Fe2Si to cubic
Al15(Mn,Fe)3Si2 at temperature below 320 ◦C in an AA3003 alloy with low silicon
content. Moreover, both primary particles and precipitates transformed during
annealing to 620 ◦C from cubic Al15(Mn,Fe)3Si2 to orthorombic Al6(Mn,Fe).

1.2.2 Precipitation

During heat treatment supersaturated solid solution decomposes and precipitates
(sometimes called also secondary particles) nucleate in the matrix.

Precipitates of suitable size and separation formed during processing can pin
moving grain boundaries and hinder grain coarsening, thus strenghten the alloy.
In order to acquire required microstructure and properties, alloying composition
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Table 1.8: Temperatures of 6-to-α transformation

Temperature Alloy Mn Fe Si State Reference

400 ◦C 3003 1.15 0.58 0.20 DC Li et. al. [17]
350 ◦C 3003 1.18 0.58 0.2 rod, 50 K/h Dehmas et. al. [5]
500 ◦C rod, 20 K/min Dehmas et. al. [20]
450 ◦C 0.10 0.32 0.13 TRC, CR Karĺık et. al. [8]
465 ◦C 1.05 0.14 0.10 strip cast Warmuzek et. al. [13]

and processing parameters have to be carefully adjusted. Coarser precipitates
negate the favorable pinning effect of smaller particles, but they can induce for-
mation of finer grains.

Precipitation of new phases is influenced by many factors like time, temper-
ature, composition, manufacturing route and thermal history of the material.
Increasing the aging temperature (decreasing the supersaturation) in any pre-
cipitation reaction reduces the chemical driving force for nucleation leading to:
(i) larger precipitates (because the critical radius for nucleation is larger); and
(ii) a reduced equilibrium volume fraction of precipitates [60]. Precipitation is
firstly controlled by nucleation and growth and at higher temperatures by coars-
ening [19].

Different temperature intervals of precipitation reported on a range of mate-
rials by variety of authors are summarized in Table 1.9. Usually the precipitation
in Al-Mn alloys takes place between 300 ◦C and 450 ◦C.

Precipitation kinetics is influenced by temperature [61]. The lower is the
annealing temperature, the finer is the dispersion of the particles [62]. As the
annealing temperature rises, the number of precipitates firstly increases and then
(around 450 ◦C) it starts to decrease due to dissolution. However, the average di-
ameter of the particles continues to grow [19]. The number density of precipitates
at a given temperature increases with the silicon content [7].

During isochronal aging precipitates nucleate at the lowest possible aging
temperature, where the solute supersaturation and chemical driving force are
greatest, resulting in: (i) smaller precipitates, since the critical radius for nucle-
ation is reduced; (ii) larger volume fraction of precipitate-rich dendrites since the
supersaturation is greatest at lower temperatures.

According to Dehmas et. al. [5] the α-phase precipitates in AA3003 alloys are
isostructural with the primary particles, as no additional peaks in RTG spectra
were observed after precipitation.

At temperatures higher than 450 ◦C two processes regarding precipitates were
reported [17,21,22,34]:

• dissolution,

• coarsening.

Smaller precipitates dissolve back to the solid solution thanks to the higher sol-
ubility of manganese at elevated temperatures. Due to the re-enrichment of the
solid solution the remaining particles may coarsen and increase their diameter;
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area fraction of secondary particles decreases [13,25]. Also primary particles may
increase their diameter on the expense of precipitates [5, 19].

In binary Al-Mn alloy heat-treated at 250 ◦C and 450 ◦C precipitates are
distributed homogeneously [8] . Addition of silicon and iron leads to the formation
of coarse primary phases and also to coarsening of precipitates. Their distribution
is then less homogeneous. Density of coarser particles increases with the amount
of alloying elements.

Karĺık et. al. [8] also compared the precipitation process during one-step
annealing at 450 ◦C and two-step annealing at 250 ◦C and 450 ◦C in twin-roll
cast sheets. The two-step annealing yields higher density of particles in the middle
of the sheet in Al-Mn, Al-Mn-Si and Al-Mn-Si-Fe alloys. Only in Al-Mn-Fe alloy
the precipitates density is higher after one-step annealing. Addition of iron to
the Al-Mn-Si alloy results in reduced particle density.

In step annealing the solution quantity is determined by temperature of the
last step [62]: at lower temperatures precipitates may re-occure, at higher tem-
peratures they dissolve. When the second temperature is lower than the first one,
new particles may heterogeneously nucleate on dispersed particles that precipi-
tated at higher temperatures, but the particle density corresponds to the higher
temperature. In the case when the second temperature is higher, number den-
sity of particles decreases, but also the amount of atoms in the solid solution
decreases: unstable finer precipitates dissolve and then they advance growth and
spheroidization of remaining larger particles via Ostwald ripening.

In TRC sheets after cold-rolling and annealing at 550 ◦C for 3 hours the density
of precipitates remained constant in alloy with higher silicon content (0.49 wt.%):
the nucleation and dissolution rate were equivalent, and the number of coarser
particles increased. On the other hand, in the Fe-rich alloy (0.32 wt.%) the
precipitates density was reduced on the expense of further coarsening of coarser
particles [8] .

The distribution of secondary particles is dependent on the cooling rate after
annealing: in the work of Engler [63] it was shown that in an Al-Fe-Si alloy large
constituent particles with size over 1 µm are present in the matrix when the
material is water quenched from 550 ◦C. After slow cooling the size and volume
fraction of the particles increase; as the spatial density remains the same as after
quenching, it can be concluded that no new particles precipitate and only the
existing ones coarsen during cooling down from high temperature.

In the vicinity of primary particles atoms of alloying elements are consumed
on formation of the primary particles and solid solution supersaturation is lower
than in the regions out of the range of the primary particles. Due to the low
supersaturation less precipitates nucleate here and ”precipitates free zones” –
PFZ may form: area without precipitates near the primary particles [13, 19].

Pettersen et. al. [7] shown that the extent of the PFZ increases with time and
annealing temperature, as manganese is drained further to the primary particles.

Regarding influence of deformation induced by cold-rolling on precipitation
kinetics, implying deformation to the matrix before the heat treatment, driving
force for precipitation increases and nucleation sites like dislocations, subgrain
and grain boundaries are preferred.

Birol [64] reported that in TRC Al-Mn-Fe-Si alloy the precipitation starts
around 350 ◦C regardless the extent of the deformation; on the other hand, pre-
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cipitation is first promoted by the strain induced by cold-rolling as the precip-
itation is heterogeneous and requires defects and dislocations. However, at the
strains higher than 1.6 recovery takes place before precipitation and, thus, re-
duces defects density in the matrix, which could serve as nucleation sites for
precipitates.

The number and size of particles precipitated during recovery and recrystal-
lization increases with decreasing temperature [65].

1.2.3 Homogenization

Homogenization treatment can be applied during thermo-mechanical processing
to reduce chemical and structural heterogeneities. It may also promote precipita-
tion of α-phase and ”α-to-6” transformation [20]. During homogenization alloy is
heated to temperature around 600 ◦C, held at this temperature and cooled down
back to room temperature. At the elevated temperature manganese migrates
from solid solution to particles, primary particles transform to stable phases and
grow, precipitates nucleate, grow and dissolve.

After casting the solute atoms are distributed inhomogeneously in the matrix
and particles form preferentially on surfaces of dendrites [7,13,28]. Due to homog-
enization primary particles grow, new coarse particles form and chain structure
may be replaced by individual, well-spaced particles [28, 59,68].

During homogenization size of precipitates increases with holding time and
temperature. However, their number density decreases with time due to their
dissolution back to the solid solution [7, 19]. Li et. al. [19] reported, that up to
4 hours at 600 ◦C the size of precipitates increases and then it startes to decrease.
After 24 hours no precipitates are observed.

Birol [15] reported that during homogenization at 560 ◦C new particles of
Al6(Mn,Fe) phase with ratio Mn:Fe > 2 precipitate and the number of α-particles
remains relatively constant, only the manganese content raises as it is incorpo-
rated from supersaturated matrix. At 600 ◦C the Al6(Mn,Fe) particles coarsen,
the size of α particles does not vary.

During annealing of homogenized materials, no new particles nucleate, atoms
from solid solution enrich already existing particles, which formed during homog-
enization, and cause their coarsening [69].

In homogenized materials recrystallization starts and is completed at lower
temperatures and the final grain size is lower [70]. Due to the higher density of
dispersoids, non-homogenized materials soften more sluggishly and more discon-
tinuously, even if the deformation induced by rolling is higher [69].

In in non-homogenized cold-rolled sheets the recrystallization is influenced by
precipitation and the final structure after annealing is coarse-grained. Recrystal-
lization is slower and takes place at higher temperatures. If the homogenization
is applied, the precipitation capacity is exhausted and recrystallization can pass
more easily, as it is not hindered by small precipitates and final grains are fin-
er [15].
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á
et

.
al

.
[6

7]
32

0-
50

0
◦ C

A
l 6

(M
n
,F

e)
1.

26
2

0.
01

2
0.

00
8

C
R

V
la

ch
et

.
al

.
[4

5]
25

0-
44

5
◦ C

1.
0

0.
6

0.
6

T
R

C
,

C
R

S
lá
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1.3 Recrystallization

1.3.1 Grain boundaries

Grain boundaries separate regions within the material which contain the same
phase and crystal structure but different orientation. They constitute the contact
area of the internal surfaces of adjacent grains. Generally as high angle grain
boundaries (HAGB) are considered those with misorientation >15◦, low angle
grain boundaries (LAGB) have misorientation < 15◦ [71].

A displacement of a grain boundary is equivalent to the growth of one crys-
talline at the expense of the shrinking neighbor. Grain boundary velocity v can
be expressed as

v = M · P, (1.2)

where P is driving force for boundary motion and M is a grain boundary mobility,
which depends on temperature, lattice constant, Debye fraquency and migration
free energy [71].

Generally it can assumed that the driving force occurs whenever a grain
boundary displacement leads to a decrease in the total free energy of the sys-
tem. The most important phenomena influencing the driving force are

• excess density of defects,

• energy of high angle boundaries,

• pressure difference on sides of a grain.

An excess density of defects (mainly of dislocations) in one of grains is a
powerful source of a driving force. It is highly reproducible, easy to fabricate and
provides a wide range of driving forces, up to 10 MPa by orders of magnitude.
Due to it the instability of the driving force during recrystallization can be easily
explained (recovery, local variations of dislocation density, etc.). As for the energy
of high angle boundaries, it is considered as relatively reproducible and stable and
reaches values of 4 · 10−4 MPa. Driving force exerted by the pressure difference
∆p on both sides of the grain boundary is given by a surface tension γ and main
radii of curvature R1, R2

P = ∆p = γ
(

1

R1

+
1

R2

)
. (1.3)

Due to an interaction energy between boundary and impurity atoms, solute
atoms tend to segregate on the boundary. When the grain boundary moves, the
segregated atoms will attempt to remain at the boundary, which means that the
boundary has to drag the impurity alongside and its velocity is lowered to the
speed of the impurity. The drag force Pv is proportional to the number of foreign
atoms per unit area of the boundary n and attractive force f between the atoms
and the grain boundary:

Pv = n · f. (1.4)

The drag force acts agains the driving force and decelerates the grain boundary
motion. If the driving force increases, impurities will no longer be able to keep up
with the boundary and the boundary will detach from them and move as free [71].
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1.3.2 Recrystallization and grain growth

During deformation of a metal by hot or cold working, dislocations are generated
and stored in the material. Dislocations are non-equilibrium lattice defects and,
thus, material tends to remove them in order to achieve thermodynamic equilib-
rium. However, dislocation arrangement of a deformed crystal is mechanically
stable. Dislocation structure can be unstabilized by introducing a sufficient heat
treatment. The two possible ways how to reduce the energy stored in the material
by dislocations are:

• recovery,

• recrystallization.

Recovery comprises of all processes which lead to annihilation or rearrange-
ment of dislocations into low-energy dislocation structures. On the other hand,
recrystallization leads to generation of new grain boundaries and their move-
ment. Moving grain boundaries eliminate dislocation substructure and, finally,
new strain-free structure is formed.

Recovery and recrystallization are competing processes as both are driven by
stored deformation energy. Once the recrystallization has taken place, the recov-
ery can not appear. Extent of recovery depends on the ease of recrystallization
and is easier in metals with high stacking fault energy. Recovery releases de-
formation energy and lowers driving force for recrystallization. Thus, recovery
increases recrystallization resistance [64]. Both recovery and recrystallization are
influenced by the annealing temperature.

After recrystallization, material contains grain boundaries that are (like dis-
locations) thermodynamically non-equilibrial. Grain growth thus occurs in fine-
grain structures where the driving force is given by the decrease of the grain
boundary energy. Two types of grain growth are generally observed: continuous
and discontinuous. During continuous grain growth grains grow while some of
them shrink. The average grain size increases and grain size distribution remains
self-similar. When it comes to discontinuous grain growth, only few grains grow
at the expense of other non-growing grains. As this phenomena resembles recrys-
tallization in some points of view, it can be called secondary recrystallization.

Driving force P for recrystallization is given by reduction of the Gibbs free
energy G of the solid, which is induced by a displacement of a grain boundary:

P = −dG
dV

. (1.5)

Here dV denotes volume swept by the boundary during its movement. The driv-
ing force for primary recrystallization is the strain energy of stored dislocations.
In the case, when these dislocations are consumed by a moving grain bound-
ary, driving force can be expressed in terms of dislocation density ρ and shear
modulus µ

P =
1

2
ρµb2, (1.6)

where Ev = 1
2
µb2 is energy per unite length of dislocation. For ρ = 1016 m−2,

µ = 5 · 104 MPa and b = 2 · 10−10 m we get P ∼ 10 MPa.
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The driving force for grain growth which is provided by the energy of grain
boundaries γ can be expressed for the discontinuous case as

P =
3γ

δ
. (1.7)

For subgrain size δ = 10−4 m and γ = 1 J/m2, P = 0.03 MPa. This clearly shows
that the driving force for recrystallization is much bigger than the one for grain
growth. As a consequence grain growth proceeds much more slowly and at higher
temperatures than recrystallization.

For the continuous grain growth (which is driven by curvature R of the bound-
ary) we get

P =
2γ

R
. (1.8)

Since radius of curvature usually exceeds the grain size by an order of magnitude,
the driving force for continuous grain growth is about an order of magnitude
smaller than for secondary recrystallization.

Nucleation

Potential recrystallization nucleus can be a crystallite which is partially surround-
ed by mobile high angle boundaries formed during deformation or as an effect
of recovery. It can be a subgrain in contact with a deformation heterogeneity or
with an old grain boundary. It will be a successful nucleus when it is sufficiently
large to overcome condition given by Gibbs-Thompson relationship [65,72]:

λc =
2γ

PD − PZ

, (1.9)

where λc is a critical nucleus size, PZ restraining Zenner pressure and PD driving
pressure given by stored energy:

PD =
1

2
ρµb2 + α

γ

δ
, (1.10)

with α a constant ∼2-3.

Recrystallization

When a deformed material is annealed at sufficiently high temperature, it usually
recrystallizes. Grains which are almost defect free are formed and they further
grow and consume the deformed microstructure until the material is fully recrys-
tallized. This phenomena is called discontinuous recrystallization. During this
process, the microstructure is heterogeneous and can easily be divided into re-
gions which have already recrystallized and others, which are still deformed. The
fraction of recrystallized material increases form 0 to 1 during the transformation.

However, under certain conditions continuous recrystallization can take place.
Highly deformed metal may transform during annealing to a microstructure of
approximately equiaxed defect-free grains, which are predominantly bounded by
high angle grain boundaries by relatively localized boundary migration. This
process is relatively homogeneous and parts which have already recrystallized
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and parts, which are still deformed (unrecrystallized), cannot be distinguished
during the transformation [73].

The continuous phenomena includes recovery by subgrain growth, continu-
ous recrystallization and normal grain growth. Discontinuous phenomena incor-
porates discontinuous subgrain growth, primary recrystallization and abnormal
grain growth [74,75].

The kinetics of discontinuous recrystallization describes change of recrystal-
lized volume fraction X in time t. It is determined by thermal activation of the
recrystallization mechanisms, nucleation and nucleus growth and can be described
by Avrami-Johnson-Mehl-Kolmogorov equation

X = 1− exp
{
−

(
t

tR

)q}
, (1.11)

with q as an Avrami exponent and tR characteristic time for recrystallization
(when 63.2 % is recrystallized) [71]. For constant and homogeneous nucleation
rate Ṅ and isotropic growth rate vG it holds

X = 1− exp
(
−π

3
Ṅv3Gt

4
)
. (1.12)

Thus, recrystallized grain size d

d = 2vGtR ∼= 2
(

3

π

vG

Ṅ

)1/4

. (1.13)

Recrystallized grain size is a result of a competition between nucleation and
growth rate. On the contrary, recrystallization time is a effect of both nucleation
and growth and is governed by grain boundary migration rate.

Grain growth

After primary recrystallization grain boundary surface area can be reduced by
arranging grain boundaries in planar positions. Curvature of a boundary results
in driving force to straighten the boundary: the boundary tends to move towards
the center of the curvature. In two dimensional case, grains with more than six
sides have concavely curved boundaries and expand, those with less than six sides
have convexly curved boundaries and shrink. Large grains are in contact with
many smaller ones and are composed of many concavely shaped segments and
expand.

If the grain size becomes comparable with the smallest specimen dimension,
grain growth is reduced. Grain coarsening can be also restricted in strongly
textured materials.

In the presence of inclusions of the second phase, the grain boundary motion is
hindered. Pinning from precipitates Z (Zener drag) can be expressed by formula:

Z =
3

2π

fp
r2p

2R̄2, (1.14)

where fp is volume fraction of precipitates, rp is their diameter and R̄ is an average
radius of subgrains. During annealing Z firstly decreases as the precipitates radius
increases, afterwards it increases with the augmenting subgrain size.
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Grain coarsening ceases when the driving force for increasing the grain size
is balanced by the Zener drag. The final grain size Df is expressed by radius of
curvature R and average grain diameter D as

Df =
4rp
3fp

R

D
. (1.15)

1.3.3 Experimental data

Many aluminium alloys recrystallize during high temperature forming operations
or during annealing which comes after deformation at low temperature. Recrys-
tallization leads to a deterioration of mechanical properties such as strength, and
in some cases the fracture toughness may be considerably reduced. Addition of
alloying elements like Mn, Zr and Sr increases the recrystallization resistance by
forming dispersoids that exert a drag force on moving subgrain boundaries. Ta-
ble 1.10 summarizes results of several authors with regard to the recrystallization
temperature in Al-Mn-Fe-Si alloys.

Deformation energy stored in the material can be reduced before recrystal-
lization by recovery. Lens et. al. [61] reported than in Al-Si alloy the drop of the
stored energy was 20 % in an alloy with 0.1 wt.% of Mn and 26 % in an alloy
with 0.3 wt.% of Mn.

As reported by Kang et. al. [76] recrystallization resistance can be enhanced
by two step annealing. At lower annealing temperature the recovery takes place
and the dislocations are removed, thus, reducting the driving force for recrystal-
lization, when the material is exposed to higher temperature.

When the deformation induced by cold-rolling is higher, the extent of recrys-
tallization is smaller due to heavier in-situ deformation recovery – as-rolled foils
are already partially recovered and, thus, the driving force for recrystallization is
lowered [70].

Large particles promote recrystallization by providing additional nucleation
sites – this process is called particle simulated nucleation (PSN); finely dispersed
precipitates strongly retard recrystallization when they are present in as-deformed
state or precipitate during recrystallization annealing. In the case of bimodal
particle structure, complex interaction between particles of all sizes and deformed
structure may occur [63].

Hight temperature treatment increases number of potential sites for PSN by
coarsening constituent particles and by dissolving of the finest particles, which
could hinder formation of viable recrystallization nuclei [59].

If fine precipitates are present in the material before deformation, after defor-
mation they will stabilize dislocation network and make nucleation process more
difficult [30].

Recrystallization may be significantly influenced when it takes place simulta-
neously with precipitation [15,29,59,64,77,78]. Newly nucleated particles interact
with dislocations and, thus, retard recrystallization. During annealing at lower
temperatures the precipitation takes place before or during the onset of recrystal-
lization, recrystallization is retarded and new grains are coarse and elongated. If
the annealing temperature is higher (according to Liu et. al. [29] approximately
430 ◦C) the recrystallization is not affected as the precipitation occurs when new
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grains are already formed. Due to the lack of interaction of precipitates with
growing grains, the final grains are finer [29].

In twin-belt continuous cast AA3003 alloy Liu et. al. [29] reported an inhomo-
geneous distribution of particles within the sheet thickness. This fact significantly
influenced the recrystallization: after 9 hours at 371 ◦C the surface of the sheet is
recrystallized and in the central part only partial recrystallization occurs. Howev-
er, after 3 hours at 399 ◦C the recrystallization starts in the center, where coarse
elongated grains are formed. At 427 ◦C the recrystallization is almost homoge-
neous, new grains are formed after 15 minutes and they are finer than those which
nucleated at lower temperatures. Liu et. al. [29] also estimated the Avrami expo-
nent from JMAK equation (eq. 1.11): 3 for 371 ◦C and 0.8 for 427 ◦C. According
to other literature resources, this number should not vary with the temperature.
Activation energy for recrystallization was estimated as 465 kJ/mol.

In thin TRC strips with inhomogeneous structure, the recrystallization of
grains near the surface of the foil is realized by the growth of grains which nu-
cleated in the central part. The grain boundaries in the center are highly mobile
unlike those near the surface, which are pinned by very fine dispersoids formed
during earlier stages of annealing [30]. The particle silmulated nucleation near
the surface can be neglected as the particle size there is too small [65].

In twin-roll cast alloys with Mn, Fe and Si [8, 25] after cold-rolling and an-
nealing for 3 hours at 550 ◦C the grain structure is highly dependent on the iron
and silicon content. The iron rich (0.32 wt.%) alloy exhibits very fine grains from
50 to 100 µm long in the central part and from 200 to 300 µm long near the
surfaces of the strip. However, in the alloy with 0.49 wt.% of silicon the grains
are coarse with length of several hundreds of µm. The difference is caused by
particle simulated nucleation in the Fe-rich alloy, which contains higher density
of coarse primary particles. Moreover, the density of small particles (from 30 to
200 nm), which may block movement of subgrain and grain boundaries by Zener
drag, is higher in the Si-rich alloy.

Overall grain size after recrystallization can be reduced by slow cooling: ex-
cess manganese deposits during cooling on constituent particles and the solid
solution supersaturation is lowered. Due to it, less precipitates are formed during
annealing [59].

Opposite process was described by Benum [65]: during rapid solidification
coarser particles (1.5 µm) may emerge and subsequently induce particle simulated
nucleation.

Sun et. al. [59] investigated the role of homogenization on the course of
recrystallization in twin-roll cast AA3105 alloy after cold-rolling. In the non-
homogenized material recrystallization is slower due to the concurrent precipi-
tation of large quantities of dispersoids on subgrain boundaries and, as there is
only a limited number of nucleation sites, grains are coarse and elongated in the
rolling direction. On the other hand, in the homogenized material grains are finer
and equiaxed. The higher is the homogenization temperature, the finer are the
grains after recrystallization.

These observations are in accordance with results of Birol [64] who reported
that the recrystallized grains are finer in the homogenized materials and are
coarser in materials with high density of dispersoids. Birol [79] also reported that
in homogenized alloy the recrystallization is discontinuous and without the prior
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Table 1.10: Temperatures of recrystallization

Temperature Mn Fe Si State Reference

250-450 ◦C 1.4 0, 0.22 0, 0.23 DC, CR Karĺık et. al. [8]
> 280 ◦C 1.10 0.32 0.13 TRC, CR Karĺık et. al. [25]
>350 ◦C 1.06 0.18 0.49 TRC, CR Karĺık et. al. [25]

370-430 ◦C 1.0 0.6 0.2 TBCC 1, CR Liu et. al. [29]
450 ◦C 1.19 0.61 0.16 TRC, CR Birol [64]
400 ◦C 1.192 0.605 0.163 TRC, CR Birol [15]
350 ◦C TRC, hom., CR
420 ◦C 0.471 1.658 0.260 TRC, CR Birol [30]
350 ◦C 0.9 0.53 0.5 TRC, CR Poková et. al. [66]
300 ◦C 0.9 0.53 0.5 TRC, hom., CR

350-450 ◦C 1.0 0.19-0.83 0.6 TRC, CR Slámová et. al. [67]

recovery.

The shape of recrystallized grains is related to the distribution of secondary
phases in the matrix. For example if particles nucleate preferentially on grain
boundaries and the material is cold-rolled, the recrystallized grains will be aligned
in the rolling direction, as the particles will exert Zener drag on the moving grain
boundaries and their motion will be limited in direction which is perpendicullar
to the sheet surface [29].

In an AA 5052 alloy Nah et. al. [80] showed that increasing amount of shear
deformation increases refinement of final grain size after recrystallization and that
the grain size is controlled by effective strain and is affected by the type of recrys-
tallization texture. According to Birol [79], the increasing strain firstly accelerates
recrystallization. Newertheless, at higher strains (> 3.5) the recrystallization is
shifted to higher temperatures. On the other hand, in another work of Birol it
was demonstrated that the recrystallized grains are coarser if the strain induced
by cold-rolling is increased [64].

Whether the grain growth during recrystallization is continuous or discontin-
uous depends on the original grain size [69]. The continuous growth dominates
when the deformation induced by cold-rolling is higher.

1.4 Zirconium

Zirconium forms with aluminium peritectic phase diagram between aluminium
(Al) and Al3Zr phase with peritectic temperature 600 ◦C. The Al3Zr can exist
in stable or metastable variant, depending on the thermal history of the alloy.
During slow cooling stable form of Al3Zr nucleates by peritectic reaction, with
higher cooling rate non-equilibrium peritectic reaction is preferred and metastable
particles form. Supersaturated solid solution of Zr in Al can be received at very
high cooling rates [81].

Metastable Al3Zr particles have cubic structure L12 with space group Pm3m
(Figure 1.3a). The lattice constant was measured by convergent electron beam
diffraction by Vecchio et. al. [82] as a = 0.408 nm, which is near to pure alumini-
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um (a = 0.405 nm). However, average composition of metastable Al3Zr particles
was found to be ∼60 % Al and ∼40 % Zr, which is different from stoichiometric
composition 48 % Al and 52 % Zr. This fact indicates that metastable phase field
may exist in Al-Zr system [82]. Metastable particles are coherent with the matrix
and, thus, they are efficient in pining grain boundaries, because grain boundaries
must change particle-matrix interface from coherent to incoherent, if they want
to pass through.

In alloys with higher Zr content or annealed at higher temperatures, stable
Al3Zr phase can be found. It has tetragonal body-centered structure D023 (Figure
1.3b) with space group I4/mmm and lattice parameters a = 0.4014 nm and
c = 1.7321 nm [82,83]. It has been shown [84] that in binary Al-0.5Zr alloy non-
equilibrium phase transforms to the equilibrium one after 120 hours of annealing
at 500 ◦C, preferentially on grain boundaries. The high stability of metastable
phase can be attributed to the low solubility of precipitates and low driving force
for coarsening, which are connected with the fact that the structure and lattice
parameter of particles and the matrix are similar and precipitates have low surface
energy.

Knipling et. al. [83] reported that transformation from metastable cubic L12

structure to stable tetragonal D023 in Al-0.1Zr starts during annealing at 475 ◦C.
Smaller L12 particles dissolve and re-precipitate at dislocations, subgrain and
grain boundaries as stable D023, other precipitates coarsen and transform to D023

structure; the D023 precipitates are disc shaped with radius 200 nm and thickness
50 nm and are partially coherent with aluminium matrix – principal axes of
tetragonal unit cell are parallel to those of the Al matrix. Karĺık et. al. [8]
reported in twin-roll cast AA3003 alloy large blocks of primary Al3Zr phase with
diameter more than 30 µm and needles with length around 100 µm.

Thanks to the addition of zirconium, microstructure of aluminium alloys can
be stabilized and their recrystallization resistance enhanced [70, 85, 86]. Alloys
with addition of zirconium have also generally finer grain structure in the as-
cast state [70]. The conditions of precipitation of metastable cubic Al3Zr and
its influence on recrystallization in different aluminium alloys has been deeply
studied in recent years [8, 83,87–90].

Zirconium atoms are distributed inhomogeneously within the aluminium ma-
trix due to the microsegregation [84]. As the Al-Zr binary diagram is peritectic,
Zr segregates at dendrite centers during solidification [87]. As a consequence,
precipitates of Al3Zr phase are inhomogeneously arranged and places with low
density of these particles are more prone to recrystallization. Jia et. al. [88] tried
to eliminate this heterogeneity by homogenization. The applied homogenization
helps to minimize the concentration gradients of Zr, however, it also reduces the
driving force for nucleation of Al3Zr due to elimination of local high concentra-
tion levels of Zr and no such particles are formed. The reduction of solid solution
levels of Mn and Si, whose presence is required for Al3Zr formation, also hinders
their formation. In the same alloy without homogenization treatment, the Al3Zr
particles nucleate heterogeneously and their diameter increases with annealing
time from ∼10 nm to 25 nm. Recrystallization starts around 450 ◦C whereas
in the homogenized sample recrystallization resistance is much lower, first nuclei
form at 350 ◦C.

To enhance homogeneous precipitation of Al3Zr particles and, thus, recrystal-
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lization resistance, Jia et. al. [89] proposed a two-step precipitation annealing for
DC cast Al-Mn-Zr alloy. Firstly, the material is annealed at lower temperature
and then it is held at higher temperature. The higher temperature was chosen
450 ◦C, when the precipitates are known to form even during one-step annealing.
The highest number density of precipitates is formed when the first annealing
is held at 350 ◦C (4 times higher than just annealing at 450 ◦C). However, the
highest recrystallization resistance and coarser recrystallized grains were reported
after annealing at combination 250 ◦C + 450 ◦C. Driving force for precipitation
increases with decreasing temperature; however, at lower temperature the dif-
fusion rate is smaller and precipitation of fully developed Al3Zr is suppressed.
Thus, the fact that the recrystallization resistance was not the highest after the
treatment which gave the highest number of precipitates can be explained by the
formation of smaller zirconium clusters, which are under detection limit, how-
ever, still inhibiting grain boundary motion. Another positive effect of two-step
annealing according to [89] was the improvement of the material strength.

However, Karĺık et. al. [90] reported that microhardness and conductivity
values do not differ for DC cast alloys for one step 450 ◦C and two step 250 ◦C
+ 450 ◦C annealing, even the recrystallization resistance is the same for both
annealing treatments. Nevertheless, the increased conductivity and the decrease
of microhardness during heating from 250 ◦C to 450 ◦C suggest that the solid
solution is depleted and majority of precipitates is formed in this temperature
range.

Jiang et. al. [91] in their work on AA5083 alloy (Al-4.58Mg-0.56Mn-0.08Cr)
with addition of 0.16 wt.% of Zr used two-step homogenization process 400 ◦C/4 h
+ 475 ◦C/24 h to form homogeneous distribution of fine Al3Zr precipitates with
size of 50-100 nm.

The size of metastable cubic Al3Zr varies from less than 10 to 30 nm in average
in dependence of the thermal treatment, alloy composition and microsegregation.
Knipling et. al. [87] showed that in conventionally solidified Al-0.1Zr alloy smaller
precipitates (≤ 10 nm) are homogeneously arranged in the center of the dendrites
whereas interdendritic Al3Zr are heterogeneously distributed with lower number
density and average diameter 25 nm.

In DC cast Al-Mn-Fe-Si alloys with addition of Zr annealed for 2 hours at
450 ◦C [86] the microstructure was stable even at 500 ◦C, in comparison with the
same alloy without Zr, which recrystallized at 420 ◦C.

In Zr-containing alloys iron and silicon support the formation of Al3Zr precip-
itates as they usually nucleate on Fe and Si clusters. Moreover, stability of Al3Zr
is enhanced due to the presence of silicon. Silicon addition to Al-Zr alloy increases
hardness, precipitation rate and suppress discontinuous precipitation [92].

Weiland et. al. [93] discovered, that in Al-Zn alloy with Zr addition Al3Zr
particles pin dislocations and subgrain boundaries and, thus, impede nucleation
of recrystallization; however, in Al-Cu-Mn despite the enhanced recrystallization
resistance, no Al3Zr were detected: they probably impede the recrystallization
by solute drag mechanism.

It has been shown that heating rate is crucial for Al3Zr precipitates formation
[88]. Nes et. al. [86] have reported 5 K/min as a critical heating rate in strip-cast
Al-Mn-Fe-Si-Zr alloys, above which the metastable zirconium particles do not
form during annealing.
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Figure 1.2: Aluminium-zirconium binary phase diagram, from [94].

According to Nes et. al. [86] cold deformation may induce enhanced precipi-
tation at lower temperatures, heterogeneously on dislocations, as they can speed
up diffusion of Zr atoms.

1.5 Chromium

In binary Al-Cr alloys the main three precipitating phases are Θ Al7Cr, η Al11Cr2
and Al4Cr. Equilibrium solubility of chromium in aluminium is 0.38 %; however,
due to the rapid cooling up to 6 % of Cr can retain in solid solution [95]. Several
stages of decomposition of supersaturated solid solution have been described: for-
mation of coherent clusters, continuous precipitation of Cr-rich particles, discon-
tinuous precipitation and disintegration of large Al grains into small crystallites
with Cr atoms segregated to the grain boundaries [95].

Θ phase Al7Cr (also Al13Cr2, Al47Cr7) has monoclinic structure with C2/m
space group and lattice parameters a = 2.5256 nm, b = 0.7582 nm, c = 1.0955 nm,
β = 128.68◦ [96,97]. η Al11Cr2 (also Al5Cr) is monoclinic P2 with a = 1.2880 nm,
b = 0.7652 nm, c = 1.0639 nm, β = 122.33◦ and Al4Cr has monoclinic structure
P2/m with a = 0.8716 nm, b = 2.3946 nm, c = 1.9386 nm, β = 199.33◦ [98].

Besides zirconium, chromium is known to inhibit grain coarsening and delay
recrystallization in aluminium alloys [99]. In 7000 alloys Li et. al. [100] report-
ed, that alloy with addition of Cr exhibits finer intermetallic particles, smaller
average grain size and lower recrystallization resistance than alloy with Zr. Ac-
cording to [101], Cr has quantitatively the same influence on alloy microhardness
as manganese.
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(a) Cubic L12
(b) Tetragonal D023

Figure 1.3: Two possible structures of Al3Zr phase – metastable cubic L12 and
stable tetragonal D023. Al = violet atoms, Zr = green atoms [3].

In ternary Al-Mn-Cr alloys chromium atoms can substitute manganese in Al-
Mn intermetallic phases without change of the crystal structure [102]. Precipita-
tion of Cr-containing particles takes place at similar temperatures as of Mn-rich
phases, but is more sluggish [103]. In more complex alloys Cr occupies Mn and
Fe lattice sites and can form α-phase like Al15(Mn,Fe,Cr)3Si2 [16,24,103–105]. In
alloys from 6000 series chromium increases volume fraction of Fe-bearing particles
and may be beneficial for formability as it promotes α-Al15(Fe,Cr)3Si2 formation
at the expense of β-Al9Fe2Si2 phase [104]. Timelli et. al. [105] reported, that
in AlSi9Cu3Fe alloy addition of chromium leads to higher volume fraction of in-
termetallic compounds, more spread size distribution of these compounds and
higher microhardness.

1.6 Twin-roll casting

Twin-roll casting (TRC) is one of the methods how to cast a metal. Metal or
alloy is melted in a holding furnace and the melt flows through a launder and
a cast box to a nozzle, which directs the melt between two water-cooled rolls
(see Figure 1.4). These rolls are designed to fill both heat exchanger and rolling
function. The metal exiting the nozzle solidifies on the rolls into a strip which
is further work-hardened by the rolls. Strip with thickness around 10 mm and
width approximately 1 m is thus produced (Figure 1.5). It can be reeled on a
coil, which can accommodate up to several tons of material (Figure 1.4).

In comparison with direct-chill casting (DC), twin-roll casting is less demand-
ing on the amount of energy and material used during manufacturing. Thus,
production of strips is more economic. However, the initial microstructure of
the TRC strips shows some differences and has been carefully studied in recent
years [21,25,29,65,66,106,107]; twin-roll cast materials exhibit higher solid solu-
tion supersaturation [34] and inhomogeneous structure within the strip thickness:
grain size and second phase particles distribution are different in the center of the
sheet and near the surface. High solidification rate around 500 ◦C/s results in
microstructure refinement [34], formation of finely distributed primary particles
and high solid solution supersaturation. The sheets can suffer from macrosegre-
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gation in a form of central eutectic segregates or microsegregation which scales
with the dendrites arm spacing [108].

Rapid solidification causes not only the formation of supersaturated solid solu-
tion, but metastable and non-equilibrium solidification structures and precipitates
of metastable alumides can appear in the material.

The initial microstructure of a sheet is influenced by many parameters, for
example:

• casting speed,

• temperature of the melt,

• temperature of cooled rolls,

• lubrication of rolls,

• specific load on rolls,

• chilling speed,

• thickness of the sheet (distance between rolls),

• thickness of the nozzle.

Relationship between dendrite arm spacing d and chilling speed c can be
described with the use of two constants A and n, which are specific for each
material [109]:

d = A · cn. (1.16)

According to Yun et. al. [110] decrease of the specific load at a fixed sheet
thickness is equivalent to increase of casting speed; defect free structure can be
obtained by combination of high specific load and high sheet thickness. Gras [107]
reported that increased load during casting leads to finer structure.

After heat treatment, the size of second phase particles in TRC alloys is
lower and number density higher than in DC (maximum diameter of 1 µm vs.
5 µm, respectively); thus, in TRC materials higher dispersion hardening can be
achieved, softening kinetics is slower and recrystallized grains are coarser.

Near the surface, where the solidification is more rapid and temperature gra-
dient sharper, primary particles are spherical, finely dispersed, aligned in the
rolling direction and solute levels are higher [15]. In the center of the sheet inter-
metallic particles are coarser and ordered in eutectical colonies. Near the surface
the α-particles are rich in iron [15].

If macrosegregation occurs in the center of a sheet. it cannot be reduced
by homogenization; it can only be eliminated by controlling of the solidification
process. It consists of long solute-rich channels running parallel to the rolling di-
rection and exhibits eutectic features [107]. During solidification the sheet freezes
from the surfaces and remaining liquid in the central part shifts its composition
to the eutectic range, where it finally solidifies. Materials with long freezing
range and higher content of alloying elements are more prone to macrosegrega-
tion. Moreover, high cooling rates expand solidification interval and promotes
macrosegregation [108].
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Figure 1.4: Scheme of twin-roll casting and a coil with tons of twin-roll cast
aluminium alloy.

Figure 1.5: Twin-roll casting in factory conditions: pouring of the melt between
the rolls and a freshly solidified sheet.

The central eutectic segregates are not affected by cold-rolling, aluminium
matrix deforms around them.

Grains after TRC can be inclined from the rolls to the center of the strip [8].
Orientation of the long and fine grains near the sheet surface is a result of coupling
between directional solidification and subsequent hot rolling component of twin-
roll casting [107]. In the central part of the foil grains are coarser and elongated
in the rolling direction [15, 30]. Benum et. al. [65] measured the subgrain size in
TRC AlFeSi alloy as 1.8 µm with missorientation 18.9◦ near the surface and 2.5
µm with 8.8◦ in the center.

After recrystallization, the average grain size of twin-roll cast materials is
higher than the grain size of direct-chill cast ones [59] and grains are more elongat-
ed [106]. The softening kinetics in TRC materials is slower than in conventional
ingot-cast ones.
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1.7 Equal channel angular pressing

The production of materials with finer grain size is of great importance, as reduc-
tion of the grain size results generally in a strength increase at lower temperatures
and in a formability enhancement at elevated temperatures. One of the technics
how to refine aluminium alloys are methods of severe plastic deformation (SPD),
which can produce grains smaller than 1 µm by imposing a very high plastic
strain into the material [111]. The most commont SPD techniques are equal
channel angular pressing (ECAP), high pressure torsion (HPT) or accumulative
roll bonding (ARB).

The application of ultrafine-grained materials is connected with the increased
strength of the material. This can be described by a Hall-Petch relation, which
states that the strength of a material increases with decreasing average grain size.
It can be given in the form of equation

σy = σ0 +Kyd
−1/2, (1.17)

where σy is yield stress, d is average grain diameter and σ0 and K0 are coeficients
unique for each material (eg. [60]). They may depend on many parameters like
temperature of deformation, deformation rate and structural parameters of the
material in question. Similar equation may be reformulated for hardness HV
with parameters H0 and KH [58] as

HV = H0 +KHd
−1/2. (1.18)

The slope KH may be increased by dislocation density, solute atoms and fine
partcles in the matrix [58].

1.7.1 ECAP process

Equal channel angular pressing is a method of severe plastic deformation, when
a billet is pressed by a plunger through a special die consisting of two channels
of the same cross section which intersect at an angle Φ (90◦ ≤ Φ < 180◦). The
scheme of ECAP is given in Figure 2.2 on page 46. During the process material
undergoes straining by simple shear [112]. The strain induced in a single pass
through the die depends primary upon the angle Φ and for Φ = 90◦ the shear is
approximatelly 1 [113]. The shape of the billet remains nearly unchanged after
the pressing. The ECAP procedure can be thus repeated several times and the
stored deformation energy can be multiplied, so the required level of strain is
acquired. Consequently, ultrafine-grained material with a high fraction of high
angle grain boundaries is produced.

During the multiple pressing, four basic pressing routes are possible. During
route A material is inserted into the channel with the same orientation for each
pass. When route C is applied, material is rotated by 180◦ along its longitudinal
axis after each pass. Concerning route B where the material is rotated by 90◦,
two variants are possible. In BC rotation is allways +90◦, in BA the rotation angle
alternates between +90◦ after an odd pass and -90◦ after an even pass (eg. [113]).
The rotation changes the operative shear plane and shear direction [112].

Shearing patters which develop during repetitive passages through the ECAP
die are connected with the nature of grain refinement at high strains and are
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influenced by the processing route. Shemes of the shearing patterns are given
in [114]. Route A has two shearing planes intersecting at 90◦ and route C repeats
shearing on the same plane. By contrast, in route BC two shearing directions lie
on planes which intersect at 120◦ – this duality causes subgrain bands to develope
on repetitive pressings along two separate and intersecting sets of planes. This
leads to rapid evolution in the boundary structure into a equiaxed array of high
angle boundaries. Thus, route BC is considered to be the preferable route for
ECAP processing [114].

A number of processing parameters can affect the grain refinement during
ECAP, mainly the number of passes, processing route, the channel intersec-
tion angle Φ, pressing speed, processing temperature and internal heating during
ECAP [115].

The importance of ECAP technique is the possibility to apply it to large
bulk materials. Moreover, no residual porosity forms in the materials. Thus, it
provides potential for structural and functional applications [115,116].

Turba et. al. [117] focused on the microhardenss distribution along an ECAPed
billet. At more than 10 mm from the edges of the billet microhardness values
were lower than in the bulk – so called deformation dead zone. This area may
exhibit different mechanical properties and microstructure than the bulk part of
the billet.

1.7.2 Pure aluminium

Iwahashi et al. [111] studied ECAP of commertially pure aluminium at room
temperature by routes A and C. After a single passage throuhg the die, the grain
size is substantially reduced and the microstructure consists of parallel bands
of subgrains and the grains have low angle of misorrientation. These bands are
formed essentially paralel to the top and bottom edges of the pressed sample.
With increasing strain the subgrains gradually break up. The elongated nature of
grains persists up to six passes. During pressing by route C, the grain elongation
is apparent up to three passes, after four passes on the microstructure is more
homogeneous. The evolution of the grain size during pressing is similar for both
routes.

The subgrain boundaries evolves into high angle grain boundaries due to accu-
mulation of the dislocations introduced by the pressing process, giving ultimately
equiaxed microstructure with an average grain size in the order of 1 µm. The
evolution is less rapid when pressing route A is used.

In further work [114] also the pressing by the route BC was studied. The
subgrain band structure is evident after two pressings; however, after three and
four pressings the grain structure appears reasonably equiaxed. The boundary
misorientation is higher than in any microstructure produced by route A. High
angle grain boundaries are established more rapidly than by routes A and C.
Two passes by route BC lead to developement of two distinct and intersecting
subgrain bands, each lying at approximatelly 45◦ to the top and bottom surfaces
of the sample. The boundary structure evolves more rapidly into equiaxed array
of HAGB during the route BC .
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1.7.3 Aluminium alloys

At ultra-high strains a steady-state grain size may be reached that limits the
achivable level of grain refinement. This limit is controlled by the mobility of
low and high angle grain boundaries. With increasing strain dynamic recovery
takes place, which diasables the grain size reduction [37]. To decrease the limiting
grain size and allow increase in strength, secondary particles, which effectively
pin grain boundaries, can be introduced into the material. Presence of alloying
elements in solid solution can reduce the recovery rate and promote additional
grain refinement [118].

Horita et. al. [116] studied several aluminium alloys after ECAP by route BC

at room temperature. Firstly, the influence of the sample size was evaluated and
no difference was shown regarding compression tests and grain sizes observed in
TEM. The microstructures of all studied alloys after ECAP consists of grains
with size below 1 µm which are separated by HAGB. Also many dislocations are
observed within the grains, which indicates that the microstructures are in a high
energy and non-equilibrium state. The grain size is the highest for the alloy with
the lowest amount of alloying elements - AA1100.

The 0.2 % proof stress increases with an increase of imposed strain; howev-
er, the increase is significant only after the first pressing. With further increase
of strain the proof stress rises only moderately. The elongation to failure ex-
hibits behaviour with opposite trend than the proof stress – large drop after first
ECAP pass and then a plateau. The proof stress increased with the content of
magnesium in the alloy.

Processing at elevated temperature leads to increase of the average grain size,
whereas the fraction of high angle grain boundaries shows the opposite trend due
to faster recovery and associated decrease in the number of dislocations absorbed
into subgrain walls [115,119].

According to Khakbaz et. al. [36] in dispersoid containing alloy average mis-
orientation of formed cells increases more rapidly with increasing strain during
severe plastic deformation, so that the rate of strength improvement increases
and high strength can be obtained by fewer SPD passes. On the other hand, dis-
persoids can expedite dynamic recovery and, thus, cease the rate of mechanical
properties enhancement.

Microstructure evolution during ECAP is also determined by chemistry of
the alloy and by presence of second phase particles in the matrix before ECAP.
Sabirov in his work [115] summarized that grain refinement process can be ac-
compained by dynamic aging – precipitation of secondary particles, their dissolu-
tion, breaking into smaller fragments, improvement in the particle distribution in
the matrix or complete elimination of the as-cast dendritic microstructure. The
presence of fine non-shearable dispersoids homogenizes slip, retards formation
of cellular substructure and inhibits developement of microshear bands during
ECAP in Al-Sc alloy.

Nikulin et. al [41] found out, that in 1561 alloy after one ECAP pass at 300 ◦C
extended low angle grain boundaries form within interior of the original grains.
The deformation bands contain high dislocation density and are subdivided by
dislocation walls in transverse direction, which leads to formation of highly elon-
gated subgrains with average misorientation of deformation-induced boundaries
∼3◦. Chains of recrystallized grains evolve along separate initial boundaries. Af-
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ter four ECAP passes the average dislocation density in deformation bands is
∼1.5×1014 m−2; in the newly recrystallized grains, which are highly misoriented
to each other, the dislocation density is ∼5×1013 m−2. The formation of uni-
form UFG microstructure is almost complete after 12 passes in the alloy with
Al6Mn particles of size ∼25 nm. In the alloy with larger second phase particles
(∼150 nm) the dislocation overall density is lower and deformation bands are
larger. After 4 passes three types of grains are present – coarse recrystallized
grains free of lattice dislocations, lamellar grains subdivided by low angle grain
boundaries and, finally, fine recrystallized grains with moderate number of lat-
tice dislocations. Concerning the size of second phase particles, the fine Al6Mn
particles promote extensive grain refinement by pinning the grains (Zener drag)
while the corser particles induce an inhomogeneous structure. In the second case
the pinning force from the particles is low and abnormal grain growth leads to
bimodal structure.

Naizabekov [120] observed in AlSiMnFe alloy that after ECAP (with partial
back pressure) the shape and size of larger particles (∼1 µm) do not vary; however,
the total density of particles in the aluminium matrix increases due to dynamic
aging caused by plastic deformation. Particles are situated both on the grain
boundaries and in the grain interior. The grain size after ECAP decreases with
the number of particles in the alloy.

Ning et. al. [121] studied alloys AA5083 with and without addition of zirco-
nium, treated by two-step homogenization 400 ◦C/4 h and 475 ◦C/24 h. After
six ECAP passes at 350 ◦C by route C the ultimate strength is higher in the
alloy with Zr, the total elongating is comparable for both alloys; moreover, it is
substantially higher for ECAPed materials than for the hot-extruded ones. The
present Al3Zr precipitates efficiently pin motion of dislocations. These precip-
itates can inhibit recovery during hot deformation and also have precipitation
hardening effect leading to enhanced strenghtening. Six ECAP passes allow for-
mation of homogeneous distribution of equiaxed fine grains with average grain
size 1 µm with predominant presence of high angle grain boundaries. The aver-
age grain size in the alloy without Zr reaches 2 µm, as the rate of recovery is not
reduced by Al3Zr precipitates. The finer grains in the Zr-alloy result in a high-
er strenght which is in accordance with Hall-Petch equation 1.17. The enhanced
tensile elongation in comparison with extruded materials can be attributed to the
homogeneous distribution of fine grains with high angle grain boundaries. Then
the strain distributes homogeneously during tensile deformation and the stress
localization is delayed.

Another effect of Al3Zr was revealed by Ning et. al. [122] in the microstruc-
tures of alloys ECAPed at 350 ◦C by route BC concerning the treatment right
after ECAP. In the alloy without Zr the microstructure after air cooling consists
of smaller subgrains in comparison with the microstructure after water quench-
ing. The density of dislocations descreases via static recovery during air cooling,
some small grains undergo static recrystallization. On the other hand, the mi-
crostructeres in the Zr-containing alloy are similar after both water quenching
and air cooling. The microstructure during air cooling remains stable due to pin-
ning effect of Al3Zr particles, which inhibit static recovery and recrystallization.
The strength is slightly higher for the Zr-containing alloy due to precipitation
strenghtening.
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1.7.4 Annealing

After ECAP processing the grains are in non-equilibrium state and the grain
boundary energy is increased. Due to very high fraction of HAGB already present
in the deformed state, annealing leads to recovery and uniform grain growth
or continous recrystallization rather than discontinous recrystallization. Non-
equilibrium grain boundaries display grain growth at low temperatures as low
activation energy is necessary for their migration.

For some applications it is required that the ultrafine-grained structure re-
mains stable at high temperatures. Kang et. al. in their work [76] summarized
that, generally, recovery and recrystallization are driven by reduction of dislo-
cation density and grain boundary area. Continuous recrystallization consists
of recovery and normal grain growth, the increase of average grain size is slow.
During discontinous recrystallization the grain growth is discontinous and rapid.
The type of recrystallization depends mainly on size, orientation and mobility of
grains. In the case of ideal ultrafine-grained materials, the grains are strain-free
and surrounded by HAGB. Continous recrystallization is frequently observed.
However, continuous recrystallization may be inhibited e.g. by second phase par-
ticles or strong texture and discontinuous process takes place.

The temperature, at which the grain coarsening starts, depends on the amount
of deformation energy stored during ECAP, which is higher when the ECAP
processing is conducted at lower temperatures.

Recrystallization after continuous confined strip shearing – combination of
rolling and ECAP was studied by Kang et. al. [76]. After twelve passes the driv-
ing force for grain growth is much higher than after two passes, as the mobility
of HAGB is notably higher than of LAGB. Nonetheless, the material after twelve
passes reveals higher resistance against discontinuous coarsening and, thus, bet-
ter thermal stability during annealing at 300 ◦C and 350 ◦C. In this material,
during early stages of annealing, the remaining LAGB are removed and the grain
size does not vary very much. Thus, microstructure stable against coarsening is
formed. In the material after two passes the fraction of LAGB is much higher and
grain size distribution is broader, the cells or subgrains comprise high dislocation
density, so the regular discontinuous process of nucleation and growth prevails.
To study more deeply the thermal stability after twelve passes, materials were
subjected to two-stage annealing. After 24 hours at 300 ◦C the dislocation debris
are removed and at further annealing at 400 ◦C the grain growth is very slow
and only slight coarsening proceeds continuously. This observation confirms the
fact, that well-defined uniform cell structure is a prerequisite for stability against
coarsening.

Jiang et. al. [91] studied the microstructure evolution of ECAPed Al-Mg-Mn
alloy during annealing. After 6 ECAP passes at 350 ◦C by route BC the average
subgrain size is 2.5 and 1.5 µm and grain size 9.4 and 4.4 µm in longitudal and
transversal direction, respectively. The ratio of HAGB is 48 %. After annealing
for 1 hour at 400 ◦C the grain size remains the same, the HAGB ratio increases.
Annealing at 450 ◦C leads to increase of subgrain size to 43 and 22 µm and grain
size 49 and 30 µm in LD and TD, respectively. The ratio of HAGB is 63 % and
the average misorientation 32◦. At 425 ◦C the grain structure is bimodal due
to abnormal grain growth or secondary recrystallization. As during annealing
dislocation density is reduced and internal stresses are relaxed, the strength of
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the material decreases and the elongation increases.

The influence of Al3Zr particles on the microstructure of ECAPed aluminium
alloy during annealing was described by Ning et. al. [122]. After annealing at
410 ◦C for 1 hour only slight grain growth was observed in the Zr alloy – from 1.6
to 3.7 µm. In the Zr-free alloy abnormal grain growth takes place; due to inho-
mogeneous distribution of dispersed particles the grain distribution is bimodal.
After annealing at 460 ◦C the average grain size reaches the value comparable
with the one before ECAP: ∼180 µm. This is accompained by dramatic decrease
in tensile strenght.

Málek et. al. [68] studied the role of homogenization 610 ◦C/18 hours on
the microstructure of Al-Mn-Sc-Zr alloy after ECAP. The strength of the non-
homogenized alloy is higher due to lower size of the strenghtening particles.
The microhardness of this material is also slightly higher. After annealing at
400 ◦C/30 min the HAGB are more developed in comparison with the as-ECAPed
state. However, the low angle grain boundaries are still present. The present
Al3(ScxZr1−x) particles are attributed for the grain stability.

In AA7075 alloy with Zr and Sc addition studied by Turba et. al. [117] after
annealing at 350 ◦C for one hour, the microstructure is homogeneous with sub-
micrometer grain size. However, bands of coarsened grains emerge in a small
part of the volume. After annealing to 450 ◦C pronounced coarsening to ∼10 µm
appears, although regions with sub-micrometer grains are still present in the
matrix. When compared with a similar alloy without Zr and Sc addition [123]
which is stable only up to 300 ◦C, the stability is attributed again to the addition
of Zr and Sc.

1.7.5 Superplasticity

Superplasticity is an ability to exhibit very high uniform elongation (hundreds
of %) without failure. Superplasticity can be characterized by strain rate sensi-
tivity parameter m, which is defined as

m =
δ log σ

δ log ε̇
, (1.19)

where σ represents the true stress and ε̇ the true strain rate. For superplastic
behaviour m ≥ 0.3.

Numerous aluminium alloys exhibit superplastic behaviour at elevated tem-
perature (≥ 0.4 Tm – melting temperature) and relatively low strain rates (10−4-
10−3 s−1), if their average grain size is lower than 10 µm. With further reduction
of the grain size, region of superplasticity can be displaced to lower temperatures
or higher strain rates [118, 119]. Therefore, fabrication of alloys with grain size
below 1 µm is of a great interest. Main advantage of superplastic forming is the
possibility to produce components with a complex shape and uniform thickness
in one operation.

Grain boundary sliding of HAGB is the main deformation process during
superplastic forming. Thus, to achieve superplastic behaviour, the grain growth
has to be supressed as high fraction of high angle grain boundaries have to be
retained at temperatures of superplastic forming.
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Málek et. al. [119] showed that after superplastic straining in Al-Mg-Sc-Zr
alloy after 8 ECAP passes, the grains remain nearly equiaxed, as the grain bound-
ary sliding is acompained by grain rotations with no orientation relationship to
the sample and with a small contribution of dislocation slip in the grain interior.
The maximum displacements are close to the grain size – 1-2 µm. In AA7075-Sc-
Zr alloy the superplastic characteristics are lost at higher temperatures because
of grain coarsening. Moreover, the coarse particles at grain boundaries can re-
tard boundary sliding and serve as preferential spots for cavity nucleation. Such
particles inhibit superplastic behaviour in AA7075-Sc-Zr and Al-Mn-Sc-Zr alloys.

In AA7075-Sc-Zr alloy studied in [117] the strain rate sensitivity parameter
decreases and its maximum shifts to lower strain rates by two orders in magnitude,
when the temperature of testing is increased from 350 ◦C to 450 ◦C. This is
attributed to the grain coarsening.

Dám at. el. [118] studied Al-Mg-Sc alloy where they observed during in-situ
TEM straining dislocation anihilation without significant grain coarsening due to
the Al3Sc precipitates. The LAGB migrate during loading and, thus, change the
shape and misorientation of the subgrains; HAGB remain fixed at positions.

Before superplastic deformation, it is usually necessary to temper the spec-
imen at relatively high temperature before the straining starts [118]. The an-
nealing leads to dynamic structural changes as dislocation anihilation, subgrain
boundary motion, moderate grain growth or eventually recrystallization. Sub-
grain boundaries are observed to migrate to form stable structure of equiaxed
grains. Such changes may affect the quantification of superplastic deformation.
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2. Materials

2.1 Studied materials

Three materials based on aluminium alloy AA3003 were studied. Material C412
as a reference, C470 with addition of zirconium and C471 with zirconium and
chromium. Detailed composition is given in Table 2.1.

Materials were prepared by twin-roll casting (see section 1.6 on page 34 for
details) in industrial conditions to strips with thickness of 8 mm (normal direction
– ND), width aproximatelly 1 m (transversal direction – TD) and length of several
km (rolling direction – RD). The descripition of the foil directions can be found in
Figure 2.1. Furthermore, the thickness of the cast foils was reduced by cold-rolling
in several steps to 5 and 1 mm.

All materials were cast and cold-rolled in AL INVEST Břidličná, a.s.
For further refference letters A-I were assigned to all materials according to the

type of the alloy and to the foil thickness. The assignment is given in Table 2.2.

2.2 Equal channel angular pressing

In the third experimental part of the work twin-roll cast materials were subjected
to severe plastic deformation by equal channel angular pressing.

The ECAP was undertaken with pressing speed 10 mm/min. The route BC

was applied, when the sample is rotated by 90◦ around its axis (parallel to rolling
direction of the foil) after each pass. The cross-section of the ECAP channels was
10×10 mm2 and the intersection angle of the channels was Φ = 90◦. Materials
were subjected to 1, 2, 4 and 8 passes at room temperature. The orientation
of the TRC foil before and after an ECAP pass is depicted in Figure 2.2. It
varies for odd and even passes. The dimensions of the samples before ECAP
were 120 mm in RD, 10 mm v TD and 8.5 mm in ND (which is the thickness
of the foil after TRC). After the first pass the samples were compactized to have
crossection 10×10 mm2 in both TD and ND.

Table 2.1: Composition of studied materials C412, C470 and C471 in wt.% (only
the main alloying elements).

Al Mn Fe Si Cu Zr Cr

C412 97.5779 1.00743 0.55754 0.59806 0.14571 0.00149 0.00142
C470 97.6540 1.02449 0.22783 0.58164 0.16209 0.16305 0.00160
C471 97.6863 1.02373 0.19671 0.53209 0.15264 0.16545 0.07491
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Table 2.2: Asignment of abbrevation letters to the studied materials according
to the alloy and foil thickness.

8 mm 5 mm 1 mm

C412 A B C
C470 D E F
C471 G H I

Figure 2.1: Directions used to describe twin-roll cast foils: rolling direction RD
parallel with the direction of casting, transversal direction TD and normal direc-
tion ND perpendicular to the foil surface.

Figure 2.2: Directions of the samples before and after ECAP. The pressing di-
rection is parallel with the rolling direction, the normal direction and transversal
direction alternate for even and odd passes. The scheme is for an odd pass.
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3. Experimental

Several experimental techniques were used to investigate microstructure (light
optical microscopy – LOM, transmission electron microscopy – TEM and scanning
electron microscopy – SEM), mechanical properties and phase transformations
(electrical resistivity, differential thermal analysis – DTA, Vickers microhardness
and tensile testing and).

For mechanical testing and microscopy observations samples were cut by elec-
trical saw Accutom-50, brushed on SiC brushing papers and polished with dia-
mond suspensions.

Usually the observations and measurements were done at the plane perpen-
dicular to transversal direction.

3.1 Heat treatment

To monitor evolution of microstructure and properties of the materials during
heat treatment, samples were annealed in air furnaces at different temperatures
for miscellaneous times. Three main heating schemes were used:

• Isochronal annealing

• Isothermal annealing

• Gradual heating

The scheme of isochronal annealing is given in Figure 3.1. Sample is inserted into
furnace preheated to required temperature for a defined time period. Afterwards
the sample is quenched into cold water. The furnace temperature is increased by
a required step and the sample is annealed again for the same time period. This
procedure repeats up to the highest temperature of interest.

During isothermal annealing the furnace is preheated to a given temperature.
The sample is held in the furnace for different time intervals and at the end of
each interval the sample is quenched into cold water.

Gradual heating is applied when the temperature in the furnace is lineary
increasing with a given rate, for example 5 K/min. The samples can be quenched
just after reaching the final temperature or held at this temperature for a desired
period of time. Another possibility for gradual heating is in differential scanning
calorimeter (DSC), where the heating scheme is set up by a computer. In this
work calorimetr DSC 404C from Netzsch was used.

3.2 Electrical resistivity

Measuring of electrical conductivity or resistivity can provide us information
about solid solution decomposition via precipitation or phase transformation or
enrichment of solid solution via dissolution of dispersoids during heat treatment.
Resistivity annealing spectra is negative normalized differentiation of resistivi-
ty changes during annealing. Peaks then represent precipitation and valleys are
connected with particles dissolution (e.g. [26]).
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Figure 3.1: Time scheme of isochronal annealing with increasing annealing tem-
peratures.

Table 3.1: Dimensions of the samples for resistivity measurements in the rolling
direction, normal direction and transversal direction, in [mm].

Foil thickness RD ND TD

8 mm 100 8.5 1.2
5 mm 100 4.6 2.5
1 mm 100 1 10

ECAP – 10 mm 100 10 1

Four point measurement [124] was used with a dummy specimen in series and
applied current was 0.5 A or 0.2 A.

In order to measure the evolution of resistivity, samples were isochronally
annealed with step 20 K/20 min from room temperature (RT) to 620 ◦C. All
measurements were undertaken in a bath of liquid nitrogen to minimalize the
temperature dependent part of the resistivity.

For each sample and each temperature, resistance R of the material was ob-
tained via measurement of electrical current I and voltage U . From the recieved
values resistivity annealing spectra was calculated. It is a negative normalized
derivation of resistivity ρ with respect to the temperature T :

− 1

ρ0

dρ

dT
. (3.1)

Normalization was done with the respect to the value before annealing ρ0.
The materials were cut into a shape of a strip and electrical contacts were

realized at the ends (H-shape depicted in Figure 3.2a). The length of the strips
was approximatelly 100 mm, the size in ND was given by the thickness of the
foil and the size in TD was choosen in accordance with the foil thickness so as
the cross section was the same for all the thicknesses. Specimens dimensions are
displayed in Table 3.1.

3.3 Differential thermal analysis

During differential thermal analysis (DTA) studied material is placed into a holder
equipped with thermocouple. Sample undergoes thermal cycle and temperature
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(a) Resistivity measurement (b) Vickers microhardness

Figure 3.2: H-shape specimen for resistivity measurement with contacts for mea-
surement of electrical current (ampermeter A) and voltage (voltmerer V) and
example of microhardness indent with evaluation of the trace dimensions and
final value of HV .

Figure 3.3: As-cast material, positions for cutting the cylinder for DTA: blue
circle for center of the foil, red circle for the edge.

difference between studied sample and inert reference is recorded. Endothermic
and exothermic changes related to phase transformations are detected, thus, DTA
can be used to detect temperature region of precipitation.

For all measurements of DTA in SETARAM SETSYS 16/18 apparatus the
specimens had a cylindrical shape with diameter 3.8 mm. Firstly, the heating rate
10 K/min was employed. To ensure similar weight of all samples (approximately
25 mg) the thickness of the cylinders was 1 mm, to match size of material cold-
rolled to 1 mm. The axes of the cylinders were in ND for as-cast material, in the
RD for material cold-rolled to 5 mm and, finally, in TD for 1 mm foils. From 8
and 5 mm foils the cylinders were cut from the central part of the thickness.

In order to obtain stronger signal, heating rate 5 K/min was applied at bigger
samples. Cylinders with thickness 5 mm and mass approximately 130 mg were
cut from 8 and 5 mm foils. Two samples came from each as-cast material: one
from the center and one from the edge, see Figure 3.3. As for materials cold-rolled
to 1 mm, more pieces were cumulated to obtain higher mass.

To move closer to real manufacturing conditions, specimen cold-rolled to 5 mm
was subjected to heat treatment with heating rate 1 K/min.
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3.4 Microhardness

To evaluate mechanical properties of the materials Vickers microhardness (HV)
method was used. During the measurement an indent with pyramidal shape is
applied on the material with a force F for a time t and the dimensions of the
indets trace are measured. The value of the microhardness HV can be expressed
as

HV = 0.189 · F
d2

(3.2)

where d represents the length of the diagonals of the indents trace (Figure 3.2b).
In this work the load of F = 100 g for t = 10 s was used on microhardness

testers Leco M-400-A Hardness Tester and QNess 10A+. The second one allows
automatic measurement and mapping.

For microhradness measurements the samples were brushed by SiC brushing
papers and polished by diamond suspension.

3.5 Tensile tests

For tensile testing the specimens were cut to length of 40 mm in RD and thickness
1 mm in TD and then were milled to a dog-bone shape. The tensile tests were
undertaken at room temperature at INSTRON 5882 with strain rate 10−3 s−1,
which corresponds to cross head speed 1 mm/min. Measurements for superplas-
ticity were undertaken at elevated temperatures from 350 ◦C to 450 ◦C with
various strain rates.

3.6 Light optical microscopy

Light optical microscops Olympus PMG3 and Olympus GX51 were used to mo-
nitor evolution of primary particles distribution and grain sizes. For observation
of particles in plain light polished samples were etched with water solution of
0.5 % HF for 10 s. Grains were observed in polarized light after electrolytical
oxidation in � 35 % HBO4 solution (Barker solution) for 3 minutes at 20 V.
Micrographs were taken in the plane perpendicular to the transversal direction.

3.7 Scanning electron microscopy

Scanning electron microscope provides information about surface layer of studied
materials. The electron beam is issued from an electron gun and interacts with
the sample. By detecting the secondary electrons (SE) emited from the sample
we can obtain surface morphology. Thanks to the back-scattered electrons (BSE)
chemical contrast is revealed. The higher is the atomic number of an element the
more electrons are scattered by this element. Due to this phenomena phases with
higher average atomic mass appear lighter.

By detection of difracted back-scattered electrons (EBSD) the orientation of
the matrix can be determined. The diffracted electrons form Kikuchi pattern on
a phosphor screen, which is captured by CCD camera. By Hough transformation
the orientation of each element of the sample surface is determined. The grain
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boudaries are calculated from misorientation between each two points. High angle
grain boundaries are considered for points with missorientation higher than 15◦,
low angle grain boundaries are between 5◦ and 15◦. Another possibility of EBSD
is the capability to dictinct different crystalographic phases.

Energy-dispersive X-ray spectroscopy (EDS) helps to evaluate which elements
are present in the investigated area of our material by detecting energies of X-rays
emited from the material. These energies are characteristic for each element. By
comparing relative intensity of signal for each energy the ratio of elements can be
obtained.

In this work BSE was used to depict the structure of different phases, EDS
to characterize elements contained in them and EBSD to monitor grain size and
phases distribution. Microscopes LEO 435VP and FEI Quanta FEG 200 were
used.

For BSE and EDS the samples were brushed and polished with diamond
suspension, for EBSD they were futher polished by Masterprep (for determination
of crystallographic phases) or electrolytically polished by � 33 % nitridic acid in
methanol at -19 ◦C with 15 V for 10 s in LectroPol 5.

3.8 Transmission electron microscopy

In this work transmission electron microscope JEOL JEM 2000FX with accel-
erating voltage 200 kV was utilized to monitor microstructure and its evolution
in all studied materials. Observations in bright field (BF), dark field (DF) and
electron diffraction (SAED) were applied.

This microscope is equipped with aparature AM-SHU2 for in-situ heating,
which enables observations at different temperatures.

The foils for observation in TEM were thinned by brushing papers to 0.15 mm
and electrolytically etched at Tenupol-2 or Tenupol-5 by � 33 % nitridic acid in
methanol at -19 ◦C with 15 V and 200 mA.
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Part II

Material characterization
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4. Electrical Resistivity

Firstly, electrical resistivity of all material was measured to evaluate the tempera-
ture ranges of major changes in microstructure. For the measurement all samples
were isochronally annealed with step 20 K/20 min from RT to 620 ◦C.

The resistivity annealing spectra are shown in Figure 4.1. All materials exhib-
ited two local maxima which corresponded to precipitation, one of them was more
pronounced than the other. No substantial differences were observed between the
three different alloys for thicknesses 8 and 5 mm. In the Zr-free material after
cold-rolling to 1 mm the first peak in possitive values in resistivity spectra started
at lower temperature and reached lower maximal value. However, the area under
the precipitation peaks was the same for all three 1 mm materials.

The temperature of the main precipitation shifted to lower temperatures with
rolling. Higher stored deformation energy and higher dislocation density led to
higher driving force for precipitation. In the cold-rolled materials, first region
of precipitation was more pronounced than the second one, as opposed to the
as-cast materials, where the main region of precipitation was detected at higher
temperatures. Temperatures of the maxima were summarized in Figure 4.2.

All materials exhibited a global minimum at 580 ◦C. This was the temperature
of main dissolution of precipitates back to the solid solution.

55



-800

-600

-400

-200

 0

 200

 400

 600

 800

 1000

 0  100  200  300  400  500  600  700

-1
/ρ
0 

dρ
/d

T
 [

K
-1

]

Temperature of annealing [°C]

A
B
C

(a) C412

-800
-600
-400
-200

 0
 200
 400
 600
 800

 1000
 1200

 0  100  200  300  400  500  600  700

-1
/ρ
0 

dρ
/d

T
 [

K
-1

]

Temperature of annealing [°C]

D
E
F

(b) C470

-1000
-800
-600
-400
-200

 0
 200
 400
 600
 800

 1000
 1200

 0  100  200  300  400  500  600  700

-1
/ρ
0 

dρ
/d

T
 [

K
-1

]

Temperature of annealing [°C]

G
H
I

(c) C471

-800

-600

-400

-200

 0

 200

 400

 600

 0  100  200  300  400  500  600  700

-1
/ρ
0 

dρ
/d

T
 [

K
-1

]

Temperature of annealing [°C]

C
F
I

(d) Cold-rolled 1 mm

Figure 4.1: Resistivity annealing spectra of all materials for different foil thick-
nesses and comparison of materials after cold-rolling to 1 mm.
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Figure 4.2: Temperatures of start and maxima of precipitaion peaks in resistivity
annealing spectra.
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5. Differential thermal analysis

Differential thermal analysis was measured on all materials at three different
heating rates in order to detect temperature intervals of phase transformatios
and to evaluate the role of the heating rate. These results were compared with
measurement of electrical resistivity.

5.1 Heating rate 10 K/min

During heating with rate 10 K/min small peaks were detected in the course of
the first cycle at high temperatures of the spectra. These did not occur during
second cycle and were thus attributed to precipitation or phase transformation
processes.

The temperatures of start and maximum of transformations were lower for
cold-rolled materials as compared to the as-cast state. The influence of composi-
tion was hard to evaluate because of low signals, the temperatures of precipitation
did not vary significantly. Obtained values were plotted in Figure 5.1a.

5.2 Heating rate 5 K/min

Thanks to higher mass of the samples the peaks in DTA spectra around 450 ◦C
were more pronounced during heating with rate 5 K/min. In all materials the
main precipitation started earlier in foils cold-rolled to 5 and 1 mm. The edge of
as-cast materials followed and the precipitation started in the center of as-cast
materials at even higher temperatures.

The differences between materials were not very significant. The precipitation
started earlier in material C412 without Zr and Cr, but it reached its maximum
at the same temperatures as materials with Zr and Cr, see Figure 5.1b.

In all materials one smaller peak occurred at lower temperatures around
350 ◦C. This was probably due to another precipitation reaction preceding the
one detected also for samples with lower mass (during heating 10 K/min). Its
presence was in agreement with resistivity measurements (see page 56). However,
evolution of its position as a function of foil thickness showed a different trend
as compared to the major peak. The precipitation temperature was now the
same both for the edge and center of the as-cast materials. Its position shifted
to lower temperatures with cold-rolling to 5 mm and reached even lower values
at thickness of 1 mm. The only significant difference between materials could
be recognized at 1 mm samples, where the peak temperature of material C412
without Zr and Cr was by 30 ◦C lower than in material C470 with Zr.

The shift of precipitation to lower temperatures after cold-rolling can be at-
tributed to higher density of dislocations introduced to the material during defor-
mation. Dislocations then can serve as preferable nucleation sites for precipitation
and they accelerate precipitation kinetics. This phenomenon would clarify earlier
onset of precipitation in 1 mm foils.
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Figure 5.1: Temperatures of start and maximum of precipitation peaks during
heating with rate 10 K/min and of first small maximum (peak1), local minimum
(start) and major maximum (peak2) in DTA spectra during heating with rate
5 K/min in different materials.

5.3 Heating rate 1 K/min

Signal during heat treatment with heating rate 1 K/min was less pronounced than
the one from heating rate 5 K/min. Only one precipitation peak was distinguish-
able; in materials cold-rolled to 5 mm it started at 355 ◦C and reaches maximum
around 385 ◦C, which was by 50 ◦C lower than for heating rate 5 K/min.

5.4 Influence of heating rate

As for the influence of the heating rate on the temperature of the transformations,
only a moderate shift of the precipitation to lower temperatures was recogniz-
able in cold-rolled samples, mainly in those with thickness 1 mm. For detailed
information see Figure 5.2a. This would be in correspondence with literature,
transformations can start at lower temperatures when treated with lower heating
rates, e.g. [26]. The inhomogeneity of the shift for different materials (e.g. in
the as-cast state of material C471 the temperature of the main peak was higher
for heating rate 5 K/min) was attributed to the difficulties with evaluating the
peak position in the case of heating rate 10 K/min; the peaks were not enough
pronounced to distinguish easily their maximum.

If we take into account the heating rate 1 K/min, the shift of precipitation to
lower temperatures will be more significant.

5.5 DTA vs. electrical resistivity

Both DTA and electrical resistivity measurements gave us information about
precipitation processes in the material. For measurement of electrical resistivity
samples were isochronally annealed with step 20 K/20 min. In the as-cast foils
minor transformation was detected at temperatures around 400 ◦C and major one
at 450 ◦C. In the cold-rolled foils the magnitude of transformations was opposite:
major peak occurred at lower temperatures around 390 ◦C and minor one around
450 ◦C. Peak in negative values at 570 ◦C was detected in all materials.
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Figure 5.2: (a) Influence of heating rate on temperature of major precipitation
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(peak2) in DTA spectra during heating with rate 5 K/min compared with peaks
in resistivity annealing spectra. Peaks at higher temperatures were in accordance;
first peaks show discrepancy.
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Figure 5.3: Comparison of DTA and resistivity annealing spectra for as-cast
material C470, edge and central part. Only temperature of the second peak was
in agreement, temperature of the first peak was lower in DTA.

As for difference between DTA and resistivity spectra, the temperatures of
second precipitation were in good agreement (Figure 5.2b). For as-cast state the
temperatures in resistivity annealing spectra corresponded to the edge part of the
foil, temperature for central part was higher (Fig. 5.3).

Temperatures of the first precipitation peaks showed a discrepancy: the posi-
tion of the peak for the as-cast materials was around 360 ◦C for DTA and 400 ◦C
for resistivity. However, it exhibited the same trade concerning the decrease of
the temperature with increasing cold-rolling deformation.

Furthermore, the magnitude of the peaks for cold-rolled specimens was re-
versed: in DTA spectra the second peak was higher whereas in resistivity spectra
the first one prevailed (see Figure 5.3). This disagreement may be caused by the
difference in applied heat treatment: isochronal step annealing may not repro-
duce what happens during industrial heat treatment which was a continuous one
like in DTA.

The heating rate of the measurements was different too, 1 K/min for resistivity
(20 K/20 min respectively) and 5 or 10 K/min for DTA.
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6. Vickers Microhardness

6.1 Initial states

The distribution of Vickers microhardness values of the as-cast materials was
measured (see Fig. 6.2). In planes perpendicular rolling and transversal direction
the HV was slightly higher near the surface of the foil. In some regions, there was
a high HV value in the central part of the foil. The microhardness was comparable
for both planes and was slihtly higher in materials with Zr – C470 and C471.

6.2 Isochronal annealing

Concerning heat treatment, specimens for microhardness measurements were
treated in the same manner as for resistivity measurements – isochronal annealing
20 K/20 min from RT to 620 ◦C. The results are shown in Figure 6.3.

Cold-rolled materials exhibited higher values of microhardness as compared
to the as-cast states, which corresponded to the deformation hardening thanks to
higher dislocation density. The highest HV value at RT was observed in material
C471 with addition of both Zr and Cr for all thicknesses. During annealing its
value was sometimes exceeded by HV of material C470 with addition of only Zr.
The HV of alloy C412 without Zr and Cr remained the lowest during all annealing
steps as compared to the other materials with corresponding thickness.

The HV of the as-cast states did not change significantly during the heat treat-
ment. As for the materials C470 and C471 with additional elements, increase in
hardness by 20 % was observed at high temperatures, the maximum was locat-
ed at 520 ◦C. The HV of cold-rolled materials slowly droped during annealing
due to recovery and a significant drop occured at high temperatures, earlier for
materials with higher stored deformation energy – cold-rolled to 1 mm. Such
pronounced drop is known to be connected with recrystallization (e.g [66, 67]).
The temperatures of start and end of recrystallization are plotted in Figure 6.1.

Material C412 without Zr addition and cold-rolled to 1 mm was the first one
to recrystallize.
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Figure 6.1: Temperatures of start and end of recrystallization of cold-rolled ma-
terials from microhardness measurement.
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Figure 6.2: Vickers microhardness of as-cast material C470 in plane perpendicular
to RD; ND was vertical.
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Figure 6.3: Microhardness evolution during isochronal annealing 20 K/20 min of
all materials and comparison of foils cold-rolled to 1 mm.
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7. Light optical microscopy

7.1 Phases

Samples observed by the light optical microscope were the initial states (as-
cast and cold-rolled) and samples isochronally annealed to 620 ◦C with step
20 K/20 min. The micrographs were taken in the plane perpendicular to TD.

As-cast

Bands of macro-segregated eutectic colonies were observed in materials with Zr
(and Cr) additions – C470 and C471, both in as-cast and annealed states. They
were positioned mainly in the central line of the foils in the rolling direction,
sometimes in more lines. Their length was in magnitude of mm, thickness 30 µm
(Figure 7.1). The cold-rolling did not influence their presence. They were not
detected in material C412.

In the central part of C412 primary particles (PP) were segregated into small
elongated groups with size 10-20 µm (Figure 7.2a). Inbetween them dark primary
particles with size in magnitude of µm were found. The small segregates were also
present at the edges, however, they were ordered in linear chains. After annealing
to 620 ◦C primary particles in the center were still segregated. New precipitates
occurred during annealing between PP. More of them were in the center; higher
number of PP was near the edges. In the vicinity of PP, precipitation free zones
(PFZ) were found.

In the C470 material lot of PP were located near the edges, partly ordered
in the rolling direction, probably at the grain boundaries. Their number density
decreased near the center, where the macro-segregation was present. Several small
segregates like in C412 were found near the center. The PP in the center were
randomly distributed. After annealing to 620 ◦C, PP were ordered in the rolling
direction near the edges, their number decreased but their diameter increased
as compared to the initial state. Their number density was a bit smaller than
in C412. Most of the small segregates disappeared. A lot of new precipitates
occurred, more than in material C412 without Zr. PFZ were observed around
PP.

In the alloy C471, PP near the edge were ordered in the casting direction. In
the center the distribution was more random, but some of the PP even here were
lined in the casting direction. Some gray particles were present near the center.
The number of PP was approximately the same as in C470; their number density
was higher near the edges. Some small segregations like in C412 were detected
(next to the macro-segregation), but they disappeared during annealing. Like
in the other two alloys, lot of precipitates and PFZ occurred, their number was
comparable with C470.

Cold-rolled

After cold-rolling to 5 mm, the microstructure of C412 did not change signifi-
cantly. During annealing precipitates formed, but mainly near the center and
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Figure 7.1: Central segregates in material C470 in the as-cast state (marked by
arrows).

(a) C412, as-cast (b) C471, cold-rolled 5 mm

Figure 7.2: Central part of the as-cast material C412 with small colonies of pri-
mary particles and material C471 after cold-rolling to 5 mm with central eutectic
segregation.

their number was lower as compared to the as-cast material after annealing. Af-
ter rolling to 1 mm, the central segregates were parallel to the RD, unlike in
the 5 mm sample, their number was higher near the center. After annealing the
number of particles increased.

In the C470 material after rolling to 5 mm, the number of PP was comparable
with the as-cast state at the edges and a bit higher in the center, where no small
segregates were found. The PP were partially ordered in the RD. After annealing
the number of precipitates at the edge was lower than in as-cast material after
annealing and comparable in the central part. The number of PP did not change
in the course of annealing. The 1 mm foils exhibited low number of PP at
the edges and higher in the center, where they were ordered in the RD. After
annealing a lot of precipitates occurred. The number of PP was lower than in
C412 material.

After cold-rolling of the C471 material (Figure 7.2b), the microstructure did
not vary very much. After annealing to 620 ◦C, the number of PP did not
change. The number of precipitates was comparable with the as-cast material
after annealing at the edge, but lower at the center. The sample cold-rolled to
1 mm contained slightly more PP than material C470. The number of precipitates
after annealing was comparable with the material C470.

64



Table 7.1: Size of the grains in the center of the samples in the rolling and normal
direction, in [µm].

As cast:

C412 RD ND C470 RD ND C471 RD ND

8 mm 100 50 8 mm 500 150 8 mm 400 100
5 mm 300 30 5 mm 800 80 5 mm 600 50
1 mm 500 10 1 mm 1000 20 1 mm 1000 10

Annealed to 620 ◦C:

C412 RD ND C470 RD ND C471 RD ND

8 mm 100 50 8 mm 300 80 8 mm 300 80
5 mm 50-200 50-100 5 mm 50-200 50 5 mm 50-200 50-100
1 mm 200 30-100 1 mm 20-200 10-50 1 mm 30-100 50-200

(a) C412, as-cast (b) C470, 620 ◦C

Figure 7.3: Grain structure of material C412 after twin-roll casting and material
C470 annealed to 620 ◦C.

7.2 Grains

Material C412 without Zr and Cr had smaller grains than materials with ad-
ditional elements (Figures 7.3a and 7.3b). Grain sizes of C470 and C471 were
comparable.

All materials exhibited different grain structures at the edges and in the central
parts. This phenomenon was caused by rolling component of twin-roll casting and
further by cold-rolling. Grains near the edges were more flat and elongated in
the rolling direction; however, not parallel to the surface.

After cold-rolling the grains became more flat, elongated in the rolling di-
rection, parallel to the surface. The inhomogeneity through the foil thickness
remained apparent (Figure 7.5). After annealing new recrystallized grains oc-
curred in cold-rolled samples (see Figures 7.4 and 7.6), the ones at the edges of
1 mm samples sometimes with length in RD in magnitude of mm, in ND 100 µm.

The average grain sizes are summarized in Table 7.1.
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(a) Cold-rolled (b) 620 ◦C

Figure 7.4: Grain structure of material C470, cold-rolled to 5 mm and subse-
quently annealed to 620 ◦C.

Figure 7.5: Grain structure of material C471 cold-rolled to 5 mm with larger
grains and macrosegregation in the central part. RD is vertical.

(a) Cold-rolled (b) 620 ◦C

Figure 7.6: Grain structure of material C412, cold-rolled to 1 mm and subse-
quently annealed to 620 ◦C.
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8. Scanning electron microscopy

8.1 Back-scattered electrons

Temperatures for SEM observations were choosen according to DTA measure-
ments. For 8 mm foils temperature 400 ◦C corresponded to the begining of major
peak and 500 ◦C to end of this peak. As-cast state and final state after anneal-
ing to 620 ◦C were also examined. The SEM images were obtained in BSE and
chemical analysis was performed by EDS.

Initial state

In material C412 with no Zr and Cr additions and higher content of Fe, primary
particles were clustered in dendritic colonies with eutectic features (Figure 8.1a).
Most of them were elongated with width smaller than 1 µm and lenght around
30 µm. However, some of them near the center of the foil were larger with width
approximately 3 µm. Near the edges of the foil some of the eutectic colonies
were oriented in the direction of solidification and they probably copied the grain
boundaries. EDS analysis revealed that eutectic colonies correspond probably to
α-phase α-Al12−15(Mn,Fe)3Si1−2 but the presence of Cu was also detected. The
amount of iron was slightly higher than of mangan and lower than the amount of
silicon. As for the composition of the matrix only small peak of manganesse was
detected.

In material C470 with addition of Zr eutectic macrosegregation in the central
part of the foil appeared (Figure 8.1b). It’s size was approximately 50 µm in width
and it’s length was in order of hundreds of µm. However, near the edges of the foil
primary particles were either ordered in chains copying grain boundaries or were
present as single sub-micron spherical particles (Figure 8.2a). In the central part
in the vicinity of the eutectic colonies some coarse particles formed (with diameter
approximately 2 µm). Detail of these particles (Figure 8.2b) revealed multiphase
composition. At the edges of some α-phase particles phases with higher average
atomic number were observed. EDS analysis revealed that the additional phases
contained mainly Cu and small amount of Si and Ni. The lightest contained
probably Zr (however, the best fit of the spectra was Pb which was not contained
in our materials). The α-phase particles contained more Mn than Fe (opposite
trend than in material C412) and even more Si. Next to aluminium, only small
amount of manganese was detected in the matrix, both near the center and the
edge of the foil.

Material C471 with additional Zr and Cr did not show many differences from
material C470 without Cr when it comes to the distribution of primary particles
and central segragation. However, EDS showed minor contribution of Cr to the
spectra. According to literature, Cr can substitute for Fe and Mn in the α-phase
to create α-Al12−15(Mn,Fe,Cr)3Si1−2. In the analyzed particle the amount of Mn
and Fe was nearly the same, but the level of Si was higher than in the material
C470.
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(a) C412 (b) C470

Figure 8.1: Dendritic colonies with eutectic features in the center of the as-cast
foil in C412 alloy and macrosegregation in C470.

(a) Edge (b) Center

Figure 8.2: Primary particles near the edge of the foil aligned with the grain
boundaries and detail of a multi-phase macrosegregation in the center, both in
alloy C470 with Zr.

(a) Center (b) Edge

Figure 8.3: High density of new fine particles between the central segregation and
near the edge of the foil in C470 alloy annealed to 500 ◦C.
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Annealing to 400 ◦C

After annealing to 400 ◦C, material C412 seemed to have lower density of particles.
However, this fact may be caused by differenet position from the edge of the
observed foil - according to observations in light optical microscope, the number
density of primary particles decreased from the edge to the center of the foil.
α-phase still contained more Fe than Mn.

Multiphase particles in C470 material were still present: α-phase with smaller
particles containing Cu, Zr and Ni attached to it. As for the α-phase composition,
Mn slightly prevailed over Fe, but Si prevailed over both. Outside the central
eutectical colonies primary particles were in a form of small clusters or solitary
circular particles.

In C471 α-phases contained more Mn than Fe like in C470 alloy. Moreover,
the Mn content differed in individual particles. At boundaries of the coarse
α-particles (diameter around 4 µm) in the center of the foil small particles with
Cu and Ni were occasionally attached.

Annealing to 500 ◦C

After further annealing to 500 ◦C high density of new small particles appeared.
They were present both inside and outside of the central segragation (Figure 8.3).
EDS analysis revealed presence of silicon and manganese in vicinity of these
particles.

Annealing to 620 ◦C

If we compare the microstructure of material C412 after casting and after anneling
to 620 ◦C, the distribution of phases did not evolve significantly – particles were
clustered in the central part of the foil and copied grain boundaries near the edge.

Materials C470 and C471 with additional Zr and Cr still contained central
segregates after anneling to 620 ◦C. Quantitative EDS analysis was performed in
the material C471. The results given in Table 8.1 showed, that particles in the
central segregation (numbers 1 and 2 in Figure 8.4) contained high ratio of Mn
and Si atoms, the atomic percentage of Fe was twice lower than the one of Mn.
Particle outside the central segregation (number 5) contained approximatelly the
same atomic percentage of Si, Mn and Fe. All of these particles envinced also
small amounts of Cr. In aluminium matrix (numbers 3 and 4) only small amounts
of Mn and Si were detected.

8.2 Chemical analysis

Mapping of chemical elements (aluminium, manganese, iron, silicon and copper)
in central segregation is depicted in Figures 8.5 and 8.6. After twin-roll casting,
most of the Mn and Fe were detected within the segregation, Si was detected in
clusters outside the segregations and Cu was found mainly in lighter parts of the
segregation.

After annealing at 450 ◦C for 8 hours the majority of Mn and Fe were still
in the segregation; however, no traces of silicon or copper clusters were detected,
the distribution of Si was more homogeneous, most of it was detected in the
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Figure 8.4: C471 8 mm after annealing to 620 ◦C: Central part of the material
with eutectic segregations. Numbers indicate spots, where the quantitative EDS
analysis was taken.

Table 8.1: Quantitative results from EDS analysis of C471 alloy after annealing
to 620 ◦C. Numbering of analysis spots was in accordance with Figure 8.4.

Al Mn Fe Si Cr
Spot wt.% at.% wt.% at.% wt.% at.% wt.% at.% wt.% at.%

1 62.93 74.03 18.47 10.67 9.56 5.43 8.4 9.49 0.64 0.39
2 63.18 74.3 18.18 10.5 9.86 5.6 8.18 9.24 0.6 0.37
3 98.72 99.12 0.73 0.36 0 0 0.53 0.51 0.02 0.01
4 98.29 98.89 1.01 0.5 0 0 0.55 0.54 0.15 0.08
5 62.96 74.28 14.48 8.39 14.21 8.1 7.91 8.96 0.44 0.27
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Table 8.2: Phases identified by EBSD in C470 material and their color in figures.

Phase Structure Point group Lattice constant Color

Al Cubic Oh m3̄m a = 0.404 nm Color

α-Al(Mn,Fe)Si Cubic Th m3̄ a = 1.2643 nm Color

α-Al(Mn,Fe)Si Hexagonal D6h 6/mmm a = 1.2406 nm Color
c = 2.6236 nm

segregation. Point analysis showed ∼10 at.% Mn, ∼10 at.% Si and ∼6 at.% Fe
in the segregation.

8.3 Electron back-scatter diffraction

8.3.1 Phases

For indentification of crystalographic phases in material C470 electron back-
scatter diffraction was applied. Three phases were identified – Al, hexagonal
α-Al(Mn,Fe)Si and cubic α-Al(Mn,Fe)Si. More details were given in Table 8.2.
All primary phases were identified as cubic α-Al(Mn,Fe)Si, both in the central
segregation and near the edges of the foil. After annealing for 8 hours at 450 ◦C
the crystallographic structure of the phases did not change (see Figure 8.7). Pre-
cipitates that nucleated in the volume of the grains also may have been of cubic
α-phase. However, those situated at subgrain boundaries may have been hexag-
onal phase (Figure 8.8).

8.3.2 Grains

The grain size and orientation of as-cast and cold-rolled materials were also stu-
died by the means of electron back-scatter diffraction. Only the cubic phase
Al of the matrix was evalueated. In the Zr-free material C412 the grains were
elongated in the casting direction, with length in order of 100 µm and thickness
30 µm. The grains of the C470 alloy were larger as compared to C412, also
aligned in the casting direction – Figure 8.9. Outside the central part of the
foil their length was several hundrets of µm and thickness around 50 µm. The
orietation inside a grain was not homogeneous; this was connected with the grain
substructure and subdivision of individual grains to subgrains.

Cold rolling to 5 mm resulted in further elongation of the grains in cast-
ing/rolling direction and reduction of their thickness in normal direction. The
inhomogeneous orientation in the grain interior was apparent. The average grain
size was still lower in C412 material.
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(a) BSE (b) Mn

(c) Fe (d) Si

(e) Cu (f) Al + Mn + Fe + Si + Cu

Figure 8.5: EDS maps of chemical elements in material C470 after twin-roll
casting (Al – green, Mn – Blue, Fe – magenta, Si – blue, Cu – red).
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(a) BSE (b) Al

(c) Mn (d) Fe

(e) Si (f) Al + Mn + Fe + Si

Figure 8.6: EDS maps of chemical elements in material C470 after annealig at
450 ◦C for 8 hours (Al – green, Mn – Blue, Fe – magenta, Si – blue).
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(a) EBSD (b) BSE

Figure 8.7: EBSD image of phases in C470 alloy annealed to 450 ◦C - Al (green)
and cubic α-Al(Mn,Fe)Si (red) in the central segregation and corresponding BSE
image.

(a) EBSD (b) BSE

Figure 8.8: EBSD image of precipitates in C470 alloy annealed to 450 ◦C - Al
(red), cubic α-Al(Mn,Fe)Si (green) in primary particles and in grain interior and
hexagonal α-Al(Mn,Fe)Si (blue) on subgrain boundaries.
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(a) As-cast (b) Cold-rolled

Figure 8.9: EBSD map of the grains in C470 alloy after twin-roll casting and cold
rolling to 5 mm; with the color coding of orientation of Al matrix.

75



76



9. Transmission electron
microscopy

9.1 Initial states

Observations in TEM revealed that twin-roll cast materials consisted of alumini-
um matrix with primary particles in eutectic colonies, surrounded by dislocations.
The grains were subdivided into subgrains with average size of several µm. In
the cold-rolled sheets, subgrains were elongated in the rolling direction due to the
deformation and a high density of dislocations was observed (Figure 9.1).

9.2 Annealing

According to DTA measurements, temperatures for further investigation were
chosen as 300 ◦C, 400 ◦C, 500 ◦C and 620 ◦C for as-cast sheets and 280 ◦C,
380 ◦C, 500 ◦C and 620 ◦C for the cold-rolled ones. Specimens were annealed in
an air furnace to selected temperatures with heating rate 5 K/min and quenched
into cold water.

After annealing to 300 ◦C slight spheroidization of primary particles occured
and during further heating to 400 ◦C first precipitates of α-phase formed. In
the Zr-free alloy C412 they were found mainly at subgrain boundaries (Fig-
ure 9.2a) while in the Zr-bearing alloy C470 precipitates formed not only on
subgrain boundaries but also within the subgrains in random clusters.

Concerning the sheets cold-rolled to 1 mm, first α-phase precipitates were
observed in both alloys after heating to 380 ◦C. However, they were rather smaller
and their number density was higher in Zr alloy as oposed to the cold-rolled
material without Zr (Figure 9.3).

In all alloys annealed to 500 ◦C high density of precipitates was present. In
non-deformed sheets the precipitates not only decorated subgrain boundaries but
their dense population was observed also inside the subgrains (Figure 9.2b). In
cold-rolled materials new small particles with average diameter of around 30 nm
precipitated next to those that nucleated at lower temperatures and coarsened
during further annealing to approximately 80 nm. The size of precipitates was
comparable in both alloys C412 and C470. Recrystallization already started in
cold-rolled material without Zr at this temperature and in some parts of the foil
small subgrains were replaced by grains with larger diameter (Figure 9.4).

Due to the annealing to 620 ◦C the average size of α-phase precipitates in-
creased in all materials to ∼150 nm, though this augmentation was more apparent
in non-deformed states. The shape of the particles, which nucleated during heat
treatment, depended on the deformation: in cold-rolled sheets the precipitates
were mainly spherical while their shape was more complex in non-deformed ma-
terials – they often appeared as polygonal plates. Both cold-rolled alloys were
fully recrystallized after annealing to this temperature.

According to EDS analysis the content of manganese and silicon in all precip-
itates was comparable to each other and was much higher then iron content.
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(a) C471, as-cast (b) C470, cold-rolled 5 mm

Figure 9.1: Initial microstructure of as-cast and cold-rolled alloys observed in
TEM. Material C471 with primary particles and dislocation substructure (a) and
C470 after cold-rolling with elongated subgrains and high dislocation density (b).

(a) 400 ◦C (b) 500 ◦C

Figure 9.2: Microstructure of as-cast alloy C412 after annealing to 400 ◦C with
clustered primary particles and first precipitates on subgrain boundaries (a) and
high number of precipitates and PFZ near spheroidized primary particles after
annealing to 500 ◦C (b).

(a) 280 ◦C (b) 500 ◦C

Figure 9.3: Microstructure of alloy C412 cold-rolled to 1 mm after annealing
to 280 ◦C with dislocation substructure and annealing to 500 ◦C with partially
recrystallized structure (left = recrystallized, right = still deformed).
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(a) C412 (b) C470

Figure 9.4: Microstructure of cold-rolled materials C412 and C470 after annealing
to 380 ◦C with newly formed precipitates.

9.3 In-situ heating

As-cast alloy C470 with Zr was subjected to in-situ annealing in transmission
electron microscope. This allowed observation of substructure recovery, precipi-
tation, particles coarsening and dissolution on one spot in the material during the
whole heating cycle. The heating sheme 50 K/50 min was applied – the sample
was heated to required temperature, held 50 minutes at this temperature and
afterwards the temperature was rised again by 50 K, and so on up to 550 ◦C. The
images from in-situ heating can be found in Figure 9.5 and the video in appendix.

First precipitates of α-Al(Mn,Fe)Si phase started to form at subgrain bound-
aries at 300 ◦C, followed by particles which emerged in the interior of the grains.
Their number and diameter rose up to 350 ◦C, where their number density start-
ed to decrease. The smaller particles dissolved back to solid solution, the others
grew further. At 550 ◦C almost no particles were present in the matrix. No grain
motion was observed.
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RT 100 ◦C 150 ◦C

200 ◦C 250 ◦C 300 ◦C

350 ◦C 400 ◦C 450 ◦C

500 ◦C 550 ◦C

Figure 9.5: In-situ annealing in TEM of as-cast alloy C470 from room temperature
to 550 ◦C.
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10. Discusion

After casting the microstructure of all studied alloys was inhomogeneous with
primary particles clustered in eutectic colonies and high contents of Mn and
Si supersaturated in the (Al) solid solution. Composition of primary particles
corresponded to α-Al(Mn,Fe)Si phase with silicon content higher than iron and
manganese. According to EBSD maping these phase had cubic structure with
lattice parameter 1.26 nm. In material C471 Cr was also built into the α-phase to
form α-Al(Mn,Fe,Cr)Si. During heat treatment further manganese incorporated
into these particles which resulted in their spheroidization. As Si content was
relatively high in all alloys (∼0.6 wt.%), no Al6(Mn,Fe) particles formed.

Macro-segregation of eutectic colonies was present in the center of materials
with Zr (and Cr) additions – C470 and C471 and caused a slight increase of
microhardness. Presence of the segregation was influenced neither by cold-rolling
nor by isochronal annealing.

Some of the primary particles near the edges of the foils were ordered in
the rolling direction, on the grain boundaries. This corresponded to the grain
shape, which was elongated near the edges due to the rolling component of twin-
roll casting. The unhomogeneity of grain structure resulted in unhomogeneous
mechanical properties – the microhardness exhibited higher values at the edges
of the foils where the average grain width was smaller.

Micrographs in polarized light and EBSD mapping revealed smaller grains in
material without Zr and Cr additions – C412. This was caused by different casting
conditions – materials with zirconium were cast at higher temperature to suppress
formation of coarse Zr-containing particles. In the as-cast materials the grains
near the surface were elongated in the rolling direction. Cold-rolled materials
contained grains elongated in the RD in the whole volume; those near the edges
were more flat than those in the center. During annealing up to 620 ◦C new grains
formed via recrystallization. According to microharness measurements, materials
cold-rolled to 1 mm recrystallized earlier than those cold-rolled to 5 mm due to
higher stored deformation energy induced into the matrix by higher extent of
deformation.

Thanks to DTA and resisitivity measurements phase transformations were
detected at temperatures between 300 ◦C and 500 ◦C. The onset of these trans-
formations was earlier in the cold-rolled materials. The temperature also differed
for the edge and the center of the as-cast materials, where microstracture was
different in regard to the macro-segregation. In the center, where most of the
atoms of alloying elements were consumed in macro-segregation, the precipita-
tion was posponed to higher temperatures, as lower amount of alloying elements
was avaiable for precipitates formation.

In the as-cast sheets the first exothermic peak in DTA occured between 300 ◦C
and 400 ◦C and was more pronounced in alloy without Zr, where the precipitates
nucleated preferentially at subgrain boundaries. In the Zr-bearing alloys, some
of the new particles formed also inhomogeneously in clusters within the grains.

The second stage of precipitation took place in the temperature range 400-
500 ◦C and new precipitates nucleated in the whole volume of the material, not
only at the subgrain boundaries.

81



Further annealing at temperatures above 550 ◦C led to partial dissolution of
smaller precipitates and coarsening of the remaining ones.

In the as-cast material the bulk precipitation prevailed; however, cold-rolling
introduced new grain boundaries into the material which caused the majority
of the precipitates to nucleate at lower temperature on the grain boundaries.
The most intense precipitation according to DTA occured between 360 ◦C and
500 ◦C in the Zr-free alloy and between 390 ◦C and 500 ◦C in the Zr containing
alloy, respectively. At 620 ◦C the remaining precipitates could be divided into
two groups – coarsened particles with average diameter of around 120 nm, and
smaller ones about 40 nm which precipitated at higher temperatures.

Both in resisitivity and DTA spectra the detected phase transformation in
alloy C412 cold-rolled to 1 mm started at lower temperatures than in materials
with addition of zirconium. Observations in TEM revealed in the C412 material,
that as the precipitation started earlier, lower number of precipitates nucleated
and during annealing to 380 ◦C their diameter reached higher values than in ma-
terial C470, where high density of precipitates nucleated at higher temperature.
However, the area under the first peak in resistivity spectra was equivalelent for
all alloys cold-rolled to 1 mm and after annealing to 500 ◦C, both the size and
number density of the precipitates were comparable in all materials.

After annealing to 500 ◦C, TEM revealed partially recrystallized microstruc-
ture in alloy C412 cold-rolled to 1 mm. According to microhardness measure-
ments, the main drop of HV in this material was finished before 500 ◦C. However,
the heating rate and also the heating scheme were different during microhardness
measurement and for TEM observations. As the heating rate was higher for
TEM, the time at lower temperatures was not sufficient for the microstructure to
undergo recrystallization in the whole volume. Moreover, for TEM observations
samples were just heated to the required temperature, although for microhardness
all samples were heated for 20 minutes at the given temperature.

Due to the low solubility of iron in aluminium [1], most of Fe atoms were
incorporated in the primary particles after casting. Solubilities of silicon and
manganese are much higher and relatively significant amounts of Si and Mn atoms
were dissolved in the aluminium matrix. Thus during decomposition of solid
solution at elevated temperatures, precipitates were composed mainly of Mn and
Si and contain nearly no Fe.

According to EBSD analysis, the precipitates in the grain volume were cubic
α-phase and on the subgrain boundaries hexagonal α-phase. However, the size
of the precipitates was in the same magnitude with the aviable step of EBSD
measurement and the precipitates were hard to detect.

The addition of zirconium did not influence the position of the precipitation
peaks as the resistivity and DTA measurements reflect only precipitation of major
phases with Mn, Fe and Si. However, it affected the evolution of microhardness
during annealing. The alloy with Zr exhibited higher values of microhardness and
recrystallized at higher temperature. This demonstrates the positive influence of
zirconium on recrystallization resistance of aluminium alloys.

In the as-cast foils the microhardness started to increase from ∼400 ◦C when
also the precipitates started to form and grow. The peak HV was reached after
500 ◦C, when the precipitates density was the highest. Further with the particles
dissolution microhardness dropped again.
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11. Two-step annealing

The following part of the work was devoted to the search of ideal conditions for
Al3Zr particles formation.

Several authors reported, that the best results for precipitation of coherent
Al3Zr precipitates were achieved after two-step annealing at 250 ◦C and 450 ◦C
with slow heating rate (e.g. [89]). Thus two-step annealing was chosen for the
first part of investigation.

For examination in TEM two-step anneling in DSC was choosen. 3 mm discs
were heated with heating rate 0.5 K/min to 250 ◦C, held at this temperature for
0 or 12 hours, subsequently heated to 450 ◦C with the same heating rate, where
they remained for 0, 1, 2, 4 or 8 hours. Afterwards they were cooled with rate
0.5 K/min (Figure 11.1).

After casting materials contained primary particles of α-Al(Mn,Fe)Si in eutec-
tic colonies and some dislocations within the grains. Huge number of α-phase pre-
cipitates formed during two step anneling, some of them decorated grain bound-
aries, others were observed in the bulk (Figure 11.2). They were much smaller
in size than primary particles. In more detailed view, tiny precipitates of Al3Zr
phase were found after all anneling steps in as-cast materials C470 and C471 with
zirconium addition. However, their distribution was not uniform, places without
these precipitates were found within the material (Figure 11.3).

After cold-rolling to 5 mm and two-step anneling at 250 ◦C and 450 ◦C with
heating rate 0.5 K/min, the density of observed Al3Zr particles was lower than
in the non-deformed sheets.

High density of Al3Zr precipitates was also observed in the step, where the
holding at 250 ◦C was 0 hours. The distribution of Al3Zr particles was comparable
regardless time at 250 ◦C (see Figure 11.4) and so one-step annealing at only
450 ◦C was applied for further study of microstructure and mechanical properties.
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Figure 11.1: Heating sheme for two-step anneling at 250 ◦C and 450 ◦C in DSC.

85



(a) 12 h/250 ◦C and 2 h/450 ◦C (b) 12 h/250 ◦C and 8 h/450 ◦C

Figure 11.2: Microstructure of C471 material after two-step annealing at 250 ◦C
and 450 ◦C with heating rate 0.5 K/min: high number of precipitates, some of
them copy subgrain boundaries.

(a) BF (b) SAED

Figure 11.3: Microstructure of C471 material after two-step annealing
12 h/250 ◦C and 0 h/450 ◦C with heating rate 0.5 K/min, unhomogeneous distri-
bution of Al3Zr and selected area electron diffraction with additional diffraction
spots from Al3Zr with structure L12, which are forbiden for Al.

(a) 12 h/250 ◦C and 8 h/450 ◦C (b) 8 h/450 ◦C

Figure 11.4: Microstructure of C471 material after annealing at 8 h/450 ◦C with
and without annealing step at 250 ◦C.
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12. One-step annealing

In further step materials were subjected to anealing to 450 ◦C in an air furnace
with heating rate 0.5 K/min and holding at 450 ◦C, followed by water quenching.
The mechanical properties and microstructure were studied with regard to the
time of holding at 450 ◦C – from 0 to 16 hours.

12.1 Mechanical properties

The evolution of Vickers microhardness during annealing at 450 ◦C is displayed in
Figure 12.1a. Moreover, the values of microhardness of the as-cast state and cold-
rolled state before annealing are plotted. As for the initial states, the values of
HV were similar for the material with and without Zr around 50 HV0.1. Thanks
to cold-rolling to 1 mm the HV reached 80 HV0.1. After heating to 450 ◦C,
microhardness of the as-cast materials increased; this rise was more pronounced
in the materials containing zirconium – approximately 30 %. During holding at
450 ◦C the microhardness decreased moderately, maintaining higher values for
the Zr containing materials.

The microhardness drop in sheets cold-rolled to 5 mm was fluent in all ma-
terials, maintaining the same slope of the decrease up to 16 hours of annealing.
The HV values were by ∼10 % lower in C412 alloy.

Concerning sheets cold-rolled to 1 mm, microhardness values decreased during
annealing to 450 ◦C and this trend continued also during holding at 450 ◦C. Most
of this drop was completed after 2 hours of holding at 450 ◦C in material C412
and after 8 hours for C470 and C471. Final values of microhardness of all alloys
were comparable with the HV of the as-cast Zr-free alloy after 16 hours at 450 ◦C.

Concerning the tensile tests at room temperature (Figure 12.1b), annealing
for 8 hours at 450 ◦C caused reduction in ductility by ∼30 % and slight increase in
yield strength in Zr-containing alloys. In C412 the changes were less pronounced.

12.2 Microstructure

The evolution of grain structure was monitored by light optical microscopy. Hold-
ing at 450 ◦C for 16 hours did not impact the grain size of the as-cast sheets
substantially.

Owing to cold-rolling, 1 mm thick sheets contained narrow grains elongated
in rolling direction. Thickness of the grains was higher in the center of the sheets.
After heating to 450 ◦C, first recrystallized grains were observed in the Zr-free
material C412. After 2 hours of holding at the temperature this material was fully
recrystallized. Though, the rolling direction was still apparent. The structure was
very inhomogeneous, ranging from several tiny equiaxed grains with the size of
10 µm in the bulk to the grains at the surface with length of several mm.

The situation was different in alloys with zirconium addition (Figure 12.2). If
just heated up to 450 ◦C, the structure remained deformed; partial recrystalliza-
tion was apparent after holding for 2 hours at 450 ◦C. Recrystallization started
probably near the surface, as the deformed structure was observed only in the
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Figure 12.1: (a) The evolution of Vickers microhardness during annealing at
450 ◦C for materials C412 and C470, as-cast and cold-rolled states. (b) Ductility
(duc.) and yield strength (Rp0.2) of as-cast alloys before (A-C) and after (An)
annealing for 8 hours at 450 ◦C.

centeral part of the sheet. The recrystallization was completed after 8 hours of
annealing. The grain-shape distribution was similar to the Zr-free alloy; however,
the average grain size was lower in Zr containing materials.

High number of α-Al(Mn,Fe)Si particles formed in the course of annealing.
During holding at 450 ◦C their average diameter slightly increased, volume frac-
tion decreased and primary particles spheroidized. Secondary particles, which
formed during annealig to 450 ◦C, were also apparent on micrographs from LOM
and SEM, see Figure 12.3.

In cold-rolled materials the α-Al(Mn,Fe)Si precipitates were homogeneously
distributed inside the material.

Regarding precipitation of Al3Zr particles in the Zr containing alloy, first
precipitates were observed in the alloy just after heating up to 450 ◦C. However,
their number density was very low. It increased significantly during holding for
2 hours at 450 ◦C (Figure 12.4). They were identified as metastable coherent
phase with cubic L12 structure with diameter around of 5 nm. Their distribution
was not uniform within the material and their size only slightly rised during
further annealing.

No Al3Z precipitates were detected by TEM in the material which was cold-
rolled to 1 mm and subsequently annealed to 450 ◦C.
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(a) Annealed to 450 ◦C (b) 4 hours at 450 ◦C

Figure 12.2: Grain structure of material C470 cold-rolled to 1 mm after annealing
to 450 ◦C with heating rate 0.5 K/min and holding for 4 hours at this temperature.

(a) LOM, C412 (b) SEM, C470

Figure 12.3: (a) Light optical micrograph of particles of α-Al(Mn,Fe)Si phase,
which nucleated during annealing to 450 ◦C in material C412, inbetween clus-
ters of larger primary particles. (b) SEM micrograph in BSE of particles of
α-Al(Mn,Fe)Si phase in material C470, copying subgrain boundaries and in the
grain interior, and several primary particles in chains.
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(a) 2 hours (b) 8 hours

Figure 12.4: Dark field TEM image of Al3Zr precipitates in C470 alloy after
annealing to 450 ◦C with heating rate 0.5 K/min and holding for 2 and 8 hours
at this temperature.

(a) DSC (b) Fournace

Figure 12.5: As-cast alloy C470 annealed with heating rate 0.5 K/min to 450 ◦C,
held at this temperature for 8 hours (a) in DSC with cooling 0.5 K/min and (b)
in an air furnace followed by water quenching – distribution of Al3Zr precipitates.

(a) DSC (b) Fournace

Figure 12.6: As-cast alloy C470 annealed with heating rate 0.5 K/min to 450 ◦C,
held at this temperature for 8 hours (a) in DSC with cooling 0.5 K/min and (b)
in an air furnace followed by water quenching – distribution of α-Al(Mn,Fe)Si
phase particles.
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13. Discusion

All alloys were subjected to annealing at 250 ◦C and 450 ◦C in order to find out
suitable conditions for precipitation of Al3Zr particles in the Zr-containing ones.
It was shown that coherent precipitates of Al3Zr phase were present in as-cast
materials with zirconium even after 12 h/250 ◦C + 0 h/450 ◦C or 0 h/250 ◦C +
8 h/450 ◦C annealing steps. Annealing at 250 ◦C was thus shown unnecessary
for their formation and only annealing at 450 ◦C was studied further. Volume
franction of Al3Zr precipitates increased with the annealing time. However, their
distribution remained unhomogeneous.

Distribution of both Al3Zr and α-Al(Mn,Fe)Si precipitates was comparable
regardless the way of annealing – either in DSC with slow cooling rate or in an
air furnace with water quenching from 450 ◦C (Figures 12.5 and 12.6).

The addition of zirconium positively influenced mechanical properties of the
studied alloys. This was monitored by the evolution of Vickers microhardness,
which was higher for materials with Zr addition.

In the as-cast state zirconium atoms were dissolved in the solid solution of alu-
minium and HV values were nearly the same for all alloys. After heat treatment
HV moderately rised due to the precipitation hardening from α-phase precipi-
tates. However, thanks to the nucleation of Al3Z particles, which strengthen the
matrix, the increase was much higher in the Zr-containing alloys. During holding
at 450 ◦C the slight decrease of HV was caused by depletion of the solid solution
from Mn and Si atoms. For alloys with Zr this decrease was compensated by
further formation of Al3Z precipitates at short annealing times - up to 4 hours at
450 ◦C. Owing to the high number of Al3Z, the final value of HV after long-time
exposure to 450 ◦C remained higher than in the Zr-free alloy.

Cold-rolling resulted in formation of elongated grains in all materials and to
deformation hardening with significant increase of HV. The deformed substruc-
ture recovered and new grains formed during recrystallization; this process was
considerably affected by the presence of Zr. While the first recrystallization nuc-
lei appeared in the Zr-free alloy even during heating up to 450 ◦C and nearly
full recrystallization occured after 2 hours at 450 ◦C, materials with Zr fully
recrystallized after longer holding at 450 ◦C – 8 hours.

Such shift in recrystallization resistance could be attributed to Zener pinning
of Al3Z precipitates. However, no such particles were detected by TEM in the
sheets cold-rolled to 1 mm. In foils of thickness of 5 mm their number density was
lower than in the 8 mm sheets. This is in contradiction with Nes and Slevolden [86]
who claim that deformation should facilitate nucleation of Al3Z as dislocations
can serve as nucleation sites and, in addition, accelerate diffusion. It is therefore
probable that the Al3Z precipitates in the cold-rolled material were too small to
be detected by transmission electron microscopy.

The impact of other phases on microhardness in the cold-rolled materials was
compensated by recrystallization.
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14. Equal channel angular
pressing

The last part of the work was devoted to study of severe plastic deformation by
ECAP and thermal stability of the deformed alloys during subsequent annealing.

14.1 Processing

All three studied materials were subjected to severe plastic deformation by equal
channel angular pressing at room temperature. Details of this procedure are given
in section 2.2 on page 45. Prior to ECAP materials were annealed to 450 ◦C with
heating rate 0.5 K/min and held at 450 ◦C for 8 hours in order to precipitate
high dispersion of Al3Zr particles. Two types of materials were studied: ECAPed
just after twin-roll casting (further refered as A, D and G) and heat treated at
450 ◦C before ECAP (AZ, DZ and GZ, respectivelly).

Pre-annealed materials AZ, DZ and GZ were processed by 1, 2, 4 and 8 passes.
The non-annealed A, D and G were capable of maximum 4 passes; with further
processing cracks occured.

14.2 Mechanical properties

After ECAP processing Vickers microhardness and tensile properties were per-
formed on all materials. Dependences of the mechanical properties on number of
ECAP passes are depicted in Figure 14.1.

Concerning tensile tests, increasing number of ECAP passes shifted the stress
vs. strain curves to higher stresses. Simultaneously, a drop in formability occured.
The main change in deformation behaviour occured already during the first ECAP
pass. Further ECAP passes caused only moderate strength increase and did not
influence significantly the ductility.

Differences in behaviour of non-annealed and annealed materials were also
observed. Higher strength of pre-annealed Zr-containing materials (DZ and GZ)
resulted from precipitation hardening especially by Al3Zr particles. However, an
opposite effect was observed already after the first ECAP pass. Strength increase
caused by ECAP was significantly higher in non-annealed materials so that the
non-annealed materials became stronger.

ECAP resulted also in significant increase of Vickers microhardness, which
was most pronounced after the first ECAP pass. In non-annealed materials mi-
crohardness values shifted from intial 55 HV0.1 to ∼85 HV0.1 after the first pass
and further rose to ∼100 HV0.1 up to the fourth pass. In the pre-annealed ma-
terials the increase was milder, the first pass caused shift of microhardness by
15-20 HV0.1. The evolution of microhardness exhibited similar trend for all ma-
terials. However, the absolute values were slightly lower for material without Zr
(A and AZ). Moreover, microhardness of pre-annealed materials reached lower
values after ECAP than microhardness of the non-annealed ones.
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Figure 14.1: Values of Vickers microhardness and yield strength as a function
of number of ECAP passes for the ”A” material without zirconium, both non-
annealed (A) and pre-annealed (AZ) prior to ECAP; and ”D” material with
zirconium addition.

Both microhardness and yield strength dependences on number of ECAP pass-
es were qualitatively very similar and documented tight interconnection between
both mechanical characteristics.

14.3 Microstructure

The initial structure with grain size in order of 100 µm was gradually destroyed
during ECAP. After the first pass elongation of grains in pressing direction was
apparent (Figure 14.2). Near the edges of the foil the grain length reached mm,
in the central part hundreds of µm in materials with Zr; grains were shorter
in Zr-free alloy. EBSD measurements revealed presence of numerous low angle
grain boundaries within the elongated grains (Figure 14.4). Moreover, bands of
recrystallized grains with size in order of µm occured within the deformed matrix
in the pre-annealed material with Zr. Second ECAP pass led to decrease of
average subgrain size; nevertheless, the grain elongation remained apparent.

Orientation map of sample after four ECAP passes was completely different
(see Figure 14.4). The mean grain size dropped to approximately 0.4 µm and
the shape of the sub-micrometric grains was quite equiaxed. However, the mi-
crostructure was not fully uniform; numerous regions of the size ∼5 µm consisting
of subgrains were still present. Structures of non-annealed and annealed materials
were similar, only the grain size was slightly lower in the non-annealed ones (Fig-
ure 14.5). It was also lower for material without Zr. Further processing caused
decrease of the grain size.

Finally, maps of samples after eight passes showed a mixture of regions with
very small equiaxed grains and regions with elongated grains of the size over
1 µm. Low angle grain boundaries were detected especially in the elongated
grains, subdividing them into subgrains.

The fraction of high angle grain boundaries increased with the imposed strain
by deformation. After one ECAP pass the HAGB fraction was ∼0.3, ∼0.4 after
two passes and ∼0.7 after four and eight passes.

TEM micrographs for material with Zr after different number of ECAP passes
are shown in Figure 14.3. Figures document severely deformed microstructure
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with high density of dislocations after first ECAP pass. Only a very limited
number of newly formed grains of the sub-micrometer size were observed. No
significant differences were observed between particular alloys.

After two ECAP passes, both regions with high dislocation density and some
newly formed grains, especially in the pre-annealed materials, were present. The
replacement of severely deformed regions by ultrafine-grained structure proceeded
during further ECAP passes. After four passes the grains and subgrains were well
defined and dislocation density was much lower. The microstructure development
seemed to be faster in the pre-annealed materials. Finally, the microstructure
after eight ECAP passes consisted mostly of ultrafine grains with the grain size
deeply below 1 µm. However, it was not fully recrystallized. The main difference
between materials annealed and non-annealed prior to ECAP was the presence
of second-phase particles in the aluminium matrix after ECAP in pre-annealed
alloys and much higher dislocation density in the non-annealed materials.

(a) 1 pass, edge (b) 1 pass, center (c) 4 passes

Figure 14.2: LOM micrograph of material DZ after one ECAP pass with elongated
grains – near the edge of the foil and in the central part and after four passes.

(a) 1 pass (b) 4 passes

Figure 14.3: TEM micrograph of pre-annealed material DZ after one and four
ECAP passes.
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(a) AZ, 1 pass (b) AZ, 4 passes

(c) DZ, 1 pass (d) DZ, 4 passes

Figure 14.4: EBSD maps of materials AZ and DZ after one ECAP pass with
deformed matrix and new recrystallized grains and four ECAP passes with un-
homogeneously deformed matrix and grains with sub-micrometric size.
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Figure 14.5: The average grain size measured by EBSD software [125] of alloys
C412 and C470 after four and eight ECAP passes; for materials non-annealed
(NA) and pre-annealed (An) prior to ECAP.
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15. Isochronal annealing

After processing by ECAP, materials were subjected to heat treatment at elevated
temperatures to study thermal stability of the microstructure and the course
of second-phase particles precipitation. Firstly, isochronal annealing with step
50 K/50 min was applied and the induced changes were monitored by Vickers
microhardness, electrical resistivity, light optical microscopy and transmission
electron microscopy - conventional and in-situ heating.

15.1 Vickers microhardness

Values of Vickers microhardness after ECAP and during subsequent isochronal
annealing 50 K/50 min are depicted in Figure 15.1. Deformation induced by
ECAP caused significant increase of HV. Initial microhardness after ECAP was
higher by approximately 10 % in the non-annealed materials as compared to the
pre-annealed ones. Addition of Zr into the alloys increased HV values not only
in the initial states after ECAP but during the whole annealing cycle.

Indistinctive increase of microhardness below 150 ◦C was observed in alloys
A, D and G, which was followed by a two-stage drop of HV. Only the two-stage
decrease of HV was recognized in the pre-annealed materials. At lower annealing
temperatures, the HV values decreased only moderately with increasing annealing
temperature; nevertheless, a significant reduction of microhardness was achieved
during this stage. This stage of the microhardness drop was more distinctive in
the non-annealed materials and the magnitude of the drop increased with the
number of ECAP passes.

During the second stage, a steep drop of microhardness associated with full
recrystallization was observed in all materials. The onset of this stage depended
on number of ECAP passes and on presence of Zr. While the increasing number
of ECAP passes displaced the onset of the recrystallization stage to lower temper-
atures, addition of Zr shifted it to considerably higher temperatures. The lowest
temperature of the onset of recrystallization stage (∼300 ◦C) was found in the
material AZ after two, four and eight ECAP passes, materials DZ and GZ after
eight passes followed at 350 ◦C. Concerning the main HV drop in materials after
one ECAP pass, the start was similar to the materials ECAPed by more passes
(∼400 ◦C), however the decrease was more fluent. Figure 15.2b describes the
temperature between the onset of the main HV drop and the end this decrease.
At 600 ◦C the microhardness of all studied alloys was comparable and reached
values 45-50 HV0.1.

15.2 Grain structure

Light optical microscopy confirmed that after annealing to the temperature above
the main HV drop (mainly 450 ◦C) the microstructure was fully recrystallized
with large grains. In the materials subjected to one ECAP pass the initial elon-
gation of the grains in rolling direction (direction of ECAP pressing) was still
apparent. However the grains were more equiaxed as compared to the state just
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(b) C412, pre-annealed
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(c) C470, non-annealed
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(d) C470, pre-annealed
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(e) C471, non-annealed
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Figure 15.1: The evolution of Vickers microhardness during isochronal annealing
50 K/50 min for all three materials after 4 ECAP passes. Materials non-annealed
prior to ECAP (A, D and G) and pre-annealed ones (AZ, DZ and GZ).
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Figure 15.2: (a) The evolution of Vickers microhardness during isochronal an-
nealing 50 K/50 min for pre-annealed materials after four ECAP passes. (b) The
temperature of recrystallization during isochronal annealing 50 K/50 min after
ECAP – temperature between the start and end point of the main microhardness
drop.

after ECAP. While the grain size was lower in the Zr-free material after casting,
the recrystallized grain size after annealing up to 450 ◦C was much higher in the
pre-annealed material without zirconium.

Concerning the materials after four ECAP passes, the main decrease of HV
occurred between the temperatures of 400 ◦C and 450 ◦C for materials A, D, G
and DZ, DZ. At 400 ◦C first recrystallized grains were observed in the central part
of the billet in the vicinity of large primary particles. After further annealing to
450 ◦C the materials were fully recrystallized with grain size in order of 100 µm
(Figure 15.3b). Further annealing to 600 ◦C led only to subtle grain coarsening.
However, in the material AZ the drop of microhardness was observed at annealing
temperatures by 100 ◦C lower. After annealing up to 300 ◦C the material was
only partially recrystallized, while annealing to 350 ◦C resulted in almost full
recrystallization. The average size of the recrystallized grains was much larger
than in other materials, the diameter of the largest grains approached 1 mm
(Figure 15.3a).

Obsevations by EBSD revealed that material AZ was after annealing at 300 ◦C
composed of bimodal structure with smaller grains of average 2 µm and larger
ones reaching 100 µm, which grew further during annealing. Zr-containing ma-
terial DZ at 400 ◦C still preserved the sub-micrometric grain size. After further
annealing to 450 ◦C the microstructure of DZ became bimodal with recrystallized
grains reaching 100 µm and smaller ones, which retained size around 5 µm (see
Figure 15.4). In both alloys before recrystallization the fraction of HAGB was
∼0.8, after recrystalllization it reached ∼0.9.

15.3 Electrical resistivity

Evolution of electrical resistivity during isochronal annealing 20 K/20 min was
measured on material C470 with addition of zirconium after ECAP (Figure 15.5a).
Resistivity evolution exhibited significant difference between materials which were
and which were not annealed prior to ECAP. In the non-annealed materials re-
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(a) AZ, 4 passes, 350 ◦C

(b) DZ, 4 passes, 450 ◦C

Figure 15.3: Through thickness grain structures of materials AZ and DZ after
four ECAP passes and isochronal annealing to 350 ◦C and 450 ◦C, respectively.
RD is vertical.

(a) AZ (b) DZ

Figure 15.4: EBSD grain maps of materials AZ and DZ after four ECAP passes
and isochronal annealing to 450 ◦C.
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sistivity started to decrease moderately, the main drop occured between 250 ◦C
and 480 ◦C. This drop was connected with peaks in possitive values in resistivity
annealing spectra. With increasing number of ECAP passes magnitude of the
peaks was shifted to lower temperatures. The onset of the peaks was shifted by
nearly 100 ◦C to lower temperatures as compared to the as-cast material. Above
480 ◦C the resistivity started to increase.

The absolute values of electrical resistance were much lower in the pre-annealed
materials. The drop of electrical resistivity was very shallow and increased with
the deformation applied by ECAP. At 450 ◦C the distinct rise of resistivity took
place. After annealing to 620 ◦C the absolute values of electrical resistance were
comparable for both D and DZ materials.

15.4 Transmission electron microscopy

15.4.1 In-situ annealing

Several materials (D, DZ and AZ) were subjected to in-situ annealing in trans-
mission electron microscope. This allowed observation of substructure recovery,
grain growth, precipitation and particles dissolution on one spot in the material
during the whole heating cycle. Heating sheme 50 K/50 min was applied: sample
was heated to required temperature, held 50 minutes at this temperature and
afterwards the temperature was rised again by 50 ◦C, and so on up to 550 ◦C.
The micrographs of the microstructure evolution during annealing are depicted
in Figure 15.7.

After four ECAP passes all studied materials contained high number of sub-
grains with an average size lower than 1 µm. Dislocation density was much
higher in material D than in DZ and AZ. However, the main difference between
the materials was the presence of secondary particles of α–Al(Mn,Fe)Si phase in
materials DZ and AZ, which were heat-treated before ECAP.

In-situ heating experiments revealed substantial microstructural changes in
the course of annealing. During annealing at lower temperatures below 200 ◦C
the dislocation substructure within the grains of the material D was nearly fully
recovered. Subgrains after annealing at 150 ◦C contained only residual density
of dislocations. In this material new particles of α–Al(Mn,Fe)Si phase started to
nucleate above 250 ◦C, preferentially on the subgrain boundaries. Their volume
fraction and density grew up and reached maximum at 350 ◦C. At higher anneal-
ing temperatures their ripening and partial reversion to the solid solution was
observed. At 500 ◦C only low number of coarser particles remained undissolved
in the matrix. At annealing temperature around 450 ◦C significant subgrain
growth occurred, creating a bimodal structure – a small amount of grains re-
tained its sub-micron size while most of the matrix was composed of large grains
with average size of several micrometers.

In the pre-annealed material DZ the α–Al(Mn,Fe)Si particles were present
in the matrix already before (and after) ECAP and no new precipitates formed
during in-situ heating. Nevertheless, also these particles increased their average
diameter at annealing temperatures below 350 ◦C and then, similarly as in the
specimen D, their ripening and dissolution was observed. At 500 ◦C only a small
number of coarse particles was present in the matrix. At 450 ◦C coalescence of
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subgrains and rapid grain growth began and at 500 ◦C most of the grains reached
the size of about 10 µm, only small fraction of them retained the micrometric
size. The dislocation substructure recovered at temperatures below 200 ◦C

Concerning material AZ without Al3Zr particles, no substantial differences
from DZ were observed during the course of in-situ annealing. Some grains started
to expand at 300 ◦C; however, the most pronounced grain growth took place
between 450 ◦C and 500 ◦C as in the material DZ.

The grain size evolution during in-situ heating in TEM of materials after four
ECAP passes is depicted in plot in Figure 15.5b. The values represent the average
diameter of the grains on the spot, which was observed during the whole in-situ
experiment (Figure 15.7). The increase of the grain size was fluent, indicating
continuous recrystallization. No difference was detected between materials D and
DZ. In AZ material without Zr the rize of grain size was steeper from temperature
450 ◦C. The smallest grains in the observed area had diameter aproximatelly half
of the average, the largest were around 5 µm.

In the material after one ECAP pass the recovery of dislocation substructure
took place during annealing to 300 ◦C and high angle grain boundaries formed.
These boundaries started to migrate at 450 ◦C. α–Al(Mn,Fe)Si particles nucleated
from 300 ◦C, their partial dissolution began at 400 ◦C. They emerged both at the
grain boundaries and inside the grains.

15.4.2 Post-mortem observations

To evaluate the role of in-situ heating on the microstructure evolution, some of
the materials were isochronally annealed in an air furnace with the same step as
during in-situ experiments and were observed in TEM aftervawrds.

The main difference seemed to be in temperatures of precipitation and par-
ticles dissolution (see Figure 15.6 for example). During in-situ observations the
particles formed at lower temperatures and their average diameter during an-
nealing was higher and number density lower. At 500 ◦C most of the particles
were already dissolved during in-situ processing; on the other hand, in materials
annealed in an air furnace the precipitates density at 500 ◦C was still high.

Moreover, during in-situ TEM observation the recovery seemed to proceed
more rapidly and the grain growth was limited and posponed to higher tempera-
tures. In materials processed by ECAP the grain size after in-situ annealing was
several µm, in conventionally annealed materials the grain size was much larger
than 10 µm after annealing at 500 ◦C. Nevertheless, some regions in the material
after one ECAP pass retained the grain size in order of 1 µm.
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Figure 15.5: (a) The evolution of electrical resistivity during isochronal annealing
20 K/20 min for alloys with zirconium after one and four ECAP passes. (b) The
evolution of average grain size measured during in-situ heating in TEM.

(a) Furnace, 300 ◦C (b) In-situ, 300 ◦C

(c) Furnace, 500 ◦C (d) In-situ, 500 ◦C

Figure 15.6: TEM micrograph from alloy D after four ECAP passes and annealing
to 300 ◦C and 500 ◦C in an air furnace and by in-situ heating in TEM.
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RT 100 ◦C 150 ◦C

200 ◦C 250 ◦C 300 ◦C

350 ◦C 400 ◦C 450 ◦C

500 ◦C 550 ◦C

Figure 15.7: In-situ annealing in TEM of alloy C470 after four ECAP passes from
room temperature to 550 ◦C.
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16. Isothermal annealing

As isochronal annealing 50 K/50 min did not prove any significant differences
in material with Zr between states which were or were not annealed prior to
ECAP (materials D and DZ) – both recrystallized between 400 ◦C and 450 ◦C,
isothermal annealing at 400 ◦C, 425 ◦C and 450 ◦C was applied in order to
describe the kinetics of recrystallization. All three materials were subjected to
isothermal annealing, only the pre-annealed alloy without Zr (AZ) was omitted,
as it recrystallized at lower temperatures then other materials.

16.1 Vickers Microhardness

The evolution of Vickers microhardness during isothermal annealing at 400 ◦C,
425 ◦C and 450 ◦C from 0.5 to 16 hours is shown in Figure 16.1. Concerning
materials after four ECAP passes, after a short annealing time at elevated tem-
perature the microhardness droped significantly from initial values of 100 HV0.1
for the non-annealed and 90 HV0.1 for the pre-annealed materials, respectively.
At the highest investigated temperature 450 ◦C the microhardness drop was very
steep in all investigated materials. After 30 minutes of annealing the average mi-
crohardness reached 50 HV0.1 and all alloys preserved this value during further
exposure to 450 ◦C.

Fast decrease of the macrohardness values in specimens annealed at 400 ◦C
and 425 ◦C for 0.5 hour to values between 70 and 75 HV0.1 was followed by a
plateau. Nevertheless, after longer annealing times also at these temperatures the
microhardness dropped to final value of about 50 HV0.1. Significantly shorter
time between 2 and 4 hours was necessary at 425 ◦C, while at 400 ◦C the main
HV drop from around 70 to 50 HV0.1 took place between 12 and 16 hours of
annealing in materials with zirconium. In the material without Zr the HV drop
was quicker at all temperatures (Figure 16.2a).

Annealing at 450 ◦C of materials ECAPed by only one pass led to HV decrease
from approximatelly 85 HV0.1 to 75 HV0.1 after annealing up to 1 hour. Due
further annealing the microhardness dropped slowly, reaching 50 HV0.1 after
8 hours. The values of HV were again lower for A material.

16.2 Microstructure

Light optical microscopy and scanning electron microscopy were used to study the
evolution of the grain structure during annealing. After a short period at 450 ◦C
part of the matrix contained new, recrystallized grains with an average size of
50 µm. The recrystallized fraction was higher in the pre-annealed materials. After
1 hour at 450 ◦C the microstructure was fully recrystallized in both materials pre-
annealed and non-annealed prior to ECAP.

At 425 ◦C first recrystallization nuclei were observed after 1 hour in the pre-
annealed materials and after 2 hours in the materials, which were not heat treated
before ECAP. The full recrystallization occurred after 4 hours of annealing in both
types of materials.
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Figure 16.1: (a, b, c) The evolution of Vickers microhardness during isothermal
annealing at 400 ◦C, 425 ◦C and 450 ◦C for all material after four ECAP passes
and (d) at 450 ◦C for materials after one ECAP pass.
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Figure 16.2: (a) The evolution of Vickers microhardness during isothermal an-
nealing at 425 ◦C for materials after four ECAP passes. (b) The dependence of
Vickers microhardness on the average grain size of materials during isothermal
annealing at 425 ◦C, fit of Hall-Petch relation 1.18.
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During heat treatment of materials with Zr at 400 ◦C, limited number of re-
crystallization nuclei was observed in the pre-annealed material after 4 hours.
Full recrystallization took place after 16 hours in both types of materials; how-
ever, the first traces of recrystallization in the non-annealed materials were not
observed until 8 hours of annealing. After recrystallization at all temperatures
the microstructure was bimodal with large grains of the size in order of hundreds
of µm. Also considerable number of smaller grains with average diameter in the
order of 10 µm was present in the material. The HAGB fraction reached ∼0.9.

Observations in SEM by EBSD enabled examination of the grain structure.
After four ECAP passes materials were comprised of sub-micrometric grains
which were separated by high angle boundaries. During initial stages of annealing
at elevated temperature the average grain size increased slightly from 0.4 µm to
approximatelly 1 µm. Due further annealing these grains were stable to the point,
where grains of size 20-100 µm started to appear. This new grains were separated
by high angle grain boundaries. After 3 hours at 425 ◦C half of the microstructure
of material D was comprised of micrometric grains or subgrains, the second half
was built up of new grains with no subgrain substructure (Figure 16.3a). Further
annealing to 4 hours resulted in full transformation to corse-grained structure.
However, small grains with diameter around 10 µm inside the large ones were
observed (Figure 16.3b), which confirmed the observation in LOM.

Precipitation of α-Al(MnFe)Si phase was another effect of isothermal anneal-
ing at all temperatures. Examinations in TEM and SEM (Figure 16.4) showed
that high density of these particles was present in all materials after heat treat-
ment. In the material, which was not annealed prior to ECAP, all precipitates
were newly formed. They were located mainly on the grain boundaries. In the
pre-annealed material, the precipitates, which were present in the matrix before
ECAP, coarsened and new ones formed.

Application of Hall-Petch relationship (Eq. 1.18) on microhardness and grain
size evolution during isothermal annealing at 425 ◦C revealed linear dependance
of microhardness on inverse square root of average grain size (Figure 16.2b).
Fitted parameters from Equation 1.18 are H0 = 32 ± 4 HV 0.1 and KH = 42 ±
4 HV 0.1 ·µm1/2, which are comparable with values obtained by other researchers
(e.g. [58, 115]).
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(a) 3 hours at 425 ◦C (b) 4 hours at 425 ◦C

Figure 16.3: EBSD orientation map of material with Zr after four ECAP passes
and annealing at 425 ◦C. After 3 hours at 425 ◦C part of the microstructure
retained ultrafine grains, in other parts grains grew to size around 100 µm. After
4 hours the microstructure is bimodal with large grains around 100 µm and
smaller grains with size around 10 µm inside them.

(a) D, 2 hours at 425 ◦C (b) DZ, 1 hour at 450 ◦C

Figure 16.4: (a) BSE image of material D after four ECAP passes and annealing
for 2 hours at 425 ◦C. (b) TEM micrograph of material DZ after four ECAP
passes and annealing for 1 hour at 450 ◦C.
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17. High temperature
deformation

17.1 Mechanical properties

Materials after ECAP were tested by high temperature deformation to find out,
whether they exhibit superplactic behaviour. The tests were undertaken at tem-
peratures between 350 ◦C and 450 ◦C.

The results from tensile tests are shown in Figure 17.1. Processing by four
ECAP passes significantly increased both ductility and the value of strain rate
sensitivity parameter m (Eq. 1.19). Materials, which were not annealed prior to
ECAP, exhibited higher values of ductility and m – 4-5 times higher than mate-
rials before ECAP. However, mechanical properties of the pre-annealed material
C412 without Zr, which recrystallized during isochronal annealing at lower tem-
perature than other materials after four ECAP passes, were close to properties
of the material before ECAP.

With increasing temperature of tensile test both ductility and m rose. Nev-
ertheless, above the temperature of recrystallization (∼450 ◦C for most of the
materials), both ductility and m dropped significantly (see Figure 17.1b).

The maximal parameter m was measured in non-annealed materials after four
ECAP passes; however, its value barely reached the lower limit for superplastic
behaviour, which is m = 0.3.

The Vickers microhardness measurements showed the distribution of micro-
hardness after the tensile tests (see Figure 17.2). In non-deformed part of the
sample microhardness dropped by ∼20 %, in the deformed section the drop was
more pronounced. The closer to the point of fracture, the lower was the HV.

17.2 Microstructure

Observations in TEM and analysis by EBSD showed that the average grain size
of materials after ECAP (∼0.4 µm) increased during tensile testing at 400 ◦C.
This growth was more apparent in the deformed area of the sample, near the
fracture point. Also significant elongation of grains in the direction of tensile
loading was observed – Figure 17.3. In the undeformed section of the sample the
average grain size reached ∼2 µm, in the deformed part it was ∼2×5 µm. The
increase of the grain size was closely connected to the microhardness drop in the
deformed part of the samples.

The average grain size of material AZ after testing at 400 ◦C was several
hundreds of µm in length and ∼100 µm perpendicular to the direction of tensile
loading.

Due to exposure to 400 ◦C during tensile testing, massive precipitation of
α-Al(Mn,Fe)Si phase was observed in all materials. This phenomenon was more
pronounced in the materials which were not heat treated before ECAP, as no
precipitates were present in aluminium matrix before and after deformation and
all formed during heating and tensile tests.
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Figure 17.1: (a) Ductility and strain rate sensitivity parameter m for alloys C412
and C470 in as-cast state (A-C), annealed for 8 hours at 450 ◦C (An) and pro-
cessed by four ECAP passes (4P). The tensile test were performed at 400 ◦C.
(b) Ductility and m parameter for alloy C470 processed by four ECAP passes for
different temperatures of tensile tests.

Figure 17.2: Map of Vickers microhardness on a speciment after high temperature
tensile testing at 400 ◦C – undeformed part at left, point of fracture at right.
Material C470, annealed at 450 ◦C, after four ECAP passes.
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(a) EBSD, deformed (b) TEM, deformed

(c) EBSD, undeformed (d) TEM, undeformed

Figure 17.3: EBSD orientation map and TEM micrograph of material C470 after
four ECAP passes and tensile testing at 400 ◦C, deformed area near the fraction
point and undeformed part.
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18. Discussion

Similarly to other Al-based alloys, the equal channel angular pressing is an effec-
tive tool for microstructure refinement also in the TRC Al-Mn-based alloys. The
grain size after four ECAP passes was ∼0.5 µm, i.e. it was lower in compari-
son with Al-Zn-based [126] or Al-Mg-based alloys [117] after ECAP. Explanation
could be found in a lower ECAP temperature in the Al-Mn-based alloys which
did not allow grain coarsening at higher number of ECAP passes.

Development of an ultrafine-grained structure was completed after four ECAP
passes. Further increase in ECAP deformation led to elongation of newly formed
grains. A similar microstructure development during ECAP was observed in a
chill cast Al-Mn-Sc-Zr alloy with a reduced Fe+Si content [127]. Such process did
not significantly influence the deformation characteristics and both the strength
and ductility were very close in samples after four and eight ECAP passes, re-
spectively.

The main increase in strength characteristics occured already during the first
ECAP pass. The microstructure analysis documented clearly that not the ultra-
fine grain size but very high dislocation density was responsible for this effect.

The Al3Zr particles were introduced into the alloys in order to retard re-
crystallization and grain growth. Annealing at 450 ◦C prior to ECAP resulted
additionally in precipitation of the α-Al(Mn,Fe)Si particles and thus in the reduc-
tion of Mn atoms dissolved in the aluminium matrix. The higher strenghtening
effect of ECAP in the non-annealed materials can be thus explained by the higher
content of Mn remaining in the solid solution. Mn atoms are very effective in
hindering dislocation motion and suppression of recovery processes. Therefore,
deformation energy stored in the non-annealed materials was higher than in the
annealed ones. The manganese atoms remaining in aluminium solid solution in
non-annealed materials seemed to have a greater stabilizing effect than the Al3Zr
particles present simultaneously with the α-Al(Mn,Fe)Si particles in annealed
materials.

However, the increased dislocation density in materials non-annealed prior to
ECAP, which led to higher microhardness values, made further processing more
difficult and materials cracked.

Isochronal annealing

Comparing the microstructure of the pre-annealed alloys, the presence of Al3Zr
particles was found to have a major influence on the thermal stability of the de-
formed materials. During isochronal annealing with heating rate 50 K/50 min
softening of materials, indicated by a decrease of the microhardness, was caused
by substructure recovery and recrystallization. In-situ transmission electron mi-
croscopy showed that recrystallization occurred in a continuous manner. Dur-
ing the continuous recrystallization highly deformed alloy may transform during
annealing by relatively localized boundary migration to a microstructure of ap-
proximately equiaxed defect-free grains, which are predominantly bounded by
high angle grain boundaries. It has been shown [73, 113] that the continuous
recrystallization is promoted by large strains induced into the material and by
second-phase particles, which is the case of the studied materials, as a dense dis-
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persion of secondary particles of α-Al(Mn,Fe)Si phase was achieved by annealing
at 450 ◦C prior to ECAP processing.

Al3Zr precipitates beneficially contributed to the shift of recrystallization and
the main microhardness decrease to temperature range of 400-450 ◦C in the Zr-
containing materials C470 and C471, unlike the C412 material which recrystal-
lized between 300 ◦C and 350 ◦C. The average grain size after isochronal annealing
was much lower in the Zr-containing materials, which was another positive effect
of the Al3Zr particles — they pin moving grain boundaries and inhibit grain
growth.

The situation was different in the case of materials which were not heat treated
before deformation – recrystallization in both materials with and without Zr
addition took place between 400 ◦C and 450 ◦C.

From another point of view, materials D and DZ were compared to evalu-
ate the role of pre-annealing at 450 ◦C. In the course of isochronal annealing
of material D, dislocation density droped via recovery of the substructure and
microhardness gradually decreased. As new precipitates of α–Al(Mn,Fe)Si phase
nucleated at temperatures above 250 ◦C, aluminium matrix was depleted from
manganese; this process also contributed to microhardness drop.

In the case of material DZ, dislocation density within subgrains was low and
no new particles nucleated, thus, depletion of solid solution was modest; the
microhardness decrease was much less pronounced.

The initial deformed microstructure after ECAP processing also influenced the
subsequent mechanisms of hardening and softening at elevated temperatures. The
initial faint increase of microhardness below 150 ◦C observed in the D specimen
might be associated with the mechanism observed in heavily deformed aluminium
by Huang et al. [128]. Decrease of dislocation density and formation of well
developed small subgrains can result in surprising rise of the strength of the
material. As dislocations are annealed out, higher tensile stress is required to
activate new dislocation sources to enable deformation [129]. As material DZ
already contained small subgrains with well developed subgrain boundaries and
very low dislocation density in their interior, no such increase of HV was observed
in this material.

The presence of Al3Zr precipitates in pre-annealed material DZ was responsi-
ble for the shift of the recrystallization temperature by 100 ◦C to higher values
when compared to the alloy without Zr addition pre-annealed in the same man-
ner as the material DZ. On the other hand, no Al3Zr precipitates were present
in the material D after ECAP. Because the recrystallization temperature during
isochronal annealing was the same for both materials, different mechanism has
to be attributed for recrystallization resistance of material D.

During the in-situ heating in TEM new α-Al(Mn,Fe)Si precipitates formed
preferentially on the subgrain boundaries and the boundaries were pinned by
these particles up to temperatures around 450 ◦C when particle dissolution oc-
curred. This phenomenon is in accordance with previous work (e.g. [66]) where
it was shown that in cold-rolled aluminium alloys second-phase particles, which
nucleated from the solid solution during subsequent heat treatment, interact with
moving dislocations and pin grain boundaries more effectively; they could thus
postpone recrystallization to higher temperatures (by approximately 100 ◦C) as
compared to materials, where the secondary particles were present before defor-
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mation.

Although no Al3Zr precipitates were observed in the D specimen at 450 ◦C
by TEM, their presence in the form of very small particles (diameter less than 1-
2 nm) could not be excluded. Their eventual presence is very probable because the
annealing temperature and time correspond with the initial phases of the Al3Zr
particle formation in the DZ specimen. Therefore their role as recrystallization
inhibitors could not be omitted. Moreover, they may be responsible for the slight
microhardness increase above HV of material C412.

The pronounced drop of HV between 400 ◦C and 450 ◦C was connected with
the nucleation of new grains and recrystallization. Recrystallization began in the
center of the billets. During twin-roll casting central segregates of eutectic phase
α-Al(Mn,Fe)Si were formed in the center of the foil. The aluminium matrix in
the vicinity of these segregates was depleted from atoms of alloying elements and
only limited number of precipitates formed in this area. As there were almost no
particles to pin moving grain boundaries, recrystallization began preferentially
from the central segregates. These segregates also can serve as preferential sites
for nucleation of new grains through particle simulated nucleation.

According to in-situ TEM observation, recrystallization was also connected
with dissolution of secondary particles. As the precipitates were formed mainly on
the subgrain boundaries, motion of the boundaries was hindered by the particles.
At 450 ◦C most of the precipitates were dissolved or too coarse to effectively pin
the grain boundaries and grain boundaries started to migrate.

The stored deformation energy is connected with the driving force for recov-
ery and recrystallization. Thus, the continuous drop of microhardness at the
first stage of annealing resulting form recovery was steeper and recrystallization,
which is responsible for the HV reduction in the second stage, started at lower
temperatures for the materials subjected to higher number of ECAP passes. The
shallowest was the microhardness decrease in materials subjected to only one
ECAP pass.

Resistivity measurements and observations by TEM of samples annealed in an
air furnace revealed discrepancies between in-situ and post-portem observations in
TEM. According to resistivity measurements precipitation in material D started
at temperatures above 260 ◦C, number of precipitates observed by conventional
TEM was still quite low at 300 ◦C. However, first precipitates were observed
during in-situ heating at 250 ◦C. The highest number of precipitates was present
in the material at ∼350 ◦C during in-situ and at ∼500 ◦C during post-mortem
observations. Moreover, the number density and average size of precipitates were
different – during in-situ heating the precipitates were coarser and their number
density was lower. Recovery processes were quicker during in-situ annealing. On
the contrary, grain growth was suppressed and the grain size at 550 ◦C was much
lower after in-situ annealing. Both resistivity and microhardness measurements
were undertaken on samples annealed in furnace and their results corresponded
to post-mortem microscopic observations.

The main difference is in two-dimensional nature of in-situ observations in
TEM. During in-situ annealing recovery is sped up as free surface, where dislo-
cations can anihilate, form high fraction of the TEM foil. As the precipitates
nucleated at lower temperature, their number density was lower and during fur-
ther annealing atoms of solute elements were consumed on coarsening of the

117



existing precipitates rather than on nucleation of new ones. HAGB were more
stable as they were fixed by the free surface and higher temperature was neces-
sary for their motion. Moreover, as dislocation density was reduced more quickly
during in-situ annealing, driving force for recrystallization and grain growth was
lower as compared to conventionally annealed materials. Thus, recrystallization
was postponed to higher temperatures.

Isothermal annealing

During isothermal annealing at elevated temperatures the sub-micrometric grains
were replaced by new grains with size comparable to the ones observed before plas-
tic deformation by ECAP. However, the grain distribution was inhomogeneous
and some of the grains retained smaller size around 10 µm. The time necessary
for full recrystallization highly depended on annealing temperature. Concerning
material C470 after four ECAP passes, at 400 ◦C it took 16 hours for full recrys-
tallization, at 425 ◦C only 4 hours. At the highest applied temperature 450 ◦C the
recrystallization was very fast, high fraction of the matrix recrystallized already
during 10 minutes of exposure to the elevated temperature. The time required
for recrystallization at all selected temperatures did not depend on the alloy pre-
treatment. This means that the initial annealing at 450 ◦C, which was conducted
in order to enhance thermal stability of the alloy at high temperatures, did not
meet the requirement. Moreover, first recrystallized grains emerged at a given
temperature in the pre-annealed material after shorter annealing time than in
the non-annealed one. This may be caused by the depletion of the matrix from
Mn and also by a higher density of α-Al(Mn,Fe)Si phase particles, which were
present in the matrix prior to isothermal annealing. Such particles can promote
recrystallization by serving as preferential nucleation sites for recrystallization
through the particle stimulated nucleation. Both effects thus can override the
beneficial influence of Al3Zr precipitates.

The recrystallization was slightly faster in material C412 without Zr. The
distribution of α-Al(Mn,Fe)Si particles was similar in both materials with and
without Zr, so their contribution to recrystallization resistance should be compa-
rable. This fact confirms the possitive influence of zirconium even in the material
D, where Al3Zr precipitates were not detected.

Due to lower stored deformation energy in materials after one ECAP pass,
their recrystallization at 450 ◦C took much longer time than for materials after
four passes – between 2 and 8 hours depending on the alloy and heat pre-
treatment.

The increase of average grain size during annealing was interconnected with
microhardness via Hall-Petch relataion – the values of microhardness dropped
with increasing square root of average grain size.

Superplasticity

Finally, deformed materials were subjected to dynamic testing by high tempera-
ture tensile tests to examine, whether they manifest superplastic behaviour. The
ultrafine-grained structure was introduced into the material by ECAP and it was
shown by static testing, that thanks to zirconium addition the UFG structure
remained stable up to several hours of annealing at 425 ◦C.
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However, none of the materials exhibited properties corresponding to super-
plasticity. This can be attributed to dense population of secondary particles.
These are known to retard sliding of HAGB, which is the main deformation
mechanism during superplastic deformation [119]. These particles were already
present in the pre-annealed material and obstructed superplastic behaviour more
efficiently than those in material non-annealed prior to ECAP. There the secon-
dary particles formed during high temperature deformation. Moreover, the initial
grain structure was not homogeneous and still reasonable fraction (∼0.3) of the
grain boundaries were LAGB. Only HAGB can contribute to superplsticity.

The degradation of mechanical properties during testing at 450 ◦C was in
accordance with microstructure observations which showed rapid recrystallization
at this temperature.
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19. Discusion

19.1 Precipitation

After twin-roll casting most of the solute elements were dissolved in solid solution
of aluminium. Heat treatment at elevated temperatures led to decomposition of
the solid solution via precipitation of second-phase particles. The predominat
phase occuring in AA3003 aluminium alloys is α-Al(Mn,Fe)Si phase. Cubic mor-
phology of this phase was observed in all studied materials.

Precipitation kinetics was studied by the means of electrical resistivity mea-
surements. Deformation implied into the material had a significant influence on
the course of precipitation (Figure 19.1a). In the as-cast materials precipita-
tion started around 370 ◦C; however, deformation shifted start of precipitation
to lower temperatures by ∼100 ◦C. Both deformation by cold-rolling and ECAP
influenced the precipitation in the same manner.

Precipitation was divided into several stages. The higher was the imposed
strain, the more pronounced was the first stage, where precipitates nucleated at
subgrain boundaries. Comparing cold-rolled and ECAPed materials, four ECAP
passes induced into the material strain ∼4, cold-rolling to 1 mm induced strain
∼2. The first stage reached maximum earlier in material after four ECAP passes
(see Figure 19.1a) than in the cold-rolled one. Processing by only one ECAP pass
induced strain ∼1 and resulted in prevailing of precipitation at higher tempera-
tures.

19.2 Recrystallization

After deformation by cold-rolling and ECAP, high dislocation density was in-
troduced into the materials and aluminium matrix was in non-equilibrium state.
In the course of heat treatment the stored deformation energy was released by
recovery and recrystallization and new grain structure formed.

All deformed materials were subjected to high temperature annealing in or-
der to evaluate their thermal stability. Influence of the strain imposed into the
material by deformation played the main role on the temperature of recrystal-
lization (Figure 19.1b). The higher was the imposed strain, the lower was the
recrystallization resistance of the material; moreover, more pronounced was the
softening of the material prior to recrystallization. The microhardness decreased
to ∼70 HV0.1 before the main drop connected with recrystallization regardless
the type of deformation. After recrystallization the grain size reached values
similar to as-cast states – 100 µm and microhardness of all materials was the
same.

In materials pre-annealed prior to deformation, recrystallization was substan-
tially influenced by presence of zirconium in the alloys. In non-annealed materials
deformed by both cold-rolling and ECAP, the difference was milder.

In Zr-containing alloys heat pre-treatment did not influence the recrystal-
lization temperature. However, the recrystallization resistance was achieved by
different mechanisms – in pre-annealed alloys it was presence of Al3Zr, in non-
annealed ones it was mainly precipitation of α-Al(Mn,Fe)Si phase.

123



-900

-600

-300

 0

 300

 600

 900

 1200

 100  200  300  400  500  600

-1
/ρ
0 

dρ
/d

T
 [

K
-1

]

Temperature of annealing [°C]

As-cast
1 mm

1P
4P

(a) Resistivity

 40

 50

 60

 70

 80

 90

 100

 110

 0  100  200  300  400  500  600

M
ic

ro
ha

rd
ne

ss
 [

H
V

0.
1]

Temperature of annealing [°C]

1 mm
1P
4P

(b) Microhardness

Figure 19.1: Resistivity annealing spectra and evolution of Vickers microhardness
during isochronal annealing of material C470 in as-cast state, cold-rolled to 1 mm
and processed by one and four ECAP passes.

19.3 Zirconium and chromium

Zirconium and chromium were added into the alloys in order to enhance recrys-
tallization resistance and refine the grain structure. Zirconium formed Al3Zr
precipitates which posponed recrystallization in annealed alloys after ECAP by
100 ◦C. However, they did not influence temperature of recrystallization concern-
ing the same material with and without Al3Zr particles.

Comparing alloys with and without Zr which were not annealed for Al3Zr
prepitates formation, recrystallization resistance was also slightly higher in alloys
with Zr, both after cold-rolling and ECAP. Thus, clusters of Zr atoms, which
formed during recrystallization annealing, can be also attributed for enhanced
recrystallization resistance.

However, no significant differences were observed between material with Zr
and with both Zr and Cr. Chromium was found to incorporate into α-phase
particles to form α-Al(Mn,Fe,Cr)Si.
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20. Conclusion

Three twin-roll cast alloys from AA3003 series were studied. After casting the
microstructure was unhomogeneous with eutectic macrosegregations in center of
the foils and elongated grains near the foil surface.

Firstly, precipitation of second-phase particles was monitored. The precipi-
tation took place in temperature range 300-500 ◦C and was divided into two
main stages. At lower temperatures precipitates formed at subgrain boundaries,
later also in grain interior. Both precipitates and primary particles, which were
present in the material after casting, were cubic α-Al(Mn,Fe)Si phase with lattice
parameter 1.26 nm. With applied deformation the precipitation shifted to lower
temperatures and the first stage became more prounouced.

In the next step conditions for precpitation of coherent Al3Zr precipites were
found. High density of these particles formed in alloys with zirconium addition
during annealing to 450 ◦C with heating rate 0.5 K/min. During holding at
450 ◦C their number density further increased.

Finally, alloys were subjected to sever plastic deformation by equal channel
angular pressing. Materials with and without zirconium and annealed and non-
annealed prior to ECAP were compared. Four ECAP passes led in all materials
to substantial grain size reduction and strength increase. During exposure to
elevated temperatures ultrafine grains were replaced by larger ones via recrys-
tallization. In annealed materials recrystallization resistance was enhanced by
presence of Al3Zr particles. In non-annealed alloys recrystallization was post-
poned by precipitation of α-Al(Mn,Fe)Si particles and probably also by clusters
zirconium. The higher was the applied temperature, the more rapid was recrys-
tallization. Also the strain induced into the material by deformation accelerated
recrystallization.

Both precipitation and recrystallization were observed by in-situ heating in
transmission electron microscope. However, mechanical properties evolution cor-
responded to microstructures, which were achieved by conventional ways of an-
nealing.
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A. DVD content

Part of this work are videos from in-situ heating in transmission electron mi-
croscope. All samples were isochronally annealed with step 50 ◦C/50 min. The
videos can be found on the enclosed DVD.

Following materials were subjected to in-situ heating:

• Dinit = alloy C470, as-cast

• D1P = alloy C470, after 1 ECAP pass

• D4P = alloy C470, after 4 ECAP passes

• DZ4P = alloy C470, annealed with heating rate 0.5 K/min to 450 ◦C +
8 h/450 ◦C, 4 ECAP passes

• AZ4P = alloy C412, annealed with heating rate 0.5 K/min to 450 ◦C +
8 h/450 ◦C, 4 ECAP passes

Corresponding images from in-situ heating are on pages 80 and 106 and in
the Figures.pdf file.

Further on the DVD:

• Pokova-PhD.pdf – Text of the thesis.

• Figures.pdf – Supplementary figures and charts.
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