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Preface 

Magnesium alloys represent the lowest density structural metals (along with toxic 

beryllium). Thus, it is a highly interesting material for the transportation industry, 

where the fuel saving achieved through weight reduction belongs to the most 

important tasks. Nevertheless, their widespread application is limited by the higher 

production costs in comparison to aluminum alloys and steels, caused especially by 

low formability of magnesium alloys at ambient temperature. Despite the efforts of 

the scientific community in the last several decades, the study of the mechanical 

properties of magnesium alloys is still a challenging task. Their hexagonal closed 

packed structure causes a unique deformation behavior completely different from 

cubic metals (e.g. fcc, bcc). 

During the straining main deformation mechanisms are basal, prismatic, first-

order and second-order pyramidal slip and deformation twinning. Their activation 

significantly depends on the various microstructural (initial texture, grain size, 

alloying content, the ratio of crystallographic axes c/a) and experimental (strain path, 

strain rate, and testing temperature) parameters. 

Owing to the polar nature of twinning, the initial texture, and the loading 

direction significantly influence its activity. The tension-compression asymmetry 

often observed in wrought alloys is an example caused by this phenomenon. On the 

microscopic scale, the twin variant activation and twin growth depend on the 

orientation of the surrounding grains. 

There is a general agreement in the key role of the basal 〈𝑎〉 slip in the plasticity 

of magnesium. The prismatic 〈𝑎〉 slip has been reported as important for the 

development of macroscopic plasticity and twin growth. Despite the high resolved 

shear stress of the second-order pyramidal slip system at ambient temperatures, the 

〈c + a〉 the slip was found to be active during a later stage of the compressive 

deformation when the primary twinning mechanism is already exhausted. Naturally, 

the interaction between twins and dislocations has to be taken into account as well. 

In the last decade, several different theoretical models for the description of 

twinning and dislocation slip phenomena in hexagonal materials were worked out. 

The atomistic calculations deal with the fundamental mechanisms of twin nucleation, 

growth and twin boundary – dislocation interactions. The various crystal-plasticity 

models use different approaches, as Taylor model, finite element method or self-
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consistent method. Particularly, the latter one is widely used nowadays. The early 

works were focused only on the description of the texture evolution. Later, many 

efforts were devoted to modeling of deformation anisotropy, strain hardening, and 

twinning caused lattice reorientation during monotonic loading. The most recent 

models can also successfully describe the stress-strain behavior during the strain-path 

change, including the detwinning phenomenon, the twin – dislocation interaction and 

the dislocation transmutation. 

The experimental validation of the theoretical results is a quite challenging task. 

The ex-situ microscopy methods (light optical microscopy, scanning and 

transmission electron microscopy) belong to the primary, common choice for this 

task. Their main drawback is in studying twinning and dislocation slip in a relatively 

small volume of the sample and in post-mortem state. 

Therefore, various in-situ techniques, giving real-time and statistically relevant 

information were recently developed. In this work, we focused on two of them: 

neutron diffraction and acoustic emission. 

In the case of in-situ neutron diffraction, the overall twinned volume is 

determined from the intensity variation of particular peaks, caused by the crystal 

lattice reorientation during twinning. Furthermore, the activation of a particular slip 

system can be judged from the deviation of the lattice strains from the ideally elastic 

response. The line profile analysis of the diffraction pattern was successfully used for 

investigation of the dislocation structure. 

The acoustic emission has been used as a complementary experimental technique 

to neutron diffraction. The main advantages of the method are the high time 

resolution and sensitivity to twin nucleation and collective dislocation motion. A 

recent statistical method worked out by Pomponi and Vinogradov can be used for the 

determination of the dominant deformation mechanisms from the AE signal at the 

various stages of deformation. 

In this thesis, a comprehensive study of deformation behavior of cast randomly 

textured magnesium alloys was performed. The outputs of the theoretical modeling 

were compared with a wide spectrum of ex-situ and in-situ experimental results. The 

influence of the various microstructural and experimental parameters on mechanical 

performance is discussed in detail. 
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1. Theoretical background of magnesium alloys 

1.1. Hexagonal close-packed structure 

The atoms in magnesium are arranged in hexagonal close-packed structure 

(HCP)(Figure 1.1). It has two free lattice parameters - a and c. It is characterized by 

the six-fold symmetry along the c-axis and three equivalent directions 𝑎1, 𝑎2, 𝑎3 that 

make up an angle of 120 degrees and are perpendicular to the c-axis. Mechanical 

properties of materials with the HCP structure are significantly influenced by the c/a 

ratio [1]. For magnesium the c/a ratio is close to the ideal theoretical value (√8 3⁄ ≅

1.633)*
 and it is equal to 1.623. 

 

Figure 1.1 Hexagonal close-packed structure 

1.2. Deformation mechanisms in HCP 

The main deformation mechanisms in HCP metals are dislocation slip and 

deformation twinning. 

1.2.1. Dislocation slip 

The slip is realized by moving of dislocations. The magnitude and direction of 

slip are represented by the Burgers vector �⃗� . To initiate the slip, the component of 

shear stress, resolved in the direction of slip, has to overcome the critical value – 

critical resolved shear stress (CRSS). Generally, the slip system with the lowest 

CRSS is on the close-packed plane and in close-packed direction, however, other slip 

                                                 

*
 If the 𝑐 𝑎⁄ ≠ √8 3⁄  it is not exactly the close-packed structure, but the name HCP is used for 

all c/a values  
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systems can be activated as well. The value of CRSS for the slip system depends also 

on temperature and alloying content. 

The effect of  𝑐 𝑎⁄  ratio on the dislocation activity is significant. In an ideal 

case when 𝑐 𝑎⁄ = √8 3⁄ , HCP structure has one close packed plane family. It is basal 

plane (0001) with three close-packed 〈𝑎〉 directions (〈112̅0〉). For materials with 

𝑐 𝑎⁄  higher than ideal value (Zn, Cd), basal slip is the most easily activated 

deformation system. For materials with 𝑐 𝑎⁄  lower than ideal value (Ti, Zr, Be), the 

most easily activated slip is on the prismatic {101̅0} and pyramidal {101̅1} plane in 

the 〈𝑎〉 direction. For those close to the ideal value (Mg, Co, Cr,…) the main slip 

system is basal but it can be partly substituted by pyramidal or prismatic slip [1] 

(Figure 1.2).  

 

Figure 1.2 The main slip systems in magnesium 

All above listed systems have their Burgers vector in 〈𝑎〉 direction. Basal and 

prismatic slip together provide only 4 independent slip systems. The 1
st
 order 

pyramidal slip provides 4 independent modes by itself, but they are the same as the 

combination of basal and prismatic slip. Therefore, their combination does not fulfill 

the von Mises criterion of five independent slip systems necessary for homogeneous 

plastic deformation and there is no possibility for deformation along the c-axis 

(Table 1.1) [2]. The slip in 〈𝑐 + 𝑎〉 direction on 2
nd

 order pyramidal plane fulfills the 

von Mises criterion, but the CRSS for its activation at room temperature is much 

higher than for 〈𝑎〉 slip [3]. It can be explained by relative large �⃗�  in comparison to 

the lattice parameters. 

 

 

 

 Basal Prismatic 1
st

 order 2
nd

 order 

    Pyramidal 
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Table 1.1 The main slip systems in magnesium [1] 

Plane Direction Notation 
Number of 

independent modes 

Basal 〈𝑎〉 {0002}〈112̅0〉 2 

Prismatic 〈𝑎〉 {11̅00}〈112̅0〉 2 

1
st
 Pyramidal 〈𝑎〉 {11̅01}〈112̅0〉 4 

2
nd

 Pyramidal 〈𝑎 + 𝑐〉 {112̅2}〈112̅3〉 5 

The probability of the activation of particular slip system strongly depends on 

the mutual orientation of the loading direction, slip plane and slip direction and 

CRSS 𝜏. The orientation dependence is characterized by the Schmid factor (SF) – m, 

which is defined by the cosine of the angle between loading axis 𝐹  and normal to slip 

plane �⃗⃗�   (φ) and the cosine of the angle between loading axis 𝐹  and the slip direction 

�⃗�  (λ) (Figure 1.3): 

 
𝜏 =

𝐹

𝑆0
∙ 𝑚 = 𝜎 ∙ 𝑚 = 𝜎 cos 𝜆 cos𝜑 (1.1)  

The ideal orientation for activation of slip system is when 𝜆 = 𝜑 = 45°. 

The understanding of the conditions for the activation of particular slip systems 

is of a key importance. However, it is a rather challenging task. One of the first 

experiments in this field was done by Bakarian et al. [4]. They investigated the 

activation condition of individual slip systems by deforming of specially oriented 

Slip plane 

Slip 

direction 

λ 
φ 

𝑆0 
�⃗�  

�⃗⃗�  

𝐹  

𝑃 

Figure 1.3 Schematic illustration of 

plastic deformation in single 

crystal. 𝐹  – applied load, P – slip 

plane, �⃗⃗�  – normal of the slip plane, 

�⃗�  – slip direction, λ - angle between 

applied load and the slip direction, 

φ - angle between applied load and 

the slip plane normal, 
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single crystals. The active slip system was revealed by the slip traces analysis on the 

surface of the specimen.  

It has been proved that the CRSS for basal slip is significantly lower than that 

for other slip systems (Table 1.2). This result was confirmed by many later studies 

[5-8]. Further, it was found that CRSS for basal slip is virtually independent on the 

temperature, whereas the data for non-basal slip are not so consistent. A successful 

measurement requires proper adjustment of the sample. Even a small deviation from 

the ideal orientation can result in concurrent activation of different slip systems. The 

early studies illustrated that CRSS for non-basal 〈𝑎〉 dislocation is about 50-100 

times higher than for basal one [9]. The activity of 〈𝑐 + 𝑎〉 slip at room temperature 

was not observed at all. However, all the measurements agree in strong dependence 

of CRSS of non-basal slip on the deformation temperature. It was suggested, that the 

activation of the non-basal slip takes place only at temperatures above 200°C.  

Table 1.2 Critical resolved shear stress for slip systems in magnesium [4, 7, 8, 10] 

Plane Critical resolved shear stress [MPa] 

Basal 0.52 – 1.2 

Prismatic 8 – 20  

2
nd

 Pyramidal 40 – 100  

The only experimental method that is able to directly visualize dislocations is 

transmission electron microscopy (TEM). Stohr and Poirier [11] or Agnew et al. [12] 

studied the structure of 〈𝑐 + 𝑎〉 dislocations by TEM and contrary to the single 

crystal measurements observed the activity of 〈𝑐 + 𝑎〉 slip even at room temperature. 

The same tendency was found for the non-basal 〈𝑎〉 dislocations. These results 

established the new role of the non-basal slip for plastic deformation at room 

temperature. The main disadvantage of TEM is that only small volume of the 

specimen is investigated. Therefore, those results have very small statistical 

significance. Another problem is the stability of the dislocation, i.e. the 〈𝑐 + 𝑎〉 

dislocations tend to reduce their energy by dissociation [12]. There is a possibility to 

do the in-situ deformation in TEM and study the evolution of the dislocations during 

deformation, but the results are strongly influenced by the size of the sample. 

Indirect methods are used to investigate the dislocation structure in the whole 

material. Ungár [13, 14] came with a method of evaluation of the dislocation density 

from the X-Ray diffraction pattern (See 2.1.2.2). This method was successfully used 
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by Máthis [15] to reveal the increasing fraction of 〈𝑐 + 𝑎〉 dislocations with 

increasing temperature. 

The main drawback of single crystal experiments is the absence of grain 

boundaries which have significant influence on the dislocation activity. It was shown 

by Hansen [16] that to overcome the size effect and have the sample with the 

properties of the bulk material, at least 15 grains are required across the thickness of 

the sample. The general influence of the grain size on flow stress is given by Hall-

Patch relationship [17]. The presence of grain boundaries causes back-stresses and 

consequently the local variation of the applied stress distribution which can lead to 

microyielding [18]. Stanford et al. [19] studied the influence of grain size and Zn 

addition on the CRSS for basal and prismatic slip. Different influence of Zn addition 

on coarse and fine grain material have been shown. 

Despite the presence of grain boundaries and grain orientation spread the 

plastic deformation in textured materials is similar to that in single crystals. The 

analogy between single crystals and polycrystalline material with strong texture was 

studied by Kelley et al. [7] and Graff et al. [20]. However, they focused on the 

macroscopic response of the sample, but the evolution of the microstructure was not 

revealed. Allen et al. [21, 22] demonstrated the potential of in-situ neutron diffraction 

(ND) technique for determination of the lattice strains during deformation. Besides 

the experimental investigations, many modeling studies of plastic deformation have 

been performed: from atomistic simulation of slip [23] to self-consistent models 

simulating the complete plastic deformation [24].  

Currently, the combination of the deformation tests with in-situ ND and 

modeling is successfully used for studying of the slip systems in materials with 

strong texture [25, 26]. They confirmed the important role of the non-basal 〈𝑎〉 slip 

for plastic deformation of Mg. However, Agnew et al. considered prismatic 〈𝑎〉 slip 

as a dominant non-basal 〈𝑎〉 slip in Mg. Muránský et al. [27] suggested that either 

cross-slip between basal and prismatic plane or pyramidal 〈𝑎〉 slip has to be active. 

In case of materials with week texture the situation is more complicated. The 

misorientation between the neighboring grains is usually large. Thus, they have 

different response to external stress and multiplication of responses results in plastic 

deformation of whole polycrystalline sample. 
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1.2.2. Twinning 

The preferred mechanism that accommodates deformation out of the basal 

plane required to fulfill the von Mises condition at ambient temperatures is 

mechanical twinning [1]. By definition, twinning is reorientation of the part of the 

crystal lattice, either by a mirror reflection in defined plane or by the rotation around 

defined axis about 180°. The original lattice, called parent, and the twinned lattice 

have same structure but different orientation [28]. Twins can be divided into three 

groups based on their origin: (i) grown twins appear during crystallization from 

liquid or during recrystallization of the solid; (ii) annealing twins are induced by the 

heat treatment; (iii) deformation twins are nucleated by the homogenous simple shear 

of the parent lattice. 

Each deformation twin mode can be described by four invariants (Figure 1.4). 

The invariant plane of the shear is called the twinning plane and marked as 𝐾1 and 

the shear direction is 𝜂1. 𝐾1 is also the plane of mirror symmetry. Second undistorted 

plane is called conjugate plane and marked as 𝐾2. Shear plane 𝑆 is perpendicular to 

the planes 𝐾1 and 𝐾2 and contains the direction 𝜂1. In Figure 1.4 it is the plane of the 

paper. After deformation the plane 𝐾2 is rotated to the plane 𝐾2
𝐼 which forms the 

same angle 𝜃 with the plane 𝐾1. The shear magnitude can be calculated as 𝑔 =

2 cot 𝜃 [28]. 

 

Figure 1.4 Twinning 

There are several differences between slip deformation and deformation 

twinning.  
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 Magnitude of the slip is always an integer multiple of the Burgers 

vector and it occurs only on several parallel planes which are relatively 

far away from each other, while during twinning atoms shift in different 

directions and with different magnitudes 

 Unlike the dislocation slip, the twinning has strong polar nature which 

result in activation of twinning in different grains during compressive 

and tensile loading 

 Twinning causes a sudden change in the orientation of the crystal lattice 

while the orientation of lattice change gradually during dislocation slip 

Four main twinning modes has been reported in the HCP metals (Table 1.3). 

There are several factors that determine which deformation twinning mode will be 

active. The most important factors are [28]: 

 twinning mode has to have a small shear 𝑔 

 twinning mode requires only simple shuffles 

 

 

Table 1.3 List of the main twinning modes, 𝛾 = 𝑐 𝑎⁄  [28] 

𝐾1 𝐾2 𝜂1 𝜂2 𝑔 

{101̅2} {101̅2̅} 〈101̅1̅〉 〈101̅1〉 
𝛾2 − 3

𝛾√3
 

{101̅1} {101̅3̅} 〈101̅2〉 〈303̅2〉 
4𝛾2 − 9

4𝛾√3
 

{112̅2} {112̅4̅} 
1

3
〈112̅3̅〉 

1

3
〈224̅3〉 

2(𝛾2 − 2)

3𝛾
 

{112̅1} (0002) 
1

3
〈1̅1̅26〉 

1

3
〈112̅0〉 

1

𝛾
 

The twinning shear 𝑔 as a function of 𝛾 is depicted in Figure 1.5. The polar 

character of twinning causes that application of the shear stress in the opposite 

direction −𝜂1 does not produce twins. Hence, twinning modes can be divided into 

two groups: twin modes causing the contraction along the parent c-axis are called 

compression twins; twin modes causing the elongation along the parent c-axis are 

called extension twins[28]. The character of the twins can be seen from Figure 1.5, 

where tensile twins have negative slope and compression twins have positive slope.  
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Figure 1.5 The variation of the twinning shear with the c/a ratio, full circles show the 

active twinning system 

In magnesium, the major twinning system is {101̅2}〈101̅1〉 extension 

twinning, associated with extension along the c-axis and reorientation of the lattice 

by 86.3° (Figure 1.6) [29]. Other twinning systems like {101̅1}〈101̅2〉 contraction 

twinning, {101̅2} − {101̅1} double twinning or {101̅3}〈303̅2〉 has been also 

reported, however, they are minor deformation mechanisms [30].  

 

Figure 1.6 Extension twinning. Red – parent, Green – twin, Blue – twinning plane, 

White - original position of atoms, 𝑔 - shift of atoms caused by twinning 

Twinning has several effects on deformation behavior: formation of twin 

boundaries, which are obstacles for dislocation movements; reorientation of the grain 

which facilitate or hinder activation of additional dislocation mechanisms in twins 

and parent grains; formation of stress field around the twin. 

Process of twinning can be separated into 3 parts: twin nucleation, propagation 

and thickening. Twin nucleation is driven by a local stress state and appears when the 
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projection of applied stress to the 𝜂1 direction reaches its critical value [31]. During 

the propagation the twin grows rapidly in the 𝜂1 direction. Twin thickening is driven 

by long-range stress states across grains through the motion of twin boundaries in the 

normal direction to the twinning plane. The velocity of the thickening is by several 

orders lower than it is for the propagation [32]. 

CRSS of twinning is studied similarly as that for dislocation slip by 

deformation of single crystals or polycrystals with strong texture in specific 

orientation [7, 10]. All the studies agree, that CRSS for twinning is between the 

CRSS for basal and prismatic slip: It is estimated as 2 − 12𝑀𝑃𝑎 and the dependence 

on grain size is much stronger than it is in the case of dislocation slip [33]. 

The structure of twin boundaries was investigated by Thompson and Millard 

[34]. They studied the geometrical properties of twinning and proposed the model of 

twinning dislocations. The interaction between the dislocations and twins was 

extensively studied by the Serra and Bacon [35-39]. Using the computer simulations, 

they simulated the annihilation of the basal dislocation by the twin boundaries and 

activation of twinning dislocations source which leads to thickening of the twins. 

Furthermore, by passing the twin boundary, the dislocations can transmute to a 

sessile variant, which causes latent hardening in the twin [40, 41]. The effect of grain 

segmentation by the twin boundaries was studied by Caceres et al. [42] and it was 

found as a minor effect on the strain-hardening. 

Common methods for twin observation are optical and electron microscopy. 

The electron back-scatter diffraction (EBSD) is a powerful method for studying the 

twinning, as it shows the particular orientation of grains and twins (See 2.1.3). 

Detailed statistical analysis based on large area EBSD mapping showing 

correlations between microstructural features, such as grain orientation, grain size, 

and grain boundary misorientation and the nucleation and growth of {101̅2} 

deformation twins in Mg have been presented by Beyerlein et al. [43]. They observed 

that the active twinning variant is not always the one with the highest SF. Similar 

experiments have been performed by Jonas et al. [44] where it was shown that the 

twin variant selection strongly depends on the accommodation deformations required 

prismatic glide in the neighbor grain. This was confirmed experimentally by Mu [45] 

and theoretically by Barnett [45]. Yu [46] used EBSD to study the twin-twin 

interaction. 
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It was shown by several authors [47, 48] that twinning exhibits pseudoelastic 

behavior which leads to detwinning during the unloading. As a consequence the 

unloading does not have the elastic character and it is possible to observe a hysteresis 

loop during the cyclic tests.  

Vinogradov et al. [32] recently showed the capability of acoustic emission (AE) 

and high-speed video imaging for the study of nucleation and propagation of twins. 

They were able to calculate the speed of the twin propagation and growth and 

showed the direct corelation between the length of nucleated twin and amplitude of 

AE signal. 

In-situ EBSD mapping during the deformation is limited to the surface, which 

is affected by the surface effect and relatively small area analyzed. Another 

drawback is the preparation of the sample. Although well prepared, the surface 

degrades in time due to the contamination from the electron beam.  

For the study of twinning in the whole gauge volume combination of ND and 

AE can be successfully used. Both these techniques focus on different aspect of 

twinning, therefore, they provide complementary information. AE is sensitive only to 

the twin nucleation but not the twin growth, while ND provide information about the 

overall twinned volume, regardless to twin nucleation or growth. 

1.2.3. Hardening by alloying elements 

Pure magnesium has very low yield stress and it is not suitable for engineering 

applications. However, it properties can be significantly improved by alloying. 

Improvement of strength, elastic modulus, ductility, corrosion resistance or creep 

resistance was reported in [49]. The alloying atoms can take a position in the crystal 

lattice – substitutional position or in the space between the solvent atoms – interstitial 

position. Interstitial solid solution is formed by the atoms with relative small size like 

H, C, O or N. Substitutional solid solution is formed by atom with larger size than the 

size of the solvent atoms. 

Generally the CRSS (𝜏0) of an alloy can be written as 

 𝜏0 = 𝑓(𝑐, 𝑇, �̇�, 𝐴, 𝑠𝑡𝑟), (1.2)  

where 𝑐 is a concentration of the solute atoms, 𝑇 deformation temperature, �̇� strain 

rate, 𝐴 type of the alloying element and 𝑠𝑡𝑟 crystallographic structure. The influence 

of solute atoms on plastic deformation is caused by their interaction with the 
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dislocations and twins. We can distinguish 4 types of interaction between solute atom 

and dislocation: 

1. Both dislocation and solute atoms are immobile 

2. Dislocations are mobile, solute atoms are immobile 

3. Dislocations are immobile, solute atoms are mobile 

4. Both dislocation and solute atoms are mobile 

Mobility of solute atoms strongly depends on the temperature. The solute atoms are 

considered immobile when 𝑇 <
𝑇𝑚

3
, where 𝑇𝑚 is a melting temperature. 

The presence of different atoms in the crystal structure, either interstitial or 

substitutional causes the distortion of the lattice and arising of local stresses. They 

interact with the stress fields of dislocations. The solute atoms can occupy the 

dislocation line or twin boundary and hinder the mobility of the dislocations or 

boundary. 

Second type of solid solution strengthening is when the solution atoms have the 

similar size but different modulus. The local energy around dislocation is changed 

which creates the energy wall and increases the stress needed to pass this barrier. For 

most of the alloying atoms, there is a critical concentration, when the matrix cannot 

absorb more solution atoms and start to create intermetallic phase. 

It is general agreement, that the CRSS increases with the concentration of 

solution atoms as 𝜏𝐶𝑅𝑆𝑆~𝑐𝑛, where 𝑛 = 1 2⁄  for dilute alloys and 𝑛 = 2 3⁄  for 

concentrated alloys [50-52]. In case of deformation at elevated temperatures it is 

possible to observe sharp yield point or the deformation ageing (Figure 1.7). This is 

the result of interaction between the immobile dislocations and mobile solute atoms. 

Solute atoms are attracted to the dislocation core which leads to lowering of the 

deformation energy. The energy for releasing the dislocation from the solute atoms is 

higher than that for the movement of dislocation which results in decrease of the 

stress. 
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Figure 1.7 Sharp yield point (BC) and deformation ageing (GHJ)[53] 

Strengthening of the basal slip and concurrently softening of the prismatic slip 

as a result of addition of Zn or Al was observed by Akhtar et al. [5, 6], Standford et 

al. [19] or Ando el al. [54] and theoretically confirmed by Yasi et al. [23, 52, 55] 

who used first-principles model. The results are consistent with the earlier work of 

Sato and Meshii [56] who suggested that the softening of the prismatic slip is caused 

by reduction in the prismatic stacking fault energy. Both the experiments [5] and 

modeling [23] shows solute strengthening of prismatic slip at elevated temperatures. 

The solute softening effect is overwhelmed by normal hardening effect. Another 

effect of solute atoms on dislocation slip – the change of the 𝑐 𝑎⁄  ratio – is modest. 

As mentioned above the twinning shear is altered by 𝑐 𝑎⁄  ratio (Table 1.3). 

Solute atoms also influence the CRSS for twinning. Stanford et al. [57] showed that 

yttrium atoms have strong effect on CRSS for {101̅2} extension twinning which 

results in concurrent activation of {112̅1} extension twins, where the strengthening is 

much weaker. As it is mentioned above the solute atoms can pin the twin boundary. 

Periodic segregation of solute atoms was observed using the scanning transmission 

electron microscopy [58]. The first-principles calculations [59] showed that the twin 

boundary has better solubility than the bulk and that the solubility strongly depends 

on the stresses on twin boundary. 

As a result alloying elements has influence on mechanical properties [49]. 

Aluminum significantly improves the strength, hardness and castability and 

concurrently has only minimal effect on the density of the alloy. The calculation 

shows that it has strong effect on basal slip as well as on the twinning growth [60]. 

Furthermore, it was found out, that adding of aluminum leads to decrease of tension-
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compression asymmetry [61]. The commercial alloys usually do not contain more 

than 10 wt.% of aluminum. Zinc – the second most used element – has similar effect 

on mechanical properties as aluminum [60]. Traditional commercial alloys usually 

use the combination of aluminum and zinc addition to improve the room-temperature 

strength. Addition of calcium enhances the corrosion and creep resistance and 

thermal and mechanical properties and concurrently reduces the oxidation during the 

heat treatment. If the amount of calcium exceeds 0.3 wt.% the alloy is prone to 

cracks during welding [49]. Manganese increase the yield strength of the alloy only 

slightly. The main function of it is increasing the saltwater corrosion resistance by 

connecting to the iron in the form of intermetallic compound and cleaning the alloy 

[49]. Lithium decreases the strength of the alloy, increases the ductility and lowers 

the density. It significantly decreases the CRSS for non-basal slip. Addition of more 

than 11 wt.% of lithium causes the change of the structure from HCP to BCC [49]. 

Zirconium strongly influences the grain size and it is used as a grain refiner for 

magnesium alloys containing zinc, thorium or rare earth elements [49]. Rare earth 

(RE) elements have stronger strengthening effect than commonly used Al or Zn [62]. 

The reason is that the atoms of RE influence not only the Mg-RE bond but also the 

Mg-Mg bond [63]. Therefore, RE addition have been used for improving the high 

temperature properties. The addition of RE elements strongly influences the texture 

of wrought alloys. The disadvantage of RE addition is their higher price in 

comparison to traditionally used aluminum or zinc.  
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2. Basis of experimental and modeling methods 

The main goal of this work is the investigation of the activity of deformation 

mechanisms in magnesium alloys as a function of loading path, temperature and 

alloying content.  

To achieve the aim of the work following experimental techniques have been 

used: in-situ AE and ND, combined with ex-situ EBSD analysis of the deformed 

microstructure. The experimental results were compared with results of the elasto-

plactic self-consistent (EPCS) modeling.  

2.1. Experimental methods 

2.1.1. Acoustic emission 

By definition, AE is transient elastic waves within a material, caused by the 

rapid release of localized stress energy [64, 65]. Local processes producing the AE 

(e.g. dislocation motion, twinning, corrosion, martensitic transformation, cracking 

etc.) are called sources of AE. The waves spread from its source through the material 

until it reaches the surface. The wave component perpendicular to the surface can be 

detected by the piezoelectric sensor, which transforms it to the electrical signal and 

transmits to AE measuring device. The sensitivity of AE measurement can be 

described by the minimum detectable surface displacement Δ𝑢~10−14𝑚 [64]. The 

output detected by sensor is called AE signal. The recording can be done with the 

frequency up to the 10MHz. Therefore, it is possible to obtain information with high 

time resolution. 

The signal can be divided into two types - burst and continuous emission 

(Figure 2.1). Burst emission has the characteristics of the individual pulses, which 

can be detected from the background noise and separated from each other. If there 

are no characteristic individual pulses, it is called continuous emission. AE response 

during the mechanical loading of magnesium alloys usually consist of the 

combination of continuous (e.g. from dislocation movement) and burst emission (e.g. 

twinning) [64, 65] 
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Figure 2.1 a) Burst emission, b) continuous emission 

They are two approaches for the AE signal acquiring. The classic approach, so 

called hit-based processing, is based on using of setting parameters to characterize 

the AE event: 

 Threshold level is predefined voltage level. AE event starts by crossing 

this level. 

 Hit definition time (HDT) defines the end of the event. The event ends 

when the signal does not cross the threshold level for time longer than 

HDT. 

 Hit lockout time (HLT) is period of the time after the event during 

which the signal is not parametrized in order to avoid the reflections. 

 Maximal duration is maximal time of the AE event. 

a) 

b) 
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Figure 2.2 shows the simplified AE event and the main characteristics of the signal 

[66]: 

 Amplitude is the maximum voltage during an AE event. 

 Rise time is time between first crossing the threshold level by signal and 

reaching the peak amplitude. 

 Duration is time between first and last crossing of the signal the 

threshold level during event (𝑡𝑥 − 𝑡𝑠). 

 Counts is number of crosses of signal over the threshold level. 

 Count rate is the number of counts per unit time. 

 Energy. There are more ways how to calculate energy. The area under 

the envelope curve (orange area) or the following formula are usually 

used: 

 
𝐸 =

1

𝑅
∫ 𝑉2(𝑡)𝑑𝑡

𝑡𝑥

𝑡𝑠

 (2.1)  

 

Figure 2.2 Parametrization of AE signal 

The evaluation is based on using those parameters of the AE event. The 

waveforms of the particular AE events are also recorded. In materials science, this 

approach can be successfully applied for general characterization, when the main 

goal is the investigation of the influence of the experimental and material parameters 

on the deformation behavior (e.g. [67, 68]). Nevertheless, the hit-based AE recording 

has several drawbacks: (i) there is no direct link between the source mechanism and 
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the AE parameters; (ii) the results are dependent on the predefined testing 

parameters. Second leads to limitation of the data post processing and the proper 

setting of the signal extracting parameters is rather difficult, especially when strong 

sources are simultaneously active. 

Since there is a general agreement that particular AE processes produce 

different waveforms [69], the first issue is usually solved by use of a spectrum-based 

analysis, when the characteristic features of frequency domain of the waveforms are 

investigated. The threshold setting problem can be sorted out using continuous data 

streaming, when the raw signal is recorded without pre-defined threshold level and 

the characteristic parameters are evaluated during post-processing. The main 

disadvantage of this approach is the large amount of data stored during the test and 

the hardware demands for post processing. 

The post-processing can be done similarly by setting the threshold level, HDT 

and HLT and evaluating the characteristics of the AE events. The hit based technique 

is suitable when the AE have burst characteristics with well separated events. 

However, AE during the deformation of Mg is usually the combination of burst 

signal from twinning and continuous signal from dislocations (Figure 2.3). There are 

two possibilities for setting the threshold level: above the noise level (green line) or 

above the continuous signal level (orange line).  

 

Figure 2.3 Combination of burst and continuous AE 
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Using lower (green) level, the AE events are separated artificially by setting the 

maximal duration value, since the signal does not drop under the threshold level. 

Consequently, the burst signals are not separated from the continuous one and 

parameters like energy, rise time or duration do not describe the signal properly. 

Using second level (orange) well describes the strong burst signals, but completely 

ignore the continuous one. 

New approach for quantitative characterization of the acquired time series, 

adaptive sequential k-means (ASK) procedure, was recently developed by Pomponi 

and Vinogradov [70, 71]. Data are sectioned into consecutive individual realizations 

(“frames”) with length in order of 𝜇𝑠 and the power spectral density (PSD) function 

𝐺(𝜔) is calculated for each frame computing the discrete Fourier transformation and 

using the Welch’s method [72]. 

 
𝐺(𝜔) = ∑ 𝑓𝑡𝑒

−2𝜋𝑖𝑡𝜔

𝑡1

𝑡=𝑡0

, (2.2)  

where 𝑡0 and 𝑡1 are the time boundaries of selected frame and 𝜔 is a frequency, 

which is in range from 0 to 
𝑓

2
, where 𝑓 is the sampling frequency. 

Due to the random character of the AE, there is a significant scatter in the 

waveforms and PSDs. Therefore, the discrimination between signals stemming from 

different sources can be done only on the statistical basis. The statistical procedure 

grouping like objects and separating unlike ones based on a certain similarity 

measure, is called “clustering”. Various clustering methods have been proposed in 

the literature, e.g. the k-means [73], fuzzy c-means [74], pattern recognition [75], 

hierarchical clustering [76] or neuron analysis [76]. 

The main advantages of the ASK clustering method are the follows: (i) it is not 

necessary to define the expected number of clusters, therefore, it is not necessary to 

assume any number of active deformation processes in advance; (ii) the process is 

non-iterative, i.e. AE signals are associated with a certain cluster sequentially based 

on their arrival time.  

AE recording starts before the onset of straining, in order to characterize PSD 

of the background noise. The noise cluster defines the mean distance �̅� between all 

the noise members and its standard deviation 𝜎𝑦𝑦. Finally, the intra-cluster distance 

𝑅 = �̅� + 𝛼𝜎𝑦𝑦, where 𝛼 ∈ (0,3) works as a reference values for the following 
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evaluation. Every consecutive AE realization is then either assigned to the nearest 

cluster or used as a seed of a new cluster. 

Final task is to assign the clusters to the particular AE source mechanisms. 

Since the characteristics of the signal strongly depends on many external parameters 

(sample shape, characteristics of the sensor, material etc.) there is no general rule for 

this procedure. However, there are several hints how to process the cluster.  

As mentioned before, the source of AE belonging to the first cluster is 

background noise. It has very low energy and wide frequency range. It is necessary 

to know several characteristics of AE from the PSD functions in order to correctly 

assign the rest clusters. From the PSD function the AE energy 𝐸 and median 

frequency fm is derived as follows: 

 
𝐸 = ∫ 𝐺(𝜔)𝑑𝜔

𝜔max  

𝜔min  

 

∫ 𝐺(𝜔)𝑑𝜔
𝜔𝑚

0

= ∫ 𝐺(𝜔)𝑑𝜔
∞

𝜔𝑚

 

(2.3)  

It is generally known that AE signals from slip have lower energy than from 

twinning [65, 77]. Therefore, the cluster with PSD with high energy is connected to 

the twinning. It should be noted that the results of the cluster analysis should be 

verified by other experimental methods in order to warrant their right interpretation. 

 The AE analysis provides information about the dynamics of the system with 

time resolution in 𝜇𝑠. It should be noted, that this method defines preferential 

dominant mechanism, but it does not mean that other mechanisms are not active: the 

strong source cover up the less loud signals. 

2.1.2. Neutron diffraction 

The diffraction methods are important for studying the structure of the 

materials. It is a result of the scatter of the wave on periodic obstacles. According to 

the wave-particle duality the free neutrons can be considered both as particles and 

wave. Therefore, we can assign them the wavelength 

 
𝜆 =

ℎ

𝑝
=

ℎ

𝑚𝑛𝑣
=

3.081𝑛𝑚

√{𝑇}
, (2.4)  

where 𝑇 is the temperature in Kelvins.  

The basic principle of ND is the same as of X-ray diffraction and can be 

interpreted according to W. L. Bragg as a reflection of incident neutron beam from 

periodically spaced lattice planes. The incident angle is equal to the angle of 
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reflection and diffracted waves interfere constructively. The schematic draw of 

diffraction is showed in Figure 2.4. The difference in the path between two rays is 

2𝑑 sin 𝜃. The waves interfere constructively, when the path difference is an integer 

multiple of the wavelength. This leads to Bragg’s law: 

 𝑛𝜆 = 2𝑑 sin 𝜃, (2.5)  

where 𝑛 is an integer known as the order of diffraction. The diffraction vector is 

defined as the difference between the initial wave vector 𝑘0
⃗⃗⃗⃗  and diffracted vector �⃗� : 

 𝑞 = 𝑘0
⃗⃗⃗⃗ − �⃗� . (2.6)  

Diffraction provides information from planes perpendicular to the diffraction vector. 

 

Figure 2.4 Bragg diffraction on planes with lattice spacing equal to d 

There are several disadvantages of ND comparing to the X-ray. The neutron 

sources are not so easily available (spallation source, nuclear reactor), as X-ray 

devices. The intensity of ND even with the most powerful sources is lower than that 

for the X-rays. Moreover, the effective cross-section for neutrons is also below than 

that of X-rays. That leads to the higher acquisition time (10 – 60 min) during the ND 

measurements. 

The main advantage of ND for material science is a large penetration depth of 

thermal neutrons (Figure 2.5), no radiation damage, sensitivity to light atoms, ability 

to distinguish isotopes and the fact, that the scattering power of an atom does not 

decay with the scattering angle as it does for X-rays. Therefore, there are strong 

diffraction peaks even for higher diffraction angles. The penetration depth of 

neutrons is in order of centimeters. The gauge volume can be large enough to get 

statistically significant results even for grain size above 100𝜇𝑚. 

𝑞  

𝜃 

𝑑 

𝜃 

𝜃 

𝑑 sin𝜃 

𝜃 
𝑘0
⃗⃗⃗⃗  �⃗�  
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Figure 2.5 Penetration depth of neutrons and synchrotron X-rays [78] 

There are two basics possibilities, how to measure the ND. Either a 

monochromatic beam is used (𝜆 = 𝑐𝑜𝑛𝑠𝑡. ) and the intensity is measured as a 

function of angle 𝜃 or there is fixed diffraction angle 𝜃 and the “white beam” which 

consist of the full bandwidth of neutron wavelengths is used. The second method is 

called “Time of Flight” (ToF).  

The example of the instrument that uses monochromatic beam is the neutron 

powder diffractometer MEREDIT in Nuclear Physic Institute in Řež (Figure 2.6). 

Thermal neutrons have the Maxwell-Boltzmann distribution. In order to get the 

monochromatic beam, it is necessary to use monochromator, usually the single 

crystal of Si or Cu. Since the intensity of the neutron beam is low, the 𝜃 − 2𝜃 Bragg-

Brentano geometry, where each point on the diffraction pattern have to be scanned 

separately, is not usually used. More typical is the asymmetric geometry with the 

constant angle of impact. The main advantage of this setup is, that it is possible to 

use linear detector or multidetector band and collect the spectrum for more 𝜃 angles 

together. The main disadvantage is that the diffraction vector direction 𝑒�⃗� ⃗⃗⃗⃗  is a 

function of 𝜃, as shown at Figure 2.6. Therefore, it is not possible to measure the 

diffraction along the loading direction, only in transversal one. 
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Figure 2.6 The instrument MEREDIT in NPI in Řež with an example of two different 

diffraction vectors [79] 

In ToF method the intensity is measured as a function of wavelength. The 

detectors are not able to distinguish the wavelength directly; instead, the different 

speed of neutrons is used:  

 
𝑣 =

ℎ

𝑚𝑛𝜆
 

𝐿

𝑡
=

ℎ

𝑚𝑛𝜆
 

𝑡 =
𝐿𝑚𝑛𝜆

ℎ
 

(2.7)  

The initial neutron beam is in the form of short-time pulses and the time when 

they arrive to the detector is measured. There is no need for monochromator, but it is 

necessary to synchronize the pulse creation and filter the desired wavelengths. The 

series of choppers is used to achieve that. 

𝐿 is the characteristic value for each instrument and it is the distance between 

the chopper and the sample, 𝑡 is the time of the detection of neutron. 

𝒌𝟎⃗⃗ ⃗⃗  

�⃗⃗� 𝟏𝟐𝟎° 

�⃗� �⃗⃗� 𝟏𝟐𝟎° 

�⃗� �⃗⃗� 𝟑𝟎° 
�⃗⃗� 𝟑𝟎° 
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Advantage of this experimental setup is the higher intensity of incident beam 

and the constant direction of diffraction vector. Typical ToF setup is shown in Figure 

2.7. The sample is oriented with the loading direction at 45° to the incident beam and 

there are 2 detector banks at 90° to the incident beam, providing strain 

measurements along the loading direction 𝑄∥ and perpendicular to the loading 

direction 𝑄⊥. 

 

Figure 2.7 Scheme of ToF experimental setup 

Diffraction pattern is a convolution of the instrumental resolution and real 

profile. After the deconvolution it is possible to investigate the real profile. The basic 

parameters of peaks are position, integral intensity and full width in half maximum 

(FWHM). They evolve during the deformation and provide information about the 

texture evolution, internal strains and dislocation density.  

The ND technique was used first by Gharghouri et al. for study of twinning in 

Mg-Al alloy [47]. In this type of experiment, the overall twinned volume can be 

determined from the intensity variations of particular peaks, caused by the crystal 

lattice reorientation during twinning [25, 47, 80]. Furthermore, the activity of a 

particular slip system manifests as a deviation of the lattice strains from the ideally 

elastic response [81]. 
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2.1.2.1. In-situ neutron diffraction during plastic deformation 

The influence of tensile deformation on the diffraction pattern is shown in 

Figure 2.8. 

  

 

Figure 2.8 Evolution of the diffraction pattern during twinning 

The change of the integrated intensities of the peaks is influenced by texture 

evolution. In Figure 2.8 the grains oriented with their basal plane (0002) 

perpendicular to the loading direction undergo twinning. This causes the 

reorientation of the part of the grain out of the diffraction condition and leads to 

decrease of the (0002) peak intensity. The prismatic plane (101̅0) diffracts to the 

detector, which results in the increase of the (101̅0) peak intensity. 

Performing a 2-bank Rietveld refinement assuming axisymmetric texture it is 

possible to calculate the change of the texture and the development of the axial 

distribution of the (0002) peak during the deformation (Figure 2.9). The angle in 

Figure 2.9 is the angle between the 𝑐-axis and the loading direction. The black line 

represents the initial texture. With the increasing deformation grains with c-axis 

parallel to the loading direction (angle = 0°) undergo twinning and the c-axis 

becomes perpendicular to the loading direction (angle = 90°) (See Figure 2.8). This 

results in Figure 2.9 as a decrease of the intensity for angles < 60° and increase for 

angles > 60°. The area between the lines of initial texture and deformed texture 

(crosshatched area), respectively represents the twinned volume fraction (TVF): 

𝑄∥ 
𝑘 

𝑘0 
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𝑇𝑉𝐹 =

1

2
∫ sin 𝜃 |𝐼0(𝜃) − 𝐼(𝜃)|𝑑𝜃

90°

0°

. (2.8)  

 

Figure 2.9 Evolution of the axial distribution of (0002) peak during the tensile 

deformation 

The internal strains are usually divided into macrostrains (Type I) and 

microstrains (Types II and III) (Figure 2.10). 

Type I are a consequence of the external loading or thermal stress. They nearly 

homogeneous across large areas of a material and they are equilibrated within the 

whole sample. This results in the shift for all the peaks. 

Type II is a microscopic strain which is homogenous in small volumes comparable to 

the grain size. The strain value and direction can rapidly change from grain to grain. 

These strains are results of different response of individual grains to the applied 

stress. These strains cause different shift of each diffraction peak and the broadening 

of the peaks. 

Type III is a microscopic strain with range of few angstroms. These strains are a 

result of the stress field around the lattice defects like vacancies, interstitials or 

dislocations. These strains result in the broadening of the peaks and change of its 

shape. 
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Figure 2.10 Classification of internal strains [82] 

The lattice strain 휀ℎ𝑘𝑙 for given grain family can be calculated from the shift of 

the peaks: 

 
휀ℎ𝑘𝑙 =

𝑑ℎ𝑘𝑙 − 𝑑ℎ𝑘𝑙
0

𝑑ℎ𝑘𝑙
0 =

Δ𝑑ℎ𝑘𝑙

𝑑ℎ𝑘𝑙
0 =

Δ𝑡ℎ𝑘𝑙

𝑡ℎ𝑘𝑙
=

Δ𝜆ℎ𝑘𝑙

𝜆ℎ𝑘𝑙
=

= −(𝜃ℎ𝑘𝑙 − 𝜃ℎ𝑘𝑙
0 ) cot 𝜃ℎ𝑘𝑙

0 , 

(2.9)  

where 𝜆ℎ𝑘𝑙 and 𝑡ℎ𝑘𝑙 are the wavelength and detection time from ToF measurements, 

𝜃ℎ𝑘𝑙 is the peak position.  

The lattice strain evolution is important. In the elastic regime of the 

deformation the lattice strain evolution is follows the Hooks law, thus, it is linear 

function of applied stress. The deviation of the lattice strain from the elastic response 

means the beginning of plastic deformation within a given grain family. For instance, 

when the twinning become active, the “soft-oriented” grains (e.g. {101̅0} in axial 

and (0002) in radial detector, respectively) starts to behave plastically and their 

curve deviate above the ideal straight line. At the same time the conjugated curves of 

“hard-grains” fall under this line, since they have to accommodate larger portion of 

the elastic loading. 

2.1.2.2. Convolutional Multiple Whole Profile fitting method 

As was mentioned before, the type III microstrains, which originates in the 

lattice defects, causes changes of the shape of the peaks. Therefore, from the changes 

of the peak shape and FWHM it is possible to calculate the density of these defects. 

The complication of this evaluation is that there are more factors contributing to the 

broadening of the peaks. However, there is a general agreement that dislocation 

density and crystallite size are the most important effects [83, 84]. 
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We used the Convolutional Multiple Whole Profile fitting method (CMWP) for 

evaluating the dislocation densities. In this procedure, each diffraction pattern is 

fitted by the sum of a background spline and the convolution of the instrumental 

pattern and the theoretical line profiles related to crystallite size (coherent scattering 

domain) and dislocations (as manifested by the microstrain fields which surround 

them). The theoretical profile functions used in this fitting procedure are calculated 

on the basis of a model of the microstructure, where the crystallites have spherical 

shape and log-normal size distribution and the microstrains are caused primarily by 

dislocations. The CMWP fitting procedure gives the dislocation density (), and the 

parameters q1 and q2, which can be used for the determination of the fractions of 

dislocations in the different slip system families. 

The strain broadening of the diffraction line profiles with the indices hkil is 

determined by the mean-square-strain (〈휀𝑔,𝐿
2 〉) in the lattice in the direction of the 

diffraction vector g. If microstrains are caused by dislocations, the mean-square-

strain can be given as: 

 
〈휀𝑔,𝐿

2 〉 ≅
𝜌𝐶ℎ𝑘𝑖𝑙𝑏

2

4𝜋
𝑓(𝜂), 

𝜂 =
1

2

𝐿

𝑅𝑒
exp

7

4
, 

(2.10)  

where ρ, b and Re are the density, the modulus of Burgers vector and the effective 

outer cut-off radius of dislocations, respectively; L is the Fourier variable and Chkil is 

the dislocation contrast (or orientation) factor. The function 𝑓(𝜂) is referred to 

Wilkens function [85]. In a crystal, the volume studied by diffraction contains 

numerous dislocations in different slip systems. Therefore, the mean-square-strain in 

eq. (2.10) should be averaged in the whole irradiated volume. For the simplicity, it 

can be assumed that the outer cut-off radius of dislocations, Re, is the same for all 

dislocations in the investigated volume. Then, the mean-square-strain can be given 

as: 

 
〈휀𝑔,𝐿

2 〉 ≅
𝜌〈𝐶ℎ𝑘𝑖𝑙,𝑗𝑏𝑗

2〉

4𝜋
𝑓(𝜂), (2.11)  

where ρ is the average dislocation density in the irradiated volume and 〈 〉 indicates 

averaging over all the slip systems, which are populated by dislocations with the 

weights equal to the contributions of the slip systems to the total dislocation density. 

The subscript j denotes the j
th

 slip system in the crystal. In hexagonal crystals there 
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are eleven families of slip systems on basal, prismatic and pyramidal planes with 

three different Burgers vectors [86]. The eleven dislocation slip system families can 

be classified into three groups based on their Burgers vectors: 𝑏1 =
1

3
〈112̅0〉 (〈𝑎〉 

type), 𝑏2 = [0001] (〈𝑐〉 type) and 𝑏3 =
1

3
〈112̅3〉 (〈𝑐 + 𝑎〉 type). Using the notation 

of Dragomir & Ungár [87], 4, 2 and 5 slip system families in the 〈𝑎〉, 〈𝑐〉 and 〈𝑐 +

𝑎〉Burgers vector groups are considered (Table 2.1). 

Table 2.1 The notation, the Burgers vector, the slip plane and the number of slip 

systems for each hexagonal slip system family [87] 

Notation 
Slip plane and 

edge/screw character 
Burgers vector Slip plane 

Number 

of slip 

systems 

Burgers 

vector 

type 

BE Basal edge 
1

3
〈112̅0〉 (0001) 3 〈𝑎〉 

PrE Prismatic edge 
1

3
〈112̅0〉 {101̅0} 3 〈𝑎〉 

PyE Pyramidal edge 
1

3
〈112̅0〉 {101̅1} 6 〈𝑎〉 

S1 Screw 
1

3
〈112̅0〉 - 3 〈𝑎〉 

Pr2E Prismatic edge [0001] {101̅0} 3 〈𝑐〉 

S3 Screw [0001] - 1 〈𝑐〉 

Pr3E Prismatic edge 
1

3
〈112̅3〉 {101̅0} 6 〈𝑐 + 𝑎〉 

Py2E Pyramidal edge 
1

3
〈112̅3〉 {112̅2} 6 〈𝑐 + 𝑎〉 

Py3E Pyramidal edge 
1

3
〈112̅3〉 {112̅1} 12 〈𝑐 + 𝑎〉 

Py4E Pyramidal edge 
1

3
〈112̅3〉 {101̅1} 12 〈𝑐 + 𝑎〉 

S2 Screw 
1

3
〈112̅3〉 - 6 〈𝑐 + 𝑎〉 

For randomly oriented polycrystalline materials it can be assumed that all slip 

systems in each family are populated equally with dislocations, therefore 〈𝐶ℎ𝑘𝑖𝑙,𝑗𝑏𝑗
2〉 

can be expressed by the average dislocation contrast factors of the slip system 

families as: 

 
〈𝐶ℎ𝑘𝑖𝑙,𝑗𝑏𝑗

2〉 = ∑𝑓𝑗𝐶ℎ̅𝑘𝑖𝑙,𝑗𝑏𝑗
2

11

𝑗=1

, (2.12)  

where 𝐶ℎ̅𝑘𝑖𝑙,𝑗 is the average dislocation contrast factor for the j
th

 slip system family 

which can be expressed as [87]: 
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 𝐶ℎ̅𝑘𝑖𝑙,𝑗 = 𝐶ℎ̅𝑘𝑖0,𝑗(1 + 𝑞1,𝑗𝑧 + 𝑞2,𝑗𝑧
2) (2.13)  

where 𝑞1,𝑗 and 𝑞2,𝑗 are two parameters depending on the anisotropic elastic constants 

of the crystal and the type of dislocation slip system family. 𝑧 =
2

3
(

𝑙

𝑔𝑎
)
2

, where a is 

the lattice constant in the basal plane. 𝐶ℎ̅𝑘𝑖0,𝑗 is the average dislocation contrast factor 

of the hki0 type reflections for the j
th

 slip system family. The theoretical values of 

𝐶ℎ̅𝑘0,𝑗, 𝑞1,𝑗 and 𝑞2,𝑗 for the eleven possible slip system families in the most common 

hexagonal materials have been calculated according to the work of Kuzel and 

Klimanek [86], and listed in Dragomir and Ungár [87]. In the CMWP fitting 

procedure 〈𝐶ℎ𝑘𝑖𝑙,𝑗𝑏𝑗
2〉 is expressed as the product of the measured average dislocation 

contrast factor (𝐶ℎ̅𝑘𝑖𝑙
𝑚 ) and square of the measured magnitude of the average Burgers 

vector (𝑏𝑚
2 ). Making the experimental value of 𝐶ℎ̅𝑘𝑖𝑙

𝑚 𝑏𝑚
2  equal to the theoretical value 

calculated by averaging the eleven slip system families, the following equation is 

obtained: 

 
𝐶ℎ̅𝑘𝑖0

𝑚 (1 + 𝑞1
𝑚𝑧 + 𝑞2

𝑚𝑧2)𝑏𝑚
2 = ∑𝑓𝑗𝐶ℎ̅𝑘𝑖0,𝑗(1 + 𝑞1,𝑗𝑧 + 𝑞2,𝑗𝑧

2)𝑏𝑗
2

11

𝑗=1

, (2.14)  

where 𝑞1
𝑚 and 𝑞2

𝑚 are the measured values of 𝑞1 and 𝑞2. The polynomials in the two 

sides give the same values, if the coefficients of the terms with the same degrees are 

equal. This condition yields the following equations: 

 
𝑞1

𝑚 =
∑ 𝑓𝑗𝐶ℎ̅𝑘𝑖0,𝑗𝑏𝑗

2𝑞1,𝑗
11
𝑗=1

∑ 𝑓𝑗𝐶ℎ̅𝑘𝑖0,𝑗𝑏𝑗
211

𝑗=1

, 

𝑞2
𝑚 =

∑ 𝑓𝑗𝐶ℎ̅𝑘𝑖0,𝑗𝑏𝑗
2𝑞2,𝑗

11
𝑗=1

∑ 𝑓𝑗𝐶ℎ̅𝑘𝑖0,𝑗𝑏𝑗
211

𝑗=1

, 

∑𝑓𝑗

11

𝑗=1

= 1. 

(2.15)  

There is no equation for 𝐶ℎ̅𝑘𝑖0
𝑚 , since it is a dependent parameter in the 

evaluation of line profiles (𝐶ℎ̅𝑘𝑖0
𝑚  is multiplied with the dislocation density in eq. 

(2.10)). The eleven values of 𝑓𝑗 cannot be determined from the three formulas in eq. 

(2.15), therefore additional restrictions are made for 𝑓𝑗. It is assumed that in each 

Burgers vector group the non-zero fractions are equal. This assumption reduces the 

number of variables to three, which are denoted by 𝑓𝑎, 𝑓𝑐 and 𝑓𝑐+𝑎. A computer 

program was elaborated in order to determine the distribution of dislocations among 
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the different slip system families from 𝑞1
𝑚 and 𝑞2

𝑚 [88]. The program referred to as 

Hexburger first selects some slip system families from 〈𝑎〉 dislocation group and for 

these slip systems the weights are 𝑓𝑎. For other slip systems in this group the weights 

are zero. This procedure is also carried out for 〈𝑐〉 and 〈𝑐 + 𝑎〉 Burgers vector groups 

where the non-zero weights are 𝑓𝑐 and 𝑓𝑐+𝑎, respectively. Inserting the theoretical 

values of 𝐶ℎ̅𝑘𝑖0,𝑗, 𝑏𝑗 , 𝑞1,𝑗 and 𝑞2,𝑗 into eq. (2.14), the values of 𝑓𝑎, 𝑓𝑐 and 𝑓𝑐+𝑎 are 

determined. If these fractions have positive values the program stores them as one of 

the possible solutions. The number of the possible selections from the dislocation slip 

systems equals (24 − 1)(22 − 1)(25 − 1) = 1395. Finally, the positive solutions for 

the weights can be averaged for each slip system family, leading to the fractions of 

the eleven dislocation types. The fractions of the three Burgers vector groups, ℎ𝑎 , ℎ𝑐 

and ℎ𝑐+𝑎, are obtained by the summation of the fractions of the related slip system 

families. 

2.1.3. Optical and scanning electron microscopy 

The microstructure of the polycrystalline Mg alloys was investigated by an 

OLYMPUS GX51 optical microscope equipped with the PIXELINE® camera and 

by field emission gun scanning electron microscopes (SEM) Zeiss Ultra 55 and FEI 

Quanta 200 equipped with EDAX/TSL EBSD systems. 

EBSD is a microstructural crystallographic technique for the determination of 

crystallographic orientation for each grain with high spatial resolution. Texture, grain 

size and distribution, twin type, shape and volume, the misorientation and shape of 

individual grains, the types of grain boundaries and many other microstructural 

features may be obtained from EBSD results. 

The polished specimen is mounted in SEM on the holder with a tilting angle of 

70°. The principle of the EBSD method is that the focused electron beam interacts 

with the specimen and form pattern of Kikuchi lines on the screen. The Kikuchi lines 

are formed by inelastic electron scattering. Scattered electrons diffract on planes that 

satisfy the Bragg condition and for each plane they form the two hyperbolas which 

results as Kikuchi lines on the screen. Resulting pattern is indexed by Hough 

transformation. 
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2.2. Theoretical calculations 

2.2.1. Miller indices 

Crystallographic vectors and planes can be described using Miller indices. HCP 

structure uses four-value notation (ℎ𝑘𝑖𝑙), where 𝑖 = −ℎ − 𝑘. The use of four indices 

is convenient for showing the equivalent directions and planes. Indices h,k,i 

represents 3 equivalent directions perpendicular to the c-axis, which is represented 

by index l. Therefore, the planes that are equivalent are indexed {ℎ𝑘𝑖𝑙} = ±(±ℎ𝑘𝑖̅̅ ̅̅ ̅̅ ̅𝑙), 

where ℎ𝑘𝑖̅̅ ̅̅  mean any permutation of h,k,i. Similarly there are four direction indices 

[𝑢𝑣𝑖𝑤]. 

Direction indices are assigned to 4 vectors: 

 𝑎1⃗⃗⃗⃗ = 𝑎(−1 2⁄ , √3 2⁄ , 0) 

𝑎2⃗⃗⃗⃗ = 𝑎(1,0,0) 

𝑎3⃗⃗⃗⃗ = 𝑎(−1 2⁄ ,−√3 2⁄ , 0) 

𝑐 = 𝑐(0,0,1) 

(2.16)  

The direction vector in Cartesian coordinates is  

 
𝑢 ∗ 𝑎1⃗⃗⃗⃗ + 𝑣 ∗ 𝑎2⃗⃗⃗⃗ + 𝑖 ∗ 𝑎3⃗⃗⃗⃗ + 𝑤 ∗ 𝑎1⃗⃗⃗⃗ = 𝑎 (

3𝑣

2
,
1

2
√3(𝑣 + 2𝑢), 𝑤

𝑐

𝑎
) (2.17)  

Miller indices for planes are defined by the intersections of the plane with all 

four axes. If the plane intercept the axes in four points  
𝑎1⃗⃗⃗⃗  ⃗

ℎ
,
𝑎2⃗⃗⃗⃗  ⃗

𝑘
,
𝑎3⃗⃗⃗⃗  ⃗

𝑖
,
𝑐 

𝑙
 than Miller 

indexes are the numbers ℎ, 𝑘, 𝑖, 𝑙 usually presented as the integer numbers. If the 

plane is parallel with one or two axes, there is no real intersection and the Miller 

index is zero. Using the Miller indices, it is possible to calculate the spacing for 

selected planes. 

 1

𝑑ℎ𝑘𝑖𝑙
2 =

4

3

ℎ2 + ℎ𝑘 + 𝑘2

𝑎2
+ (

𝑙

𝑐
)
2

 (2.18)  

Miller indices can be used in two different ways. Either it describes a 

crystallographic plane or they are used to describe the crystal orientation and they 

define which plane is perpendicular to the significant space direction of the sample 

(loading, rolling…). 

Another way how to define the orientation of the grain is using the Euler 

angles. Euler angles define the rotation of grain coordinates (𝑋𝑌𝑍) with respect to 

the space coordinates (𝑥𝑦𝑧), the most common is the Bunge notation (𝑍𝑋𝑍). In the 

initial state configuration (0° 0° 0°) the basal plane (0001) is perpendicular to z-axis 
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and prismatic plane (101̅0) is perpendicular to the y-axis. There are three Euler 

angles (𝜙𝜃𝜓). The 𝜙 rotation takes place around the z-axis, usually selected as the 

most significant space direction. The 𝜃 rotation is around the X-axis, which is the 

[12̅10] direction of rotated grain. And finally the 𝜓 rotation takes place around the 

Z-axis, which is the (0001) direction of rotated grain. 

For the purposes of the study of mechanical properties it is important to 

understand the relation between the Miller indices and the Euler angles. The 

equations specifying the transformation between Miller indices and Euler angles are 

following. 

 
𝜓 = arccos (

2ℎ + 𝑘

2√ℎ2 + ℎ𝑘 + 𝑘2
) , 

𝜃 = arccos (
√3|𝑙|

√4(𝑐 𝑎⁄ )2(ℎ2 + ℎ𝑘 + 𝑘2) + 3𝑙2
), 

(2.19)  

 
ℎ =

1

2
(√3 cos𝜓 + sin𝜓) sin 𝜃 , 

𝑘 = − sin𝜓 sin 𝜃 , 

𝑖 =  −
1

2
(√3 cos𝜓 − sin𝜓) sin 𝜃 , 

𝑙 =
𝑐

𝑎
cos 𝜃, 

(2.20)  

The Euler angles provides the full information about the grain orientation while 

the Miller indices describe which plane is perpendicular to the selected direction, but 

not the rotation around this direction, therefore, it is not possible to restore the 𝜙 

component of Euler angles. 

2.2.2. Schmid factor calculation 

SF was already introduced in Chapter 1.2.1 as 𝑚 = cos 𝜆 cos𝜑, where 𝜑 is the 

angle between loading axis (𝐹 ) and normal to slip plane (�⃗⃗� ) and 𝜆 the angle 

between loading axis and the slip direction (�⃗� ). In following section the calculation 

of SF for deformation system (ℎ𝑘𝑖𝑙)[𝑢𝑣𝑡𝑤] and for crystal with orientation defined 

by Eulers angles (𝜙𝜃𝜓) will be described. 

The calculation was done by selecting the loading direction aligned with the z-

axis (𝐹 = |𝐹|𝑒𝑧⃗⃗  ⃗) and using Euler angles and Bunge notation (𝜙𝜃𝜓) as defined 

above. The 𝜙 rotation takes place around the z axis (=loading direction). Thus, it 

does not influence the angle between loading direction and slip direction. Therefore 
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it can be set it as 0° and that simplify an expression for Euler angles as (𝜃𝜓). Using 

the vector algebra, the Schmid law can be written as follows: 

 𝑚 = (𝑒 �⃗⃗� (𝜃𝜓) ∙ 𝑒 𝑧)(𝑒 �⃗� (𝜃𝜓) ∙ 𝑒 𝑧) (2.21)  

The slip direction and plane normal are defined as: 

 
𝑒 �⃗� = 𝑒 �⃗� 𝑢𝑣𝑡𝑤

=
�⃗� 

‖�⃗� ‖
=

(3𝑣, (2𝑢 + 𝑣)√3, 2𝑤𝛾)

√12(𝑢2 + 𝑢𝑣 + 𝑣2) + 4𝛾2𝑤2
, 

𝑒 �⃗⃗� = 𝑒 �⃗⃗� ℎ𝑘𝑖𝑙
=

�⃗⃗� 

‖�⃗⃗� ‖
=

(−√3𝑘𝛾, (2ℎ + 𝑘)𝛾,−√3𝑙)

√4𝛾2(ℎ2 + ℎ𝑘 + 𝑘2) + 3𝑙2
, 

(2.22)  

where 𝛾 =
𝑐

𝑎
. 

Since the 𝜙 rotation need not to be taken into account, there are only two 

rotation matrices. 

 
𝐶(𝜃) = (

1 0 0
0 cos 𝜃 sin 𝜃
0 − sin 𝜃 cos 𝜃

), 

𝐵(𝜓) = (
cos𝜓 sin𝜓 0

−sin𝜓 cos𝜓 0
0 0 1

). 

(2.23)  

The transformation from the coordinate system connected with the crystal to 

base fixed to the loading direction is: 

 �⃗� (𝜃𝜓) = (𝐵(𝜓)𝐶(𝜃))
−1

𝑛0⃗⃗⃗⃗ , 

(𝐵(𝜓)𝐶(𝜃))
−1

= (

cos𝜓 −sin𝜓 0
cos 𝜃 sin𝜓 cos 𝜃 cos𝜓 −sin 𝜃
sin 𝜃 sin𝜓 sin 𝜃 cos𝜓 cos 𝜃

). 
(2.24)  

The combination of equations (2.21) and (2.24): 

 𝑚 = ((𝐵(𝜓)𝐶(𝜃))
−1

𝑒 �⃗⃗� ⋅ 𝑒 𝑧) ((𝐵(𝜓)𝐶(𝜃))
−1

𝑒 �⃗� ⋅ 𝑒 𝑧). (2.25)  

Combination of eq. (2.22), (2.24) and (2.25) gives: 

 

𝑚 =
−√3cos 𝜃 + 𝛾 sin 𝜃 ((2ℎ + 𝑘) cos𝜓 − √3𝑘 sin𝜓)

√4𝛾2(ℎ2 + ℎ𝑘 + 𝑘2) + 3𝑙2
×

×
2𝛾𝑤 cos 𝜃 + sin 𝜃 (√3(2𝑢 + 𝑣) cos𝜓 + 3𝑣 sin𝜓)

2√3(𝑢2 + 𝑢𝑣 + 𝑣2) + 𝑤2𝛾2
. 

 

(2.26)  

2.2.3. Elasto-plastic self consistent modeling 

In the present work the EPSC deformation model [89] with a twinning scheme 

[90] and extended to finite strains [91] is used for theoretical description of 
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dislocation slip and mechanical twinning on the mesoscopic (grain) level. As 

described in the above cited works, the model uses the Eshelby inclusion approach 

[92] for description of interaction of each grain (sc. ellipsoidal elastoplastic 

inclusion), having a particular orientation. The surrounding polycrystal is treated as 

homogenous equivalent medium (HEM). The macroscopic applied stress and strain 

is accommodated by the elastic and plastic deformation at the grain level. The stress 

increment 𝛿𝜎 in the grain is related to the total strain increment 𝛿휀 through Hooke’s 

law: 

 
𝛿𝜎𝑔 = 𝐶𝑔: (𝛿휀𝑔 − ∑𝑚𝑔,𝑠𝛿𝑞𝑠

𝑠

), (2.27)  

where : symbolize the contracted product, 𝐶𝑔 is the fourth rank elastic stiffness 

tensor, 𝑚𝑔,𝑠 is the Schmid tensor and 𝛿𝑔𝑠 is the shear strain increment. Index 𝑔 

symbolize that this equation is for individual grain, the sum is over active slip 

systems 𝑠 in the grain. 

The Schmid law is used to determine the active slip or twinning system. Three 

conditions have to be fulfilled for a system to be considered active: The resolved 

shear stress in the system has to be equal to the CRSS of the system 𝜏𝑠, the system 

has to remain at the critical value during the straining step, and only positive shear is 

allowed. These conditions are represented by the equations 

 𝜏𝑠 = 𝑚𝑔,𝑠: 𝜎𝑔, 

𝛿𝜏𝑠 = 𝑚𝑔,𝑠: 𝛿𝜎𝑔, 

𝛿𝑞𝑠 > 0. 

(2.28)  

By the combination of eq (2.27) and (2.28) it is possible to linearize the 

constitutive law: 

 𝛿𝜎𝑔 = 𝐿𝑔: 𝛿휀𝑔, (2.29)  

where 𝐿𝑔 represents the elasto-plastic stiffness of the grain: 

 
𝐿𝑔 = 𝐶𝑔: (𝐼 − ∑𝑚𝑠 ⊗ 𝑓𝑠

𝑠

), (2.30)  

where ⨂ is uncontracted tensor product, 𝐼 is four order identity tensor and 𝑓𝑠 solves 

the shear strain increment 𝛿𝑞𝑠 in terms of the crystal strain rate 𝛿휀𝑠 

 𝛿𝑞𝑠 = 𝑓𝑠: 𝛿휀𝑠. (2.31)  

Similarly the eq. (2.29) can be written for the HEM: 

 𝛿𝜎 = �̅�: 𝛿휀,̅ (2.32)  
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𝛿𝜎 = 〈𝛿𝜎𝑔〉 and 𝛿휀̅ = 〈𝛿휀𝑔〉. 

The total strain rate of the grain is related to the strain rate in HEM by the 

interaction equation 

 𝛿𝜎𝑔 − 𝛿𝜎 = −𝐿∗: (𝛿휀𝑔 − 𝛿휀), 

𝐿∗ = �̅�: (𝑆−1 − 𝐼), 
(2.33)  

where 𝐿∗ is the effective stiffness and 𝑆 is the elasto-plastic Eshelby tensor. Since all 

the grains are assumed to have the same shape, 𝑆 and 𝐿∗ are the same for all the 

grains. Using the eq. (2.31) and (2.32) the strain increment can be written as: 

 𝛿휀𝑔 = 𝐴𝑔: 𝛿휀, 

𝐴𝑔 = (𝐿𝑔 + 𝐿∗)−1: (�̅� + 𝐿∗). 
(2.34)  

Eq. (2.31) – (2.34) leads to the self-consistent equation for the macroscopic 

elasto-plastic stiffness �̅�: 

 �̅� = 〈𝐿𝑔𝐴𝑔〉〈𝐴𝑔〉−1. (2.35)  

The algorithm solves the 𝐿 for each step, from 𝐿 all the other quantities can be 

calculated. First estimation of 𝐿 is taken from the previous step. From 𝐿 the active 

slip systems in each grain are assumed and from that it is possible to obtain 𝐿𝑔 and 

𝐴𝑔 using the eq (2.30), resp. (2.34). The shear strain rate and shear stress rate are 

evaluated for each grain according the eq. (2.31), resp. (2.28).  If the conditions 

(2.28) are violated, the deformation system is considered inactive; 𝐿𝑔 and 𝐴𝑔 are 

recalculated. The process is repeated until all the active systems fulfill eq. (2.28). 

Than the new estimate of �̅� is calculated according to the eq. (2.35). This process 

continues until the difference between the successive estimation of �̅� is lower than 

specified tolerance. 

For the evolution of the instantaneous CRSS s with the total accumulated 

plastic strain Γ within the grain an extended Voce hardening rule applies as follows: 

 
𝜏𝑠 = 𝜏0

𝑠 + (𝜏1
𝑠 + 𝜃1

𝑠Γ) (1 − exp(−
𝜃0Γ

𝜏1
𝑠 )) (2.36)  

where 𝜏0
𝑠 and 𝜏1

𝑠 are the initial and back-extrapolated CRSS, respectively. Further 

fitting parameters are 𝜃0
𝑠 and 𝜃1

𝑠, i.e. the initial and asymptotic hardening rates 

(Figure 2.11). 
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Figure 2.11 Evolution of CRSS 𝜏(𝛤) and work hardening 𝜃 =
𝑑𝜏

𝑑𝛤
; 𝜏0 = 10, 𝜏1 =

20, 𝜃0 = 150, 𝜃1 = 20 with accommodated plastic strain 𝛤 

 

Since the original EPSC model is suitable primarily for characterization of 

slip-dominated deformation [3], it was extended by Clausen et al. [90] in order to 

account for twin domain reorientation and associated stress relaxation. The model 

assumes nucleation of multiple twin orientations within a single grain and permits 

the consuming of the parent by twin. The nucleated twins are treated as new grains, 

having a well-defined crystallographic orientation with respect to their parent grain. 

The twins are allowed to grow, but the total volume is remained constant. The back-

stress acting between the parent and twin is also considered and used for estimation 

of the twin-caused stress relaxation in the parent grain.  
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3. Experimental materials and methods 

3.1. Experimental materials 

In present work, three different magnesium based materials were used: Mg + 1 

wt.% Zr (Pure Mg), Mg + 2wt.% Al (Mg2Al) and Mg + 9wt.% Al (Mg9Al). The 

addition of Zr resulted in achieving the grain size of (110 ± 5)𝜇𝑚 for Pure Mg. The 

grain size of Mg2Al was measured as (85 ± 15)𝜇𝑚 and Mg9Al – (100 ± 10)𝜇𝑚. 

Pure Mg was used for a detail study of the compression-tension asymmetry in 

terms of dislocation and twinning activity. Same approach was used to study the 

influence of the aluminum addition on mechanical properties of Mg-Al binary alloys. 

The inverse pole figures (IPF) and the microstructures after the heat treatment 

are showed in Figure 3.1 and Figure 3.2. As it is obvious from IPFs, all of samples 

exhibited a random initial texture. The initial microstructure is similar for Pure Mg 

and Mg9Al samples (Figure 3.2 (a), (c)) with variation of the grain size; both coarser 

and finer grains are present. In contrast, the Mg2Al samples has more uniform grain 

size distribution and generally finer grains (Figure 3.2 (b)). 

 

Figure 3.1 The IPF of initial texture of alloys measured by ND in axial direction for 

a) Pure Mg, b) Mg2Al c) Mg9Al [s1]  
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Figure 3.2 The initial microstructure of samples for (a)Pure Mg; (b) Mg2Al; and (c) 

Mg9Al [s1]  

3.2. Microscopy 

The specimens deformed to 1% of applied strain were polished by standard 

methods down to 0,25𝜇𝑚. In order to highlight the grain boundaries for optical 

microscopy, the samples were etched for 10s in 5% acetic acid solution (Pure Mg 

and Mg9Al) or 10% nitric acid solution (Mg2Al). The samples for EBSD 

investigations were finally electropolished in the Struers AC-2-II electrolyte at -

30°C, 33 V for 90 s. 

3.3. Mechanical testing 

The testing was carried out using cylindrical specimens with a diameter of 9 

mm and gauge length of 20 mm. The two types of tests were performed: uniaxial 

deformation in compression and tension; uniaxial compression tests with unloading 

to 0 MPa at the predefined strain levels (0.1, 0.5, 1, 2, 3, 6 %). The tests were 

performed concurrently with AE and ND measurements. The deformation tests were 

carried out at the ToF SMARTS engineering instrument in the Lujan Neutron 

Scattering Center using a horizontal 250 kN capacity load frame at a strain rate of 1 x 

 a)  b) 

 c) 
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10
-3

 s
-1

 in strain control mode. The deformation tests had to be paused in order to 

collect the ND spectrum. 

Therefore, the same set of tests without the pauses was performed in universal 

testing machine Instron 5882 at a constant strain rate of 10
-3

 s
-1

 at the Department of 

Physics of Materials. 

3.4. Neutron diffraction 

In-situ neutron diffraction measurements were carried out at the ToF SMARTS 

engineering instrument [93] in the Lujan Neutron Scattering Center. In order to 

collect ND data with good enough statistics, the tests were stopped at predefined 

strain levels (0.1, 0.5, 1, 2, 3, 4, 5, 6 %) for approx. 70 min for the tests without 

unloading and at  (0.1, 0.5, 1, 2, 3, 6 %) and after unloading for approx. 15 min for 

the tests with unloading. The instrumental profiles for deconvolution of obtained data 

were measured on a well-annealed CaF sample with sufficiently large grains. 

3.5. Acoustic emission 

The AE testing was performed using a Physical Acoustics PCI-2 acquisition 

board. A broadband AE sensor from Dakel company was mounted on the gauge 

length using vacuum grease and an elastic band. The AE was amplified by 40 dB in 

the frequency range 100 – 1200 kHz. The threshold level was set as 27 dB, just 

above the background noise.  

The AE recorded during ND testing was measured in the classic set up while 

the tests without ND took place in a so-called data streaming regime, where the data 

were recorded continuously with 18 bits amplitude resolution and 2 MHz sampling 

rate. 
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4. Investigation of compression-tension asymmetry in Pure 

Mg 

4.1. Results 

4.1.1. Acoustic emission 

Raw AE signals recorded during tension and compression in the threshold-less 

regime (waveform streaming) are presented in Figure 4.1. The AE streams appear as 

time-series of burst signals having various amplitudes. The typical lenticular shape of 

the AE stream exhibits a clear maximum indicates an uneven distribution of AE 

activity during straining. This effect is ascribed to the gradual reduction of the 

dislocation mean free path owing to the increasing dislocation density [s2].  

 
Figure 4.1 AE waveform stream and the corresponding monotonic stress – strain 

curves a) in tension; b) in compression 

The AE signal exhibits two remarkable features which is “magnesium-

specific”: (i) AE is detected long before the macroscopic yield in both tension and 

compression, most likely as consequence of the microplasticity caused by local basal 

slip and/or twinning [71, 94]; (ii) in tension the AE appears during the entire test, 

however, in compression the signal of AE is initially strong, but falls below the noise 

level above ~2% strain. Since the dependence of the dislocation activity on the 

loading direction is negligible, the “longer tail” of the tension AE curve can be safely 

ascribed to twinning. 

The right interpretation of the AE data requires distinguishing between the AE 

events stemming from the different sources. Two different approaches can be used: 

(i) the classical “threshold-based” approach during the data acquisition, (ii) ASK 

analysis. As a result of classical approach, separate waveforms were recorded, which 

were further evaluated: both time-dependent parameters (peak amplitude, duration, 

 a)  b) 
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rise-time, energy etc.) and spectrum-based features (average-, peak- or reverberation 

frequency) were determined. 

4.1.1.1. Classical approach 

In these experiments the iterative k-means algorithm was chosen aiming to 

minimize the square error for the predefined number of clusters.  Since the results 

depend on the selection of the initial clusters, multiple runs were performed in order 

to find the satisfactory solutions from both the statistical and the physical point of 

view. Three clusters were thus identified (Figure 4.2), i.e., noise, dislocation 

movement and twinning. 

 
Figure 4.2 Frequency centroid–risetime crossplot of AE events recorded in 

compression. Three clusters can be identified, belonging to the following 

mechanisms: noise (blue); twinning (red) and dislocation slip (black).[s3]  

The AE waveforms emitted by twinning exhibit a short rise time (Figure 4.3a)). 

There is a general agreement that the twin nucleation is governed by twin 

dislocations [34], which are accelerated by local stresses to transonic speed [95, 96], 

i.e. the turnover of the part of the lattice takes place in a very short time period. The 

rise-time (time elapsed from the beginning of the signal till reaching the peak 

amplitude) of the corresponding AE waveform is short. 
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Figure 4.3 Waveforms characteristic for a) twinning and b) dislocation avalanches. 

[s3]  

Both theoretical [97] and experimental results [98, 99] indicate that the 

dislocation movement during the straining has an intermittent, avalanche-like 

character. There is an initial dislocation breakaway, which triggers further 

avalanches having higher power, as it is shown in Figure 4.3b). This means  that the 

rise-time of such a process is long. The multi-scale analysis results appear consistent 

with this short-time scale correlation of the dislocation movement [66]. 

The appearance of the particular AE signal types on the stress-strain curves, 

exhibit a strong dependence on the loading mode (Figure 4.4). The dislocation-type 

AE events are common to both cases mainly around the yield point. The mean-free 

path of dislocation decreases with increasing strain level, hence the dislocation AE 

signals fall rapidly under the detectable limit – i.e. although the slip mechanisms are 

still active, they are no longer audible by the AE sensor. The main difference is 

observed in the AE events associated with twinning. Whereas in compression no 

twinning events were detected above the 2% strain limit (Figure 4.4b)), in tension 

twinning-type AE events were recorded during the entire test (Figure 4.4a)). 
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Figure 4.4 Appearance of the particular AE signal types (twinning and dislocation 

slip) during the deformation test (a) in compression and (b) in tension.[s3]  

The limitation of this method, as described in Chapter 2.1.1, can be observed 

around the yield point, where is the highest AE signal (see Figure 4.1), but it is 

possible to observe the decrease in the number of hits for twinning. This is caused by 

the overlapping of the individual signals. 

4.1.1.2. ASK analysis 

The classification of AE signals based on quantitative comparison of their 

Fourier power spectra reveals that all signals fall naturally into five categories having 

specific, statistically different PSDs. Average PSD functions for each cluster 

identified in tension are presented in Figure 4.5. Their interpretation requires keeping 

in mind the fact that the final shape is significantly influenced by both the used AE 

transducer and the specimen. The ‘broadband’ feature of the transducer is achieved 

by dumping of several resonant peaks that causes uneven distribution of sensitivity in 

frequency domain. The local maxima in all PSDs around 150 kHz and 450 kHz 

(upper harmonics) are caused by this effect. Furthermore, the specimens have their 

own resonant frequency, resulting in a distinct peak around 380 kHz.  
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Figure 4.5 The shapes of PSD functions corresponding to the particular clusters 

identified using the ASK algorithm for tensile AE data. [s4] 

Despite the very similar visual appearance of PSDs, the clusters are statistically 

distinct. We obtained stable and consistently defined clusters by application of 3𝜎 

criterion. So-called cross-plots, when two characteristic parameters of PSDs are 

plotted on axes x and y, are the most suitable form for presenting the results of the 

cluster procedure. In Figure 4.6 such an energy-mean frequency cross-plot is shown. 

The colors represent the particular clusters and 95% confidence ellipses added in 

order to highlight the difference between the respective populations of signals. Some 

overlapping of clusters is comprehensible, since such a plot represents a 2D 

projection of a 7-dimensional space.  
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Figure 4.6 Distribution of AE clusters in energy – mean frequency space including 

the 95% confidence ellipse for tensile AE data. The clusters, represented by different 

colors, are assigned to particular source mechanisms, based on their characteristic 

features (energy, frequency distribution etc.). [s4] 

The dominant AE source mechanisms in the particular clusters are listed in 

Table 4.1. They can be determined using a closer inspection of characteristic features 

of the clusters’ elements.   

Table 4.1 Dominant AE source mechanisms in particular clusters. 

Cluster # Color code in Figs. 5 and 6 Source mechanism 

1 Grey Noise 

2 Red Basal slip 

3 Orange Non-basal slip 

4 Blue Extension twinning 1  

5 Magenta Extension twinning 2 

Further indicator is the strain (time) evolution of cumulative (i.e. gradual 

increment) number of events in the particular clusters (Figure 4.7) and the 

corresponding cumulative energies (Figure 4.8). It is evident that Cluster 1 includes 

the background noise signals, since it appears before the onset of deformation test 

and has a low energy. Furthermore, Cluster 1 exhibits broad frequency spectrum, 

which is typical for the background noise [70]. The remaining four clusters 

unambiguously have a microstructural origin.  
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Figure 4.7 Strain evolution of cumulative number of elements in the AE clusters 

assigned to a) noise (grey line), basal dislocations (red line) and non-basal 

dislocations (orange line); b) twinning 1 (blue line) and twinning 2 (magenta line). 

The black line represents the experimental stress strain curves, measured 

concurrently with AE. [s4] 
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Figure 4.8 Strain evolution of cumulative energy of the AE events in the particular 

clusters a) in tension; b) in compression. [s4] 

The beginning of straining is accompanied by the appearance of Cluster 2 

(Figure 4.7a)). The events have medium energy (Figure 4.6). Above the macroscopic 

yield point number of elements in Cluster 3, having low and medium energies 

(Figure 4.7a)) increases significantly.  

The number of elements in the Clusters 4 and 5 starts to increase at slightly 

higher stresses (Figure 4.7b)), but the energy of these events is larger than that for 

clusters 2 and 3 (Figure 4.6 and Figure 4.8). This behavior refers to the nucleation of 

extension twins, which have higher energy AE response [65] and the CRSS for their 

activation is slightly larger than that for basal slip.  

The dislocation slip generating the signals from Cluster 2 is activated at low 

applied stresses. This behavior is characteristic for the basal 〈𝑎〉 slip, which has the 

lowest CRSS [10, 100]. The common feature of the dislocation slip related to Cluster 

3 in both tension and compression is that its activity dramatically increases above the 

macroscopic yield point. This behavior can be associated with the activation of the 

prismatic 〈𝑎〉 slip, having higher CRSS than the basal system. Its weak activity at the 

onset of the straining is most probably connected with the initial dislocation 

configuration.  
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4.1.2. Neutron diffraction 

The neutron diffraction experiments have been used for estimation of the 

twinned volume, measuring the lattice strain as functions of the applied stress and 

calculating the dislocation density. As it was indicated in Chapter 1.2.2, the {101̅2} 

extension twinning causes reorientation of the grain by almost 90°. Owing to the 

used diffraction geometry and loading mode dependence of the Schmid-factor (SF) 

for twinning, the parent (i.e. grains undergoing twinning) and the daughter (i.e. 

twinned fraction of the parents) orientations are reversed in tension and compression. 

In other words, in tension those grains are ideally oriented for twinning, which 

normal of the basal plane is parallel with the loading direction. 

This means that with respect to the axial detector the (0002) grain families are 

parents and, consequently the {101̅0} ones are the daughters (see Figure 2.8). Hence 

if the extension twinning is active, the intensity of (0002) peak starts to decrease and 

the intensity of  {101̅0} peak increases, respectively. Since in compression the grains 

having their c-axis perpendicular to the loading axis are optimally oriented for 

extension twinning, the intensity changes have opposite character. Figure 4.9 shows 

SF for twinning in compression and tension with the position of evaluated diffraction 

peaks. The orientation with highest SF is highlighted by white circle. 

     
Figure 4.9 IPF of SF for twinning [s5]  

The (0002)–{101̅0} and {101̅3}–{112̅0}† parent-daughter systems 

characterize well the twinning activity. The relative intensity changes determined by 

single peak fits with respect to the initial (stress-free) state of the parent-daughter 

orientations for the axial detector are depicted in Figure 4.10. For both tension and 

                                                 

†
 It should be noted that {101̅3}–{112̅0} is  not exactly the parent-daughter system, the 

difference is about 12° and the correct system would be {112̅0} − {112̅6}, which is out of the detector 

range. However, for the description of the twinning it is enough. 
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compression, the change of the intensities begins around the macroscopic yield point 

indicating an increasingly dominant role of twinning upon plastic deformation.  

 
Figure 4.10 Change of the normalized integrated intensities of particular peaks with 

the applied stress and the corresponding AE response.[s3]  

As described in Chapter 2.1.2.1, TVF during the deformation can be 

determined from the diffraction data by performing a 2-bank Rietveld refinement 

assuming an axisymmetric texture. In the present case, the initial texture is random, 

and the uniaxial deformation is an axisymmetric operation, and hence the assumption 

should be valid. The refinements were done using the GSAS [101] and 

SMARTSware [102] software packages developed at Los Alamos National 

Laboratory. Figure 4.11 shows the development of the axial distribution function for 

the (0002) peak during deformation. It is obvious that the (0002) intensity is almost 

random at the start, and that it strongly increases at the rim of the pole figure during 

tension, and increases at the center during compression, consistent with the expected 

texture change due to extension twinning. 
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Figure 4.11 Axial distribution function variation for the 0002 pole during; a) 

tension, b) compression [34] 

Figure 4.12 shows the TVF as a function of the plastic strain for the tension and 

compression samples. Up to the 1% of plastic strain the TVF is the same for tension 

and compression while at higher strains the TVF is larger for compression than it is 

for tension. 

 
Figure 4.12 Measured TVF for tensile and compressive loading up to 6% of strain 

[s4] 

The lattice strains on {101̅2} and {101̅1} planes begin to deviate (Figure 4.13) 

from the straight line of the theoretical elastic response (dash line in Figure 4.13) at 

very low stress level (~10 MPa) for both loading modes and detector banks. The 

slopes of the associated curves increase, indicating their “soft-orientation”.  
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Figure 4.13 Evolution of the lattice strains with the applied stress. Data from both 

detectors (axial and transversal) are displayed. The error bars are smaller than the 

symbol size for the majority of points.[86] 

In order to analyze properly the lattice strains SF for the individual slip systems 

has to be calculated (Figure 4.14). Since both {101̅2} and {101̅1} planes have a high 

SF for the basal slip (0.43 and 0.36, respectively), the effect can be explained in 

terms of microyielding caused by slip of basal 〈𝑎〉 dislocations [3].  Nevertheless, in 

case of the {101̅1} plane the contribution of the prismatic 〈𝑎〉 slip (𝑚101̅1
𝑝𝑟𝑖𝑠𝑚 = 0.34) 

or twinning (𝑚101̅1
𝑡𝑤𝐶 = 0.3) also cannot be excluded. 
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Figure 4.14 IPF of SF for various slip systems 

The (0002) planes have parent orientation with respect to the axial detector in 

tension and radial detector in compression. The Figure 4.13a) and d) show a 

relaxation of the (0002) and {101̅3} lattice strains at the same stress level, at which 

the peak intensities start to significantly change, i.e. the effect can be substantiated 

by {101̅2} extension twinning. Consistently, the daughter {101̅0} and {112̅0} 

orientations have to accumulate larger portion of load, since the twinning process 

reorients them out from position favorable for both basal slip and extension twinning 

[3]. 

4.1.2.1. CMWP fitting 

As an example, the fitting of the diffractogram detected for the initial sample is 

shown in Figure 4.15. The open circles and the solid line represent the measured data 

and the fitted curves, respectively.  
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Figure 4.15 CMWP fitting for the initial sample. The pattern was obtained by the 

radial detector. The open circles and the solid line represent the measured data and 

the fitted curves, respectively. The intensity is plotted in logarithmic scale. The inset 

shows a part of the diffractogram with larger magnification. In the inset the intensity 

is plotted in linear scale and the difference between the measured and the fitted 

patterns is shown at the bottom. [s4]  

Figure 4.16 illustrates the classical Williamson-Hall plot for the sample 

deformed by compression up to 6%. In this figure, the full width at half maximum 

(FWHM) is plotted as a function of the length of the diffraction vector (g). The 

instrumental peak width was subtracted from the breadth of the Mg line profiles 

assuming a linear addition rule for the instrumental and microstructural broadening 

effects. It should be noted that this rule is strictly valid only when both the 

instrumental and the microstructural profiles have Lorentzian shape, which in the 

case of the experimental curves might not be completely fulfilled owing to the 

experimental error. However, this method of the instrumental correction for the peak 

breadth does not call into question the reliability of the present Williamson-Hall 

analysis, as only qualitative conclusions will be drawn from the plots.  

 
Figure 4.16 Classical a) and modified b) Williamson-Hall plots for the sample 

deformed by compression up to the strain of 6%. The profiles were measured by the 

radial detector and corrected for the instrumental effects. FWHM: full width at half 

maximum, g: length of the diffraction vector, C: dislocation contrast factor. [s4]  
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The line broadening in Figure 4.16a) is very anisotropic, i.e. it varies non-

monotonously with increasing the length of the diffraction vector. The hkil-

dependence of the diffraction peak broadening in plastically deformed metals is 

usually caused by the anisotropic strain field of dislocations [13]. In this case the 

FWHM values can be arranged along a smooth monotonous curve by plotting them 

as a function of 𝑔(𝐶ℎ̅𝑘𝑙)
1

2 (referred to as modified Williamson-Hall plot). As an 

example, Figure 4.16b) shows the modified Williamson-Hall plot for the sample 

deformed by compression up to 6%.  

The dislocation density as a function of strain for tension and compression is 

shown in Figure 4.17. The dislocation density increases with increasing strain for 

both tension and compression. For strains up to 2% the dislocation densities obtained 

for tension and compression agree very well. However, at 4 and 6% the dislocation 

density in the compressed sample is slightly larger. The evolution of the dislocation 

density is significantly influenced by the twinning.  

 
Figure 4.17 The dislocation density as a function strain for tension and compression 

[s4] 

The fractions of the different dislocation slip system families were determined 

from parameters q1 and q2 using the procedure described in Chapter 2.1.2.2. It was 

found that in the initial sample there was an abundance of 〈𝑎〉-type dislocations 

(about 77%), while the fraction of 〈𝑐 + 𝑎〉 dislocations was about 18% and the 

amount of 〈𝑐〉 dislocations was small (5%). In the 〈𝑎〉-type Burgers vector group the 

majority of dislocations are prismatic or pyramidal edge. The screw fraction in 〈𝑎〉-

type dislocations was about 3% in the initial case. Figure 4.18 shows that the ratio of 

basal to prismatic 〈𝑎〉-type dislocations decreased during tension and compression at 

the strains of 4 and 6%. It should be noted that the AE results are in agreement with 

this observation: the number of non-basal slip origin AE signals rapidly increases 

above the strain of 4% (Figure 4.7).  
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Figure 4.18 The ratios of 〈𝑎〉 〈𝑐 + 𝑎〉⁄  and basal/prismatic dislocations (〈𝑎〉-types) 

versus strain for tensile deformed a),b) and compressed c),d) samples as detected by 

radial and axial detectors. Notaition used: BE: basal edge, PrE: prismatic edge. [s4]  

4.1.3. EPSC modeling 

The present EPSC modeling incorporated 20000 grains with random texture 

distribution. Based on previous papers [81, 90] the following four deformation 

mechanisms were considered in the calculations: the 〈𝑎〉 slip on (0002) basal and 

{101̅0} prismatic planes, second-order {112̅2}〈112̅3〉 pyramidal 〈𝑐 + 𝑎〉 slip and 

{101̅2} type extension twinning. Since the maximum measured strain level was only 

6%, the {101̅1} type compression twinning  usually observed at higher strains [80] 

 was not included in the analysis. The initial CRSS and hardening values used to fit 

the predicted macroscopic stress-strain curves to the experimental ones are listed in 

Table 4.2.  

Table 4.2  Initial fitting parameters of EPSC model, based on eq. (2.36) 

 0
𝑠[𝑀𝑃𝑎] 1

𝑠[𝑀𝑃𝑎] 𝜃0
𝑠[𝑀𝑃𝑎] 𝜃1

𝑠[𝑀𝑃𝑎] 

Basal 〈𝑎〉 2 2 30 0 

Prismatic 〈𝑎〉 19 16 400 40 

Pyramidal〈𝑐 + 𝑎〉 80 30 200 20 

Tensile twinning 5 0 0 0 
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It is obvious from Figure 4.19 that the coincidence between the calculated and 

measured curves is satisfying. 

 
Figure 4.19 The experimental and calculated (using EPSC model) stress-strain 

curves for a) tension and b) compression 

The loading mode dependence of twinning indicated by AE results must 

significantly influence the development of the deformation texture. The IPF at 0, 3 

and 6% deformation for axial detector are shown in Figure 4.20. In compression, the 

intensity increases at (0002) pole with increasing strain in axial detector and in 

tension a high intensity is evident at {101̅0} pole. 
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Figure 4.20 The calculated (left column) and measured (right column – axial 

detector) inverse pole figures at the strains of 0, 3 and 6% for a) tension and b) 

compression [s4]  

The comparison of the calculated and measured elastic lattice strains is 

depicted in Figure 4.21. The non-linear behavior of the experimental internal strain 

data is qualitatively quite well predicted. The model satisfactorily describes the 

relaxation of lattice strains on (0002) and {101̅3} planes as well as the load 

accumulation of the {101̅0} and {112̅0} lattice strains in radial direction in 

compression and in axial direction in tension. These reflections have parent ((0002) 

and {101̅3}) and daughter ({101̅0} and {112̅0}) orientation for extension twinning 

with respect to these detectors, so they characterize this deformation mechanism. If 

the parent-daughter roles as well as the detectors are interchanged, the agreement 

between the modeling and the experiment is weaker. Similar effect was reported by 

Clausen et al. [90], who substantiated the discrepancy with ignoring the stress 

relaxation in the parent grain by the model.  The model well predict the early onset of 

the basal slip associated with the slope increase of the {101̅2} lattice strains. The 

evolution of the lattice strain on the {101̅1} plane, characterizing prismatic 〈𝑎〉 slip is 

also in a good agreement between the modeling and the experiment. 
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Figure 4.21 Experimental (symbols) and calculated (lines) internal strain evolution 

versus the applied stress both in tension and compression for both detector banks. 

The variations of the relative activity of each deformation process for both 

loading modes versus the applied stress obtained by EPSC modeling are depicted in 

Figure 4.22. In tension, there is a massive onset of basal slip and extension twinning 

already at low applied stresses. In the vicinity of the macroscopic yield point the 

prismatic 〈𝑎〉 slip activates and exhibits a monotonically increasing behavior. The 

activity of the basal slip gradually decreases, most probably due to the decreasing 

volume of the favorable oriented grains. The activity of the second-order pyramidal 

slip is negligible. In compression, the macroscopic yielding is also associated with 

the decrease of the activity of twinning while the role of basal and non-basal slip 

increases. There are two remarkable differences with respect to the tension results. 

First of all the prismatic 〈𝑎〉 slip is not so pronounced as in tension at higher stresses, 

secondly above the strain of 4% the contribution of  pyramidal slip slightly increases. 

The predicted CRSS for pyramidal slip is in good agreement with the experimental 

values [103].  
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Figure 4.22 Activity of particular deformation mechanisms as a function of the 

applied stress calculated using EPSC model: overall (left); in parent grains 

(middle); in twins (right) a) in tension b) in compression. 

4.1.4. EBSD analysis 

The microstructure after deformation is shown in Figure 4.23. The {101̅2} 

extension twin boundaries are highlighted with the yellow color. It is obvious that 

this is the dominant twinning mechanism during the deformation. 

   
Figure 4.23 EBSD maps of the microstructure after 1% of strain in (a) tension and 

(b) compression [s3]  

a) 

b) 

 a)   b) 
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4.2. Discussion 

4.2.1. Correlation of ND and AE measurement data 

The comparison of the results of ND and AE measurements points out 

following interesting features: 

i) The peak activity of the AE coincides with the onset of both increase of the 

“twin” intensities and non-linear behavior of lattice strains (Figure 4.10 and Figure 

4.13). The cluster analysis suggests that both twinning (i.e. intensity change in the 

“ND direction”) and dislocation sources (i.e. change of the applied stress - lattice 

strain slope) are active in the vicinity of the macroscopic yield point. Hence, the 

microplasticity has been identified by two independent methods, meaning that the 

AE measurement offers support the validity of the conclusions derived from the ND 

data and vice versa.  

ii) In the case of compression there is a deflection between the two datasets: the 

twin AE events vanishing above 2% of strain despite of the monotonic increase of 

the overall twinned volume over this level. It can be explained by separation of the 

twin formation into two stages: nucleation and growth. The twin nucleation can be 

idealized as a modification of the Frank-Read source, assuming that the nucleation 

involves rotating twin dislocations [34]. It has been shown, both theoretically [104] 

and experimentally [105], that the twin dislocations are accelerated to transonic 

speed (to approx. 1.5 of the transversal velocity of sound). Assuming [69], that the 

average length of a twin is comparable with the grain size and 𝑣𝑡𝑤𝑖𝑛~3000𝑚𝑠−1, 

even a single twin dislocation would produce a detectable AE signal. Since the twin 

nucleation is a result of collective motion of several hundred dislocations, the twin 

nucleation can be expected to be a significant AE source, as indeed it was suggested 

by the experiments. On the other hand, the growth velocity of an elliptical twin is 

some six order smaller [26]. Hence, the surface displacement caused by twin’s 

growth is of order of 10−22𝑚 [17], i.e., too small to emit detectable AE.  

This consideration leads to the conclusion that in tension the continuous 

nucleation of new twins is largely determines the twinned volume growth. On the 

contrary, in compression the nucleation is followed by a rapid growth leading to a 

rapid increment of the twin volume accompanied by a decrease of the detectable AE 

events. This conclusion is supported by the EBSD maps (Figure 4.23): in 

compression, thick twins were formed already after 1% of strain, in tension grains 
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with huge population of small twins were observed. The differences in twinning 

evolution for tension and compression will be discussed in details in Chapter 4.3. 

4.2.2. ASK analysis 

The evolution of both basal and prismatic slip is slightly different for the 

particular deformation modes. In tension, the basal slip maintains its significant role 

in deformation throughout the test, even after the onset of prismatic 〈𝑎〉 slip. In 

compression, the basal slip is suppressed, once the non-basal slip is activated (see 

Figure 4.7a)). Furthermore, in tension the non-basal slip become active later (at 

higher strains) than in compression. This result can be rationalized in terms of a 

smaller volume fraction of grains which are well-oriented for twinning [106, 107] 

during tension, as well as the necessity of accommodation of deformation by 

dislocation slip once twinning is completed.  

The distribution of the twin-related signals into two clusters is most probably 

connected with the twin size dependence of the PSD. At the beginning, the twins 

nucleate in ‘virgin’ grains, where they can propagate quickly from one grain 

boundary to the other on the opposite side. As the strain increases, nucleation of 

further twin generations in the same grain is necessary to accommodate the local 

strain. Nevertheless, the path for twin propagation is limited by the already existing 

twins. Vinogradov et al. [32] showed, that twins that nucleate in ‘virgin’ grain 

propagate with higher velocity than twins that nucleate in partly twinned grains. 

Consequently, the elastic energy released by twin is smaller and the shape of the PSD 

changes. 

The dependence of the twinning clusters on the loading mode is also evident. In 

tension, both twinning-associated AE clusters monotonically grow with time (strain), 

whereas in compression the supremacy of the twin events terminates shortly after 

reaching the yield point, which is consistent with the threshold-base evaluation. The 

twinning mechanism can be sorted out into two stages: nucleation, which is 

detectable by AE and growth which is not detectable. We can conclude that, in 

tension, the twin nucleation persistently occurs during straining, whereas in 

compression the twin nucleation is negligible at higher strains. 

4.2.3. Experimental AE results vs. EPSC modeling 

In order to get a better basis for comparison of EPSC and AE results, in Figure 

4.24 the “relative AE source activity (RSA)” is plotted against the applied stress 
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together with the EPSC results. RSA
‡
 describes the proportion of particular AE 

sources at the given stress level. For right interpretation of Figure 4.24 it should be 

kept in mind that ASK method determines the dominant AE source mechanism in a 

given time window. It means that in the case when a given AE source is dominant for 

longer period (i.e. in several consecutive time (stress) windows), the contributions of 

other sources decrease to zero. On contrary, the relative system activity, calculated 

using EPSC model can handle the concurrently active deformation mechanisms. 

Thus, the evolution of the activities calculated by EPSC and AE may slightly differ. 

The AE method cannot make difference between the prismatic and 2
nd

 order 

pyramidal slip. Thus, for sake of simplicity, only the three major deformation 

mechanisms: basal slip, non-basal slip and twinning are plotted in Figure 4.24.  

 

 
Figure 4.24 Comparison of relative activity of main deformation processes (basal 

and non-basal slip, twinning) for both loading modes: a) tension, b) compression; vs. 

the applied stress obtained by EPSC modeling and estimated from AE measurements. 

                                                 

‡
 The calculation of the RSA was based on the data in Figure 4.7. 
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Basal slip – both methods show activation of the basal slip in the early stage of 

straining. In tension (Figure 4.24a)), the decreasing trend of activity of basal slip 

above 50 MPa is obvious from both EPSC and AE results. In compression (Figure 

4.24b)), the increment of basal activity between 30 and 40 MPa can be seen. The 

EPSC at higher stresses in compression indicates a constant activity of basal slip, 

whereas the AE shows a nearly zero value. This effect can be explained by two 

reasons: i) owing to the intensive slip, the dislocation density in basal plane 

increases, which shorten the mean free path for dislocation glide and consequently 

the basal AE signal weakens; ii) since in compression besides the prismatic 〈𝑎〉 slip 

the 〈𝑐 + 𝑎〉 slip is also active, the contribution of non-basal slip to AE frequency 

spectra dominates at higher stresses. Consequently, the fraction of “basal AE” 

decreases to zero.   

Non-basal slip – both modeling and AE experiment indicate dominant role of 

non-basal slip at higher stresses. The non-basal slip in AE starts to be dominant later 

in comparison to EPSC, since around the yield point the high energy twinning 

signals “talk down” the lower dislocation ones. In tension (Fig. 19a)), the AE results 

nicely show, how the activity of the non-basal slip become dominant above 60 MPa. 

In compression, the non-basal activity shows an opposite trend above 60 MPa. The 

EPSC result exhibits slight increment, whereas the AE results reveal a decrease. At 

such a high stresses in compression: i) twin growth takes place, which gives no AE 

signal; ii) AE response of basal slip is weak; iii) the majority of non-basal AE events 

is a low energy one (see Figure 4.6). Therefore, the noise signal (not plotted in 

Figure 4.24) can dominate above the non-basal AE, which causes the decreasing of 

the proportion of the latter.    

Twinning – both EPSC and AE indicates onset of extension twinning at low 

applied stress. In the range of 15-40 MPa in tension and 10-30 MPa in compression 

the twinning dominates over the all other AE source mechanisms owing to its large 

magnitude (cf. Figure 4.6). In tension, the trend of the EPSC and AE activity is in 

agreement. In compression, the AE activity of twinning is close to zero above 30 

MPa, which simply reflects the fact that the AE is not sensitive for twin growth, 

whereas EPSC takes this mechanism into account. 

4.2.4. CMWP analysis 

The AE and ND results indicate a rapid twin growth and higher volume 

fraction of twins in compression, hence a larger contribution to strain 
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accommodation. The dislocation density involves both accumulation and recovery 

terms. It seems that the recovery term is smaller in compression. This feature can be 

discussed in terms of dislocation transmutation upon the passage of a twin front [40, 

108]. El Kadiri has shown that if the 〈𝑎〉 dislocations cross the twin boundary, 

creation of sessile dislocations within the twins can be expected (e.g 〈𝑐〉 types, but 

they don’t necessarily belong to a usual slip system). Thus, the annihilation of these 

dislocations is hindered. Further, the theoretical models predict a higher activity of 

〈𝑐 + 𝑎〉 dislocations during compression, particularly in twins [3]. Some 

experimental evidence of enhanced density of 〈𝑐 + 𝑎〉 dislocations was found also 

using TEM [109]. Thus, the reduced dislocation annihilation and facilitated 〈𝑐 + 𝑎〉 

slip can result in a higher dislocation density at higher strains in compression. 

Unlike the radial detectors, where there is no significant difference in the 

evolution of the basal/prismatic 〈𝑎〉 dislocation ratio for the particular loading modes, 

in the signal of the axial detector larger fraction of prismatic 〈𝑎〉 dislocations was 

found for tension. Furthermore, in tension, the ratio of 〈𝑎〉 and 〈𝑐 + 𝑎〉 dislocations 

did not change significantly with increasing strain (Figure 4.18a),b)). In contrast, in 

the case of compression the diffractogram in the radial detector suggests that the 

fraction of 〈𝑎〉 dislocations increased with increasing strain up to 6% at the expense 

of 〈𝑎〉 dislocations (Figure 4.18c)) while in the axial detector increased fraction of 

〈𝑐 + 𝑎〉 dislocations was detected. The opposite evolution of the 〈𝑎〉 〈𝑐 + 𝑎〉⁄  ratio in 

the particular detectors is most probably a consequence of the quick twin growth 

during compression and the applied diffraction geometry. The direction of the axial 

detector is designated in twinning as in all volumes with the highest twinning SFs the 

c-axes rotate to this direction. Therefore, the axial detector is very sensitive to the 

twinning process. Owing to the averaging effect in radial detector the contribution of 

the twins is less pronounced than that in the axial detector. Furthermore, in 

compression there are many grains with high twinning SF in which only one or two 

twin variants are formed. These twins can rapidly grow with increasing strain [40, 

43]) and they significantly contribute to the (000𝑙) peaks in the axial detector, as 

indicated by the texture. In twins higher density of 〈𝑐 + 𝑎〉 dislocations is expected 

owing to the higher SF for 2
nd

 order pyramidal slip in these orientations (Figure 

4.14). In addition, a significant part of 〈𝑎〉-dislocations can be transmuted in the 

twins into other dislocation types due to the interaction with twin boundaries [41], 
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while 〈𝑐 + 𝑎〉-dislocations can pass through the twin boundaries without any 

transmutation [110]. As it was mentioned above, significant part of 〈𝑎〉-dislocations 

can transmute in the twins into different dislocation types. Thus, the fraction of 

〈𝑐 + 𝑎〉 dislocation increases in the axial detector at the expense of 〈𝑎〉 dislocations, 

as it can be seen in Figure 4.18d). 

In the radial detector, besides the twinned volumes the parent grains also have a 

significant contribution to the diffraction pattern.  The 〈𝑎〉-type dislocations in 

parents were found strongly influenced by twin growth: i) the twin boundaries can 

act as barriers to slip dislocations ([111]; [112]; ii) dissociation of twinning 

dislocations can lead to formation of 〈𝑎〉 dislocations ([110]. Both these mechanisms 

increase density of 〈𝑎〉 dislocations in parent grains (Figure 4.18c)).  

In case of tension, the strain in high twinning SF grains is accommodated by 

nucleation of several twin variants. Since the growth of these twins is limited [46], 

the above discussed process is not so significant. In the axial detector the 

〈𝑎〉 〈𝑐 + 𝑎〉⁄  ratio remains unchanged within the experimental error, whereas in radial 

detector slightly decreases. 

4.2.5. Combination of EPSC modeling and CMWP analysis  

Modeling gives the slip system activity according to the Schmid’s law while 

neutron diffraction describes the slip system populations, i.e. the former method 

compares the easiness of the glide in the different slip systems while the latter 

procedure characterizes the density of various types of dislocations. For instance, 

EPSC calculation does not take directly into account the abundance of non-basal 〈𝑎〉 

type dislocations relative to basal dislocations in the initial state. Thus, the reduction 

of the basal slip activity during deformation can result in the decrease of the basal 

dislocation fraction and finally it may yield the dominancy of non-basal dislocations 

among 〈𝑎〉 type slip systems. In other words, in the sense of Kocks-Mecking 

equation [113], describing the evolution of the dislocation density during the 

deformation, the EPSC activity plot presented here describes only the dislocation 

storage term. In contrast, the CMWP gives the resultant dislocation density, i.e. both 

storage and recovery term. Further, we have to take into account that due to used 

experimental geometry and the extinction rules not all dislocations can be detected. It 

should be noted that the discrimination between the different slip systems in the 

neutron diffraction peak profile evaluation depends on their various influences on 
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peak breadths. For instance, the ℎ𝑘𝑖𝑙-dependence of diffraction line widths for 〈𝑎〉 

and 〈𝑐 + 𝑎〉 edge dislocations show opposite trends. This means that for a given 

reflection 〈𝑎〉 and 〈𝑐 + 𝑎〉 edge dislocations cause broader and narrower breadths, 

respectively, relative to the width of reflections hk0. Therefore, the fractions of 〈𝑎〉 

and 〈𝑐 + 𝑎〉 edge dislocations can be determined with small errors. However, the 

discrimination between prismatic and pyramidal 〈𝑎〉 edge dislocations is uncertain 

due to their similar peak broadening effects. Therefore, the two fractions are added 

and the sum is referred to prismatic (or non-basal) 〈𝑎〉 edge dislocations. It can be 

concluded that in many regards, the EPSC model and results of ND experiment are in 

agreement for: 

Basal and prismatic 〈𝑎〉 slip – based on the axial detector data the CMWP 

method predict increasing fraction of prismatic 〈𝑎〉 dislocations above 2% strain, 

while the higher relative activity of prismatic 〈𝑎〉 slip have been modeled by EPSC. 

Pyramidal 〈𝑐 + 𝑎〉 slip – both methods indicate activation of 2
nd

 order 

pyramidal slip at higher stresses in compression and minimum activity in tension. 

4.3. Tension – compression asymmetry of twinning 

Investigation of twinning was performed on Mg2Al. Examples of the 

microstructure after 1% of deformation in a) tension; b) compression are shown in 

Figure 4.25. The loading direction in both cases is perpendicular to the figure plane. 

It is obvious that the number of twin variants and size of twins depends significantly 

on the loading mode. There are grains which are almost ideally oriented for 

extension twinning in tension (T1) and compression (C1), respectively. Several twin 

variants, having moderate thickness can be observed in grain T1. In contrast, grain 

C1 includes only one twin variant, which results in reorientation of almost half of the 

parent grain. In the grains less favorably oriented for twinning (T2, C2), the number 

of twin variants is higher for compression than for tension. 
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Figure 4.25 EBSD maps of the microstructure after 1% of strain in a) tension; 

b) compression. Loading direction is perpendicular to the figures’ planes. [s5]  

4.3.1. Analysis of ND data 

The grain families which are favorably oriented for twinning are presented in 

Table 4.3 with their SF. For these grains, the relative change of the peak intensity is 

directly proportional to the TVF (Figure 4.26) [47]. 

Table 4.3 Selected grain families and their maximal SF for tension and 

compression, respectively. 

Tension 

Reflection 𝟎𝟎𝟎𝟐 𝟏𝟎�̅�𝟒 𝟏𝟎�̅�𝟑 𝟏𝟏�̅�𝟒 𝟏𝟎�̅�𝟐 𝟐𝟎�̅�𝟑 

SFmax 0.50 0.40 0.34 0.30 0.22 0.14 

Compression 

Reflection 𝟏𝟎�̅�𝟎 𝟐𝟎�̅�𝟏 𝟐𝟏�̅�𝟎 𝟐𝟏�̅�𝟏 𝟏𝟏�̅�𝟎 𝟏𝟎�̅�𝟏 𝟏𝟏�̅�𝟐 

SFmax 0.50 0.45 0.45 0.42 0.37 0.31 0.16 

 
Figure 4.26 TVF of selected grain families in a) tension, b) compression [s5]  
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It is obvious that during tension (Figure 4.26a)) TVF decreases proportionally 

with the decreasing value of maximal SF. In compression (Figure 4.26b)), this 

dependence is less clear. Many grain orientations behave similarly to the favorably 

oriented {101̄0} reflection, i.e. these grains have almost the same TVF. However, 

grains with orientations {101̄1} and {112̄2} exhibit significantly smaller TVF. 

Figure 4.27 shows a comparison between tension and compression for grain 

families with similar maximum SF. It can be seen that in some cases the curves 

overlap but in others they do not. The difference between tension and compression is 

clearly orientation dependent. 

 

 
 

 
Figure 4.27 Comparison of relative intensity changes for grains with similar SF for 

tension and compression. [s5] 

A statistical distribution of SF in a randomly oriented polycrystal is presented 

in Figure 4.28. It is obvious that in tension there is larger fraction of grains having a 

positive SF. However, the majority of them have low SF. In tension, only 10% of 

grains have SF > 0.4, while in compression the same criterion is met by 25% of 
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grains. It can be also observed: decreasing numbers of grains with increasing SF 

value in tension and increasing number of grains with increasing SF value in 

compression. The median value of SF is 0.10 in tension and 0.24 in compression. 

 
Figure 4.28 Fraction of grains having a particular SF for extension twinning, 

calculated for a randomly textured Mg polycrystal [s5]  

As reported elsewhere [41, 43], high SF twins tend to be thicker than those with 

low SF, because the driving force for twin boundary migration scales linearly with 

SF [114]. Thus, the larger overall TVF in compression can be elucidated in terms of 

a larger number of grains with a high SF for twinning. 

In tension, the TVF for a given orientation monotonically decreases with the 

deviation angle from the ideal orientation. Further, it is obvious from Figure 4.29a), 

that there is a linear dependence of the twinned volume on the maximal value of SF 

for a given orientation. The interpretation of compression data is more difficult. The 

correlation between maximal SF and twinned volume is not as strong. There is a 

higher correlation when TVF is plotted against average SF (Figure 4.29b)). This 

reflects the importance of the number of high SF systems in each orientation.  

 
Figure 4.29 Dependence of TVF at 3% of deformation on the a) maximal, b) average 

SF for extension twinning [s5]  

For example, it can be seen in Table 4.4 and Table 4.5 that all six twin systems 

have SF=0.5 for (0002) in tension but for {101̅0} in compression only two systems 

have SF=0.5. The number of favorably oriented systems within a grain is clearly an 

a) 

a) b) 
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important determinant of the TVF, not just the value of the SF. This can explain why, 

despite similar values of maximal SFs, {101̅0} orientations in compression display 

lower TVFs than (0002) in tension (Figure 4.27a). 

Table 4.4 SF for all six twin variants in tension 

Reflection 𝟎𝟎𝟎𝟐 𝟏𝟎�̅�𝟒 𝟏𝟎�̅�𝟑 𝟏𝟏�̅�𝟒 𝟏𝟎�̅�𝟐 𝟐𝟎�̅�𝟑 

Δ𝜃 0° 25° 32° 39° 43° 51° 

𝜙 0° 0° 0° 30° 0° 0° 

(101̄2) 0.50 0.30 0.19 0.13 0.00 -0.14 

(11̄02) 0.50 0.37 0.31 0.30 0.19 0.10 

(01̄12) 0.50 0.40 0.34 0.17 0.22 0.13 

(1̄012) 0.50 0.34 0.24 0.17 0.06 -0.08 

(1̄102) 0.50 0.40 0.34 0.30 0.22 0.13 

(011̄2) 0.50 0.37 0.31 0.12 0.19 0.10 

Table 4.5 SF for all six twin variants in compression 

Reflection 𝟏𝟎�̅�𝟎 𝟐𝟎�̅�𝟏 𝟐𝟏�̅�𝟎 𝟐𝟏�̅�𝟏 𝟏𝟏�̅�𝟎 𝟏𝟎�̅�𝟏 𝟏𝟏�̅�𝟐 

Δθ 0° 15° 0° 11° 0° 28° 31° 

𝜙 0° 0° 19° 19° 30° 0° 30° 

(101̄2) 0.50 0.45 0.45 0.42 0.37 0.30 0.16 

(11̄02) 0.13 0.09 0.02 0.00 0.00 0.00 -0.14 

(01̄12) 0.13 0.08 0.29 0.25 0.37 -0.02 0.11 

(1̄012) 0.50 0.42 0.45 0.40 0.37 0.26 0.11 

(1̄102) 0.13 0.08 0.02 0.00 0.00 -0.02 -0.14 

(011̄2) 0.13 0.09 0.29 0.26 0.37 0.00 0.16 

According to [115], the nucleation of an additional twin variant in a grain 

besides having the highest SF depends on the ratio of SFi/SFmax. The calculated SF 

for all 6 twin variants are shown at Figure 4.30. 
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Figure 4.30 Quasi inverse pole figures of the SFs calculated for the six possible 

extension twin variants in a) tension; b) compression. The symbols indicate some 

substantial orientations of parent grains with respect to the loading direction. The 

letters indicates the particular twin variants as follows: A – (1̅012); B – (01̅12); C 

– (1̅102); D – (101̅2); E – (011̅2) ; F – (1̅102) [s3] 

SF of coupled variants ((101̄2) − (1̄012), (11̄02) − (1̄102), (01̄12) −

(011̄2)) are similar, we will work further only with the variant with higher SF. 

There is a trend: in compression 𝑚𝑡𝑤
(101̅2)

> 𝑚𝑡𝑤
(011̅2)

> 𝑚𝑡𝑤
(11̅02)

, in tension 𝑚𝑡𝑤
(1̅102)

>

𝑚𝑡𝑤
(01̅12)

> 𝑚𝑡𝑤
(1̅012)

, further noted as 1𝑠𝑡 > 3𝑟𝑑 > 5𝑡ℎ variants. The ratios between 

the best variant and the others are shown at Figure 4.31. 
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Figure 4.31 IPF of SF for extension twinning a,b) best variant; ratio of SFs: c,d) the 

3
rd

, e,f) the 5
th

 variant to the best one for tension and compression, respectively [s5]  

While IPFs have similar tendency in tension, they show a completely different 

behavior in compression. In Table 4.4 and Table 4.5 it can be clearly seen that in 

compression SF of 3rd ranked system is always less than 0.4, the 5th twin variant is 

always less than 0.2. In compression, the probability of activation of all six twin 

variants within a grain is very low. It can be concluded that in tension the probability 

of activation of multiple twin variants within a grain is considerably higher than in 

compression. This difference can be clearly observed if the number of variants with 

SF higher than 90% of the best variant (Figure 4.32) is plotted against maximal SF. 

In tension, the high SF grains have the highest number of high SF variants. On the 

contrary, in compression, there is no direct correlation between number of twin 

variants and maximal SF. 
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Figure 4.32 Dependence of number of twin variants with SF value higher than 90% 

of the maximal value on the maximal value of SF [s5]  

Difference in TVF for the orientation pairs {101̅0}C − (0002)T and {101̅1}C −

{112̅4}T (Figure 4.27a),d) – TVF is larger in tension) can be explained by high 

number of possible variants to be activated, Figure 4.32. In case of the other 

orientation pairs {112̅0}C − {101̅3}T, {213̅1}C − {101̅4}T and {112̅2}C − {202̅3}T 

the TVFs are similar (Figure 4.27) These pairs show similar numbers of high SF 

variants in Figure 4.32. Thus, the different behavior of TVF dependence on SF is due 

to the difference in the number of high SF variants. In tension, with increasing Δθ 

both the value of SFmax and the number of high SF twin variants decrease 

proportionally. In compression, this dependence is not straightforward, since not only 

the deviation from the ideal orientation but also the rotation around the c-axis (ϕ) is 

an important parameter. 

4.3.2. EPSC modeling 

To verify the present findings, the deformation behavior was simulated using 

an Elasto-Plastic Self-Consistent (EPSC) model [90]. The reason for that was the 

capability of the EPSC for predicting the number of twin variants, which are 

nucleated within a particular grain. 
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The Voce parameters used for fitting are shown in Table 4.6. The match 

between the experimental data and the theoretical curve is satisfying (Figure 4.33). 

Table 4.6  Initial fitting parameters of EPSC model for Mg2Al, based on eq. (2.36) 

 0
𝑠[𝑀𝑃𝑎] 1

𝑠[𝑀𝑃𝑎] 𝜃0
𝑠[𝑀𝑃𝑎] 𝜃1

𝑠[𝑀𝑃𝑎] 

Basal 〈𝑎〉 10 5 20 5 

Prismatic 〈𝑎〉 39 22 200 10 

Pyramidal〈𝑐 + 𝑎〉 100 80 500 200 

Tensile twinning 15 3 25 15 

 
Figure 4.33 Measured and fitted deformation curves a) tension b) compression. 

The EPSC model gives further information about the texture changes, which 

can be utilized for calculation of theoretical diffraction patterns. The comparison of 

the calculated TVF with the measured one is presented in Figure 4.34. In accordance 

with the texture development, TVF in tension is smaller. The EPSC model slightly 

underestimates the experimental values, but the course of the calculated curves 

follow the measured data points well enough. 

 
Figure 4.34 The comparison of twinned volume in tension (red color) and 

compression (black color), estimated by EPSC model (line) and measured using 

neutron diffraction (symbols)  

a) b) 
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The relative intensity changes of diffraction peaks, measured also 

experimentally by ND, was calculated from the output of the EPSC. It is evident 

from Figure 4.35 that, although the EPSC model underestimate the TVF, it predicts 

similar behavior shown in Figure 4.26 

 

Figure 4.35 Relative peak intensity changes in selected oriented grains for twinning 

in a) tension b) compression [s5]  

The assumption based on the ND results is that nucleation of more variants that 

provides different strain direction is an important parameter for twinned volume. 

Twin variants (101̄2)[1̄011] and (1̄012)[101̄1] provides mirror symmetric strain. 

From the point of view of EPSC model there is not a big difference between them 

and they can be considered together. Similarly, the pairs from the other four variants 

can be made. Therefore, there are 3 variant pairs with different straining. Figure 4.36 

display the orientations of those grains, which according to the EPSC model undergo 

twinning. The colors represent number of nucleated twin variants within the grains 

having a particular orientation, predicted by the model. The calculations clearly 

illustrate that there is a significant difference between the tension and compression. 

EPSC modeling results are in excellent agreement with the theoretical calculations 

presented in Figure 4.32. 

a) b) 
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Figure 4.36  EPSC analysis of twin variant selection in a) tension b) compression 

[s5] 

From Figure 4.36a) it can be seen that for tension grains with Δθ < 30°§ (red 

area) exhibit nucleation of at least three variants. For grains with Δθ > 30° 

nucleation of only two (blue area) or one variant (green area) is estimated. In 

compression (Figure 4.36b)), at most two variants are predicted to form. The number 

of variants depends on the ϕ angle, this is on the rotation of the grain around the c-

                                                 

§
 Δ𝜃 is the 𝜃 deviation from the ideal orientation for twinning, therefore, it has different 

direction for tension and compression 

SF3/SF1=0.7 

SF2/SF1=0.7 

SF2/SF1=0.5 
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axis. The nucleation of additional twin variants is in good agreement with the ratios 

of SFs shown at Figure 4.31.    

The EBSD observations support these conclusions. The presence of all six 

variants can be observed in grain T1 in Figure 4.25. The orientation of T1 grain is 

almost ideal for extension twinning in tension, (SF: 0.46, 0.48, 0.48, 0.48, 0.49, 

0.47). However, twin nucleation in grains, which are highly deviated from ideal 

orientation can be observed. The deviation of grain T2 (Figure 4.25a)) is θ =

77°, ϕ = 25° and SFs in tension are (-0.35, -0.28, 0.02, -0.37, -0.30, 0.02).  Despite 

the low SF, the EBSD proved nucleation of the variants with positive SF. TVF in this 

particular grain is not high, but owing to the high number of such oriented grains, 

their contribution to the overall TVF is not negligible. In contrast, grain C1 is almost 

ideally oriented for twinning in compression (SF: 0.41, 0.09, 0.06, 0.44, 0.11, 0.05). 

However, the SFi/SFmax ratio for i > 2 is small. Consequently, nucleation of two 

variants (more precisely a pair of twin variants) is observed – exactly, as the EPSC 

model predicts. The C2 grain is deviated by the ϕ = 25° (SF: 0.29, 0.22, -0.05, 0.32, 

0.25, -0.06). All four high SF variants are nucleated which is again in good 

agreement with the EPSC results. 

It can be concluded that the results of EPSC modeling are in good agreement 

with measured data and theoretical results. The EPSC well predict the anomalous SF 

dependence of TVF and provides better insight on twin variants selection. 

Key points of Chapter 4 

The loading mode dependence of the extension twinning in texture-free 

magnesium was studied by detection of acoustic emission (AE) and neutron 

diffraction (ND). The following conclusions may be drawn: 

1. The combination of the AE and ND results pointed out that a microplasticity 

caused by basal slip and extension twinning takes place far below the 

macroscopic yield point.  

2. The AE method revealed that in tension the nucleation of the primary 

extension twins proceeds during the entire test (up to 6% of the effective 

strain). On contrary, in compression massive twin growth was observed 

above 2% strain. 

3. AE – using a proper analysis of raw AE waveform streaming dataset, high-

time resolution information about the dynamics of active deformation 
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processes can be derived. It is shown that the method is capable to make 

difference not only between dislocation slip and twinning AE events, but also 

between basal and non-basal slip events, and various twinning mechanisms. 

4. ND – in combination with CMWP evaluation procedure, quasi in-situ 

information can be obtained about the fraction of dislocations in various slip 

systems. The evaluation method is capable for revealing the evolution of 

density of 〈𝑐 + 𝑎〉, as well as basal and non-basal 〈𝑎〉 dislocations with 

applied stress, which can be hardly realized with such a good statistics using 

other experimental methods.  

5. Both EPSC calculations and AE experiments indicate a dominant role of the 

basal slip and extension twinning at the onset of straining.  

6. The macroscopic yield is accompanied by a considerable increase of the 

fraction of non-basal 〈𝑎〉 type dislocations, as it was shown by AE and ND 

experiments. 

7. Difference was found in the activity of 〈𝑐 + 𝑎〉 slip, which is more significant 

in compression. 

8. The overall twinned volume is larger in compression owing to the larger 

number of grains favorably oriented for nucleation of twins with high SF for 

twinning, 

9. In tension, the TVF decreases with increasing deviation of the given grain 

from the ideal orientation for extension twinning.  

10. In compression, not only the deviation from the ideal orientation, but also the 

grain rotation around the c-axis plays an important role. The latter parameter 

determines the probability of the activation of further twin variants. 

Therefore, the ideally oriented and deviated, but properly rotated grains can 

exhibit the same twinned volume, owing to the higher number of twin 

variants nucleated in the latter grains. 
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5. Influence of aluminum alloying 

5.1. Compression loading 

5.1.1. Deformation tests 

The influence of Al content on the mechanical properties is presented in Figure 

5.1. The strength of alloys increased with the increasing of Al content, what is in 

agreement with the literature data [6, 116], 

 

Figure 5.1 The true stress – true strain curves measured in compression for various 

Al concentration [s1]  

The effect of solid solution on the yield strength in polycrystals can be roughly 

deduced similarly to the single crystals, when the experimental yield stress data are 

corrected for the grain size [116]. Caceres and Rovera [116] supposed to express the 

combined effect of the grain size and solid solution strengthening on the 

experimentally established yield stress 𝜎02
exp  

 as: 

 𝜎02
exp  

= Δ𝜎𝐻𝑃 + Δ𝜎𝑠𝑠 = (𝜎0 + 𝑘𝑑−1 2⁄ ) + 𝑀𝐵𝑛𝑐
𝑛 (5.1)  

where 𝜎0 and 𝑘 are parameters of Hall-Petch equation (values for Mg 𝜎0 =

11𝑀𝑃𝑎 [51], 𝑘 = 0.39𝑀𝑃𝑎 𝑚1 2⁄  [117]) , 𝑀 is the Taylor orientation factor and 

𝐵𝑛 = 𝑑𝜏𝑅 𝑑𝑐𝑛⁄  is the solid solution hardening rate. In Figure 5.2, the concentration 

dependence of 𝜎02
exp  

 as well as the values corrected to grain size Δ𝜎𝑠𝑠 are plotted as a 

function of the 𝑐2 3⁄  (i.e. assuming Labusch’s theory for concentrated alloys, 

describing dependence of resolved shear stress Δ𝜏𝑠 on solute concentration 𝑐 as 

Δ𝜏𝑠 ∝ 𝑐2 3⁄  with 𝐵𝑛 = 39.5𝑀𝑃𝑎−2 3⁄  [116]). 
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Figure 5.2 Experimental yield strength 𝜎02
𝑒𝑥𝑝  

 (blue triangles); values corrected to 

grain size 𝛥𝜎𝑠𝑠 (black squares) and inflection stress 𝜎𝑖
{101̅2}

 for {101̅2} lattice strain 

from the ideal elastic response as a function of 𝑐2 3⁄  (c - Al concentration) [s1] 

The dependence is clearly linear. the value for 𝑀 = 4.7 obtained from the 

linear fit (slope = 185.6 𝑀𝑃𝑎−2 3⁄  , thus 𝑀 = 185.6 39.5⁄ ) is in the range of (4 – 6), 

which was suggested by theoretical calculations in [51]. Thus, the strengthening of 

the basal planes by solutes significantly contributes to the yield strength. This 

conclusion is in agreement with results on other binary systems e.g. Mg-Zn [19, 

118]. Nevertheless, both experimental study on single crystals [5] and the modeling 

data [80, 119] indicates that the prismatic 〈𝑎〉 slip plays also a significant role in the 

plasticity around the macroscopic yield. This mechanism is enhanced by pile-up of 

basal dislocations at the end of easy glide stage, therefore the cross-slip through 

prismatic plane becomes easier due to the stress concentration from pile-ups [120]. 

Hence, the investigation of the influence of the solutes on other deformation systems 

is also crucial. 

The AE count rates corresponding to the stress-strain curves (see Figure 5.1) 

are depicted in Figure 5.3a). It is obvious that the Mg9Al specimen has the lowest 

AE response, whereas the Pure Mg and Mg2Al behave similarly. 
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Figure 5.3 The AE count rates measured during compression tests as a function of a) 

strain; b) stress for all solute concentrations [s1]  

It is noteworthy that the decrease of AE count rate after its maximum is more 

rapid with increasing solute content, what is most probably due to faster 

accommodation of dislocations. If the count rate is plotted against the true stress 

(Figure 5.3b)), it can be seen that the peak values of the count rate are shifted 

towards higher stresses with increasing Al content which is a clear sign that the 

CRSS for twin nucleation depends on the alloy content. In summary the results of 

mechanical tests and the AE measurements indicate that the solute atoms harden the 

basal plane and influence the twin nucleation stress. 

5.1.2. Neutron diffraction 

Figure 5.4 shows the TVF as a function of the composition, applied strain. It is 

obvious that the strain dependence of the TVF for Pure Mg and Mg2Al is the same 

within the experimental error, what correlates well with the AE response for those 

materials. The TVF for Mg9Al is smaller, which indicates that there is another strain 

accommodation mechanism besides the twinning. Similar dependence of TVF on Al 

content was observed by Nagarajan et al. [121] using analysis of metallographic 

pictures. 
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Figure 5.4 Evolution of TVF for all examined Al concentrations as a function of 

strain [s1] 

In Figure 5.5 the stress evolution of the {101̅2} and (0002) − {101̅0} lattice 

strains, related to basal slip and extension twinning, are shown with respect to the 

axial, resp. radial detector. The inflection points of the lattice strains provide value of 

the activation stress for basal 〈𝑎〉 slip and extension twinning. 

 

Figure 5.5 Stress evolution of the a) {101̅2} lattice strain measured in axial detector 

and b) (0002) − {101̅0} lattice strains measured in radial detector. The ideal 

elastic response is indicated with a dash line. [s1]  

Figure 5.6 shows the dependence of activation stresses for basal slip and 

extension twinning on 𝑐2 3⁄ . Linear dependence can be observed, giving a higher 

slope for extension twinning than that for basal slip.   
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Figure 5.6 Activation stress 𝜎𝑖
{101̅2}

 of basal slip and 𝜎𝑖
{101̅0}

 of extension twinning as 

a function of 𝑐2 3⁄  

The EBSD maps of the microstructure for Mg2Al and Mg9Al after 1% of the 

deformation is shown in Figure 5.7. EBSD mapping for Pure Mg was presented at 

Figure 4.23. The {101̅2} extension twin boundaries are highlighted by the yellow 

color and {112̅1} extension twin boundaries by the blue color. 

   

Figure 5.7 EBSD maps of the microstructure for a) Mg2Al and b) Mg9Al after 1% of 

deformation 

There are 2 important things to notice.  

 The dominant twinning mechanism is {101̅2} extension twinning. However, the 

{112̅1} twinning system is also active in Mg9Al alloy. Similar observation in 

Mg-Y alloys was done by Stanford [57]. The reason is the strong dependence of 

a) b) 
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CRSS of {101̅2} extension twinning on solute content (Figure 5.6), while the 

solute strengthening effect on the {112̅1} twinning is much lower.  

 With increasing addition of Al the twins become narrower. This is caused by the 

increase of the stress necessary for twin growth [60]. 

5.1.3.  CMWP analysis 

The dislocation density as a function of applied strain is shown in Figure 5.8. It 

can be seen that the dislocation density increases with increasing Al content. This 

result indicates that at higher solute concentration the accommodation of strain by 

dislocations becomes more significant.  

 

Figure 5.8 Evolution of dislocation density with applied strain for investigated 

alloys. [s1]  

The strain dependence of the basal 〈𝑎〉 to non-basal 〈𝑎〉 dislocations ratio is 

clearly influenced by the solutes (Figure 5.9a)). The relative change of 

BE/(PrE+PyE) ratio is plotted against the initial dislocation configuration in Figure 

5.9b), it is possible to see that in the Mg9Al the fraction of the non-basal 〈𝑎〉 

increases at the expense of basal 〈𝑎〉 dislocations. Further the stress necessary for 

increasing the non-basal 〈𝑎〉 fraction is less for alloys Mg2Al and Mg9Al than that 

for Pure Mg (Figure 5.9c)). 
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Figure 5.9 a) Strain dependence of the - Basal edge (BE) - Prismatic + Pyramidal 

Edge (PrE+PyE) dislocations ratio; b) Evolution of the relative change of 

BE/(PrE+PyE) ratio with the strain; c) Evolution of the relative change of 

BE/(PrE+PyE) ratio with the stress [s1]  

The results of the ASK analysis of the AE signal supports of the ND-based 

conclusions (Figure 5.10). The non-basal slip activity had been detected at early 

stage of deformation for Mg2Al and Mg9Al alloys, which is in good agreement with 

the higher dislocation density measured by ND. 

 

Figure 5.10 Appearance non-basal slip cluster during deformation obtained by the 

ASK analsis 

The necessity of activation of prismatic 〈𝑎〉 slip for the macroscopic plasticity 

is a well know phenomenon, described in numerous theoretical [23, 80] and 

experimental work [6, 19, 116]. The solute atoms have been found to soften the 

prismatic slip system through ease the both cross slip of dislocations and ability of 
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dislocations to form a jog-pair [5, 23]. Our results indicate that the solute softening 

of prismatic slip system increases with increasing Al concentration, which is 

concordant with the findings Akhtar and Tegthsoonian [5] in dilute Mg-Al single 

crystals. 

The strain evolution of the ratio of 〈𝑎〉 〈𝑐 + 𝑎〉⁄  dislocation is plotted in Figure 

5.11. There is a jump at 1% strain for Mg2Al and Mg9Al alloy, caused by massive 

activation of non-basal 〈𝑎〉 slip in the vicinity of the macroscopic yield point. For 

Mg9Al alloys the fraction of 〈𝑐 + 𝑎〉 dislocations significantly increases at higher 

strain level, whereas for Mg2Al and Pure Mg the increment is very small. Such a 

large difference can be caused by restricted twin growth in Mg9Al, shown in Figure 

5.4. Since the strain cannot be accommodated by twinning, an alternative mechanism 

is required for continuing the plastic deformation, which is realized in the form of 

〈𝑐 + 𝑎〉 slip. 

 

Figure 5.11 Evolution of the ratio of 〈𝑎〉 and 〈𝑐 + 𝑎〉 dislocations as a function of the 

applied strain and Al concentration. [s1]  

5.2. Loading - unloading tests 

5.2.1. Deformation tests 

The detwinning phenomenon was studied by means of repeated loading-

unloading cycle: the specimens were deformed in compression to at predefined 

applied strain values (0.05%, 0.1%, 0.5%, 1%, 2%, 3% and 6%). After reaching a 

particular strain value unloading to 0 MPa took place followed by reloading up to the 

next strain value. (Figure 5.12a)). 
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Figure 5.12 Deformation curves during loading and unloading of Mg-Al alloys. The 

onsets of the microplasticity and macroplasticity are indicated by horizontal and 

vertical arrows, respectively. [s6]   

The different response of the particular samples on this loading scheme is 

obvious. Pure Mg exhibits the microplasticity already at low stress (~2 MPa – 

indicated by horizontal arrow in Figure 5.12b), the macroscopic yield point is at 25 

MPa (vertical arrow). The unloading-reloading curve exhibits a hysteresis already in 

the microplastic stage. In the case of Mg2Al microplasticity occurs at 25 MPa and 

macroplasticity at 50 MPa, respecitvely. In contrast to Pure Mg, the hysteresis loop is 

present only above the macroscopic yield (Figure 5.12c)). In Mg9Al the 

microplasticity is completely absent, the macroplasticity starts at 50 MPa (Figure 

5.12d)). 

It was shown in Chapter 4.1 that basal slip and twinning are active before the 

macroscopic yield point in Pure Mg. Thus, the microplasticity can be ascribed to the 

concurrent activity of these two mechanisms. The strain hysteresis observed during 

the loading-unloading process is caused by mainly by twinning-detwinning 

phenomenon, as it was shown by numerous authors [47, 48]. 

The absence of the hysteresis loop during microplasticity of Mg2Al indicates a 

dominancy of dislocation slip over the twinning at this stage of deformation. This is 

consistent with the results in Chapter 5.1, where the increased activity of basal and 
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prismatic slip was observed by AE and ND. The twinning seems to fully develop 

only after reaching the macroscopic yield point (~50 MPa). 

The anelasticity (Δ휀) is defined as the change of the plastic strain during the 

unloading (Figure 5.12d)). The strain dependence of the anelastic strain is plotted in 

Figure 5.13. Below 0.5% of the strain the anelasticity for Pure Mg is the larger that 

for Mg2Al, whereas above this limit Mg9Al exhibits the highest values within 

investigated materials. These results are in agreement with the findings in [121]. The 

solute concentration dependence of the anelasticity at low strain can be explained by 

activation of twinning at lower stresses in Pure Mg than in Mg-Al binary alloys. 

Once the twinning is well developed (above 0.5% of strain), the anelasticity in 

Mg9Al exceeds that for Pure Mg and Mg2Al. 

 

Figure 5.13 Dependence of the anelasticity on the applied strain [s7]  

5.2.2. Neutron diffraction 

The change of the TVF during unloading was evaluated from the ND data. 

Figure 5.14
**

 shows the evolution of TVF during the loading and unloading. It is 

obvious that TVFs decrease during the unloading for all samples. 

                                                 

**
  The data are shifted by 0.5% of plastic strain for better clarity 
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Figure 5.14 TVF during the loading and unloading of the sample 

However, if we plot the exact values of the changes of TVFs during the 

unloading, one can see that the largest values were measured for Mg9Al alloy. This 

means that the detwinning is more pronounced in this alloy than that for other two. A 

further interesting finding is that the change of TVFs during unloading is directly 

proportional to Δ휀 (Figure 5.15). This validate the assumption of Caceres [48] about 

the direct relation between twinning-detwinning and hysteresis loop. 

 

Figure 5.15 Dependence of the change of twinned volume on a) applied strain, 

b) anelasticity [s6]  

5.2.3. Results of Acoustic emission measurement 

In order to decide, if nucleation of new twins takes place during reloading, we 

performed AE measurements. First, we present results measured in hit-based mode, 

this is using threshold level for parametrization of AE data. The AE events can be 

divided into three different groups (Figure 5.16). 

 AE during ND spectrum measurement, when relaxation of samples takes place 

(black squares) 

 AE during the unloading and reloading until the deformation reaches the 

previous maximal stress (green triangles) 

a) b) 
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 AE events after reaching the previous maximal stress level (red circles) 

 
Figure 5.16 AE events during the loading and unloading a) Pure Mg, b) Mg2Al, 

c) Mg9Al [s6]  

It is obvious that the AE response is similar for Pure Mg and Mg2Al and 

significantly different for Mg9Al. For Pure Mg and Mg2Al the AE is negligible 

during unloading. During reloading the samples almost follows the Kaiser-effect, this 

is AE is observed only after reaching maximum stress form the previous cycle. In 

contrast, in Mg9Al AE was detected already during the unloading. 

Owing to the heat treatment, applied on the samples before the experiments, 

there are no twins present in the initial microstructure. Therefore, the first (initial) 

loading process is accompanied by twin nucleation. In contrast, in the reloading 

phase of the hysteresis loop, both the growth of twins nucleated in the previous 

cycle, as well as the nucleation of new twins can be present. 

The Kaiser effect observed for Pure Mg and Mg2Al suggest that twin 

nucleation in negligible during the reloading and the twin growth is more significant 

mechanism. From the deviation from the elastic deformation it is possible to derive 

stress necessary for twin growth. This is less than 2MPa for Pure Mg (similar value 

as for twin nucleation) and about 20MPa for Mg2Al (significantly lower than for 

nucleation ~50 MPa). 
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Different situation is for Mg9Al. The AE detected during reloading suggests 

that the twin nucleation is important mechanism in this stage. 

5.2.3.1. ASK analysis 

In order to elucidate, which mechanisms are dominant during the unloading-

reloading loop, we applied ASK analysis on the AE data stream (Figure 5.17). For 

the Pure Mg the dominancy of the twinning, slip and noise in the AE spectrum 

depends on the stage of the deformation. The noise is dominant at low stresses, 

virtually in the vicinity of the strain path change. The dislocation slip plays important 

role during initial state of unloading and during entire reloading. Finally, twinning 

dominates in the “ordinary loading” part. In the case of Mg9Al, the twinning 

dominates during the entire test. A detailed explanation of the origin of twin 

dominated AE is given in the next chapter. 

 

Figure 5.17 ASK analysis of AE signal for Pure Mg and Mg9Al 

5.2.4. Microstructure 

The high-speed camera and in-situ SEM imaging were performed to capture the 

changes of the microstructure during the deformation. The microstructures of Mg2Al 

sample loaded up to 75 MPa and after unloading show similar microstructure (Figure 

5.18). With detailed analysis it is possible to observe slight shrinking of the twins. 
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Figure 5.18 Microstructure of Mg2Al a) loaded up to 75MPa, b) after unloading 

captured by the high-speed camera 

Different situation can be observed for Mg9Al. The microstructure of sample 

loaded to up 125 MPa shows twins in grains, Figure 5.19a) and some of them 

disappear after unloading, Figure 5.19b). 

 

Figure 5.19 Microstructure of Mg9Al a) loaded to 125 MPa b) after unloading 

captured by the high-speed camera 

Since the depth of field for the camera is very shallow, the same observation 

for Mg9Al was done by SEM for better resolution (Figure 5.20) 

 a)   b) 

a) b) 
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Figure 5.20 Microstructure of Mg9Al a) loaded up to 130 MPa b) after unloading 

captured by SEM 

The differences in the twinning activity for Mg2Al and Mg9Al can be 

explained using Figure 5.21. At the beginning of deformation twin nucleation – 

detectable by AE – is followed by twin growth – not detectable by AE. During 

unloading dominant mechanism is twin shrinking – not detectable by AE. The thick 

twins get slightly thinner and when the thin twins shrink under the critical width they 

collapse. Collapse of twins is supposed to produce detectable AE signal. 

 

Figure 5.21 Different stages of twinning. Arrows indicate the direction of twin 

propagation. Green color represents processes with detectable AE; red color 

processes, where AE is not detected 

Both the samples pass through the twin nucleation stage. There is already the 

difference in the twin growth. Twin growth is limited for Mg9Al; therefore, there are 

more thin twins are observed for Mg9Al than for Mg2Al. During unloading collapse 

of thin twins in Mg9Al which produce detectable AE signal, while in Mg2Al 

shrinking does not produce AE signal. 

Key points of Chapter 5 

The influence of solute content on the deformation mechanisms was 

investigated in Mg-Al binary alloys using advanced in-situ methods. The following 

conclusion can be drawn: 

1. The stress necessary for both twin nucleation and growth increases with 

increasing of the Al content. 

nucleation 

AE 

growth 

NO AE 

shrinking 

NO AE 

collapse of twin 

AE 

a) b) 
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2. The macroscopic yielding is accompanied by onset of prismatic 〈𝑎〉 slip, 

which importance is increasing with increasing Al content. 

3. As a consequence of limited twin growth, the twin volume is smaller for 

Mg9Al than for Mg2Al and Pure Mg. The pyramidal 〈𝑐 + 𝑎〉 slip plays an 

important role in the plasticity of Mg9Al alloy. 

4. The anelasticity effect of magnesium alloys is closely connected to the 

detwinning effect. The change in the twinned volume is directly proportional 

to the anelasticity for all alloys. 

5. The anelasticity is more pronounced for the Mg9Al alloy than for the Pure 

Mg and Mg2Al alloy. 

6. The AE measurements revealed that the thin twins in Mg9Al alloys can 

completely detwin. In contrast, the well-developed, thick twins in Pure Mg 

and Mg2Al alloys can partially shrink, but not disappear during the 

unloading. 
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Conclusions 

In this thesis, a comprehensive study of deformation behavior of cast randomly 

textured magnesium alloys was performed. The outputs of the theoretical modeling 

were compared with a wide spectrum of ex-situ and in-situ experimental results.  The 

following conclusions may be drawn: 

1. Processing of experimental data and comparison with the modeling results 

The ASK analysis of AE signal has proven to be an excellent tool to distinguish 

among different sources of the AE signal. Information about the dynamics of active 

deformation processes can be obtained at very high time resolutions. It was shown 

that the method is capable of discriminating not only between dislocation slip and 

twinning AE events, but also between basal and non-basal slip events, and various 

twinning mechanisms.  

Lattice strain evolution calculated from the change in the ND peak position 

provides information about the stress necessary to account for plastic deformation in 

a given grain family. Moreover, in combination with the CMWP evaluation 

procedure, information about the fraction of dislocations in various slip systems can 

be obtained. 

Good agreement between the experimental data and the EPSC model was 

achieved. The fitted data sets used for the analysis were: stress-strain curve, lattice 

strain, and changes in the integrated intensities. Additional information obtained 

from the EPSC model is the activity of individual deformation mechanisms. These 

results were in a good agreement with the data form the ASK analysis and 

dislocation densities from the CMWP analysis. 

2. Deformation mechanisms during tensile and compression tests in Pure Mg 

Both EPSC calculations and AE experiments indicate a dominant role of the 

basal slip and extension twinning at the onset of straining. On the other hand, the 

macroscopic yield is accompanied by a considerable increase in the activity of non-

basal 〈𝑎〉 slip. Difference was found in the activity of 〈𝑐 + 𝑎〉 slip, which is more 

significant in compression. 

3. Asymmetry in the twinning activity during tensile and compression tests 

The AE method revealed that in tension the nucleation of primary extension 

twins proceeds during the entire test (up to 6% of the effective strain). On the 

contrary, in compression massive twin growth was observed above 2% strain. 
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The overall TVF is larger in compression, owing to the larger number of grains 

favorably oriented for nucleation of twins (i.e. with high SF). The detailed analysis 

of the dependence of TVF on SF showed that TVF in a particular grain is given not 

only by the SF of the best variant, but the number of high SF variants is an important 

parameter as well. 

4. Influence of Al alloying on the mechanical properties 

The stress necessary for both twin nucleation and twin growth increases with 

increasing Al content. As a consequence of limited twin growth, TVF is smaller in 

the Mg9Al alloy and the pyramidal 〈𝑐 + 𝑎〉 slip plays a key role in its plasticity. The 

activity of {112̅1} extension twinning was observed as a result of increasing CRSS 

for twin nucleation in Mg9Al alloy. 

The macroscopic yielding is accompanied by the onset of prismatic 〈𝑎〉 slip, and 

its magnitude increases with increasing Al content. 

5. Study of detwinning during unloading 

The anelasticity effect of magnesium alloys is highly connected to the 

detwinning effect. The change in the twinned volume is directly proportional to the 

anelasticity in all alloys. The detwinning is more pronounced in the Mg9Al alloy 

than in the Pure Mg and Mg2Al alloy. The AE measurements revealed that the thin 

twins in Mg9Al alloys can completely detwin. In contrast, the well-developed thick 

twins in Pure Mg and Mg2Al alloys can partially shrink, but they do not disappear 

during the unloading. 
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Future prospects 

The obtained results show the great potential of the methods used to study 

magnesium alloys. Naturally, there are many challenges, which we have to face to. 

First of all, there is an effort to increase the AE signal-to-noise ratio in order to study 

the deformation mechanisms with higher sensitivity. Still, there are many fine effects 

hidden in the background noise, which can be revealed with proper data evaluation. 

In the case of the neutron diffraction, the data acquisition time should be decreased in 

order to eliminate the relaxation effects. Besides using new type of detectors, the 

new, advanced neutron sources (e.g. ESS, Lund, Sweden) give an outlook for testing 

in virtually continuous mode. Finally, more detailed information about the influence 

of the various experimental and materials parameters on the deformation behavior of 

magnesium alloys should be collected. Only a throughout database about the 

mechanical performance under various conditions can lead to knowledge-based 

design of lightweight materials. 
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Table 4.3 Selected grain families and their maximal SF for tension and 

compression, respectively. 

Table 4.4 SF for all six twin variants in tension 

Table 4.5 SF for all six twin variants in compression 

Table 4.6  Initial fitting parameters of EPSC model for Mg2Al, based on eq. (2.36)  
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List of Abbreviations 

𝑎, 𝑐 – lattice parameters 

〈𝑎〉 – direction 〈112̅0〉 

AE – Acoustic Emission  

ASK – Adaptive Sequential K-Means 

�⃗�  – Burgers vector 

BE – Basal Edge  

𝑐 – solute concentration 

𝐶ℎ𝑘𝑙 – dislocation contrast factor  

〈𝑐 + 𝑎〉 – direction 〈112̅3〉 

CMWP – Convolutional Multiple Whole Profile fitting method 

CRSS – Critical Resolved Shear Stress 

𝑑ℎ𝑘𝑖𝑙 – spacing between adjacent (hkil) lattice planes 

EBSD – Electron Backscatter Diffraction 

EPCS - Elasto-Plactic Self-Consistent  

𝑓𝑎 , 𝑓𝑎+𝑐, 𝑓𝑐 – fractions of dislocations  

𝐹  – applied load 

FWHM – Full Width In Half Maximum 

𝑔 – twinning shear 

HCP – Hexagonal Close-Packed 

HDT – Hit Definition Time 

HEM – Homogenous Equivalent Medium 

hkil – Miller indices 

HLT – Hit Lockout Time  

IPF – Inverse Pole Figure 

𝐾1, 𝐾2 – plane of twinning or slip 

𝐿𝑔 – elasto-plastic stiffness of the grain 

𝑚 – Schmid factor value 

Mg2Al – Mg + 2wt.% Al 

Mg9Al – Mg + 9wt.% Al 

�⃗⃗�  – normal of the slip plane 

ND – Neutron Diffraction  

𝑃 – slip plane 



102 

PrE – Prismatic Edge 

PSD – Power Spectral Density 

Pure Mg – Mg + 1wt.% Zr 

PyE – Pyramidal Edge 

𝑞  – diffraction vector 

�⃗�  – slip direction 

RE – Rare Earth 

RSA - Relative AE Source Activity  

SEM – Scanning Electron Microscopes 

SF – Schmid factor 

TEM – Transmission Electron Microscopy 

ToF – Time of Flight 

TVF – Twin Volume Fraction 

Δ𝑢 – surface displacement 

𝛾 – 𝑐 𝑎⁄  ratio 

Δ휀 – anelasticity 

𝜂1, 𝜂2 – direction of twinning or slip 

𝜏𝐶𝑅𝑆𝑆 – critical resolved shear stress 

𝜎 – applied stress 

𝜌 – dislocation density 

𝜑 – Euler angle for intrinsic rotation 

𝜃 – Euler angle for nutation 

Δ𝜃 – deviation of c-axis from ideal orientation 

𝜏0, 𝜏1, 𝜃0, 𝜃1 – Voce hardening parameters 
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