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Abstract: This study deals with phase transformations in metastable β titanium

alloys, focusing on the investigation of evolution of nanoparticles of thermody-

namically metastable ω phase. For the purpose of this research, single crystals

of two metastable β titanium alloys – LCB (Ti-6.8Mo-4.5Fe-1.5Al) and Ti-15Mo

(in wt. %) – were grown in an optical floating zone furnace. It was established

by differential scanning calorimetry that the phase transformations occurring in

the material did not change significantly as a result of the single crystal growth

process. Using single crystal X-ray diffraction, the shape and the size of ω particles

were determined in a series of aged samples. The lattice parameters of ω particles

and the β matrix, as well as the misfit between the two structures were calculated.

The β phase was found to be locally deformed in compression around ω particles.

Small-angle X-ray scattering (SAXS) experiments revealed a spatial ordering of

ω particles in the β matrix in a disordered cubic array with the basis vectors

along 〈100〉β directions. The SAXS data also allowed the evaluation of the mean

ω particle sizes and distances and confirmed that the ω particle growth obeys

the t1/3 law following from the Lifshitz-Slyozov-Wagner theory. In situ SAXS

performed during isothermal ageing at selected temperatures yielded the diffusion

coefficients and the activation energy of the ω particle growth.
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Abstrakt: Tato práce se zabývá fázovými transformacemi v metastabilńıch

β slitinách titanu s d̊urazem na studium vývoje nanočástic termodynamicky

metastabilńı ω fáze. Pro účely experiment̊u popsaných v této práci byly připraveny

monokrystaly dvou metastabilńıch β slitin titanu pomoćı metody zonálńı tavby –

LCB (Ti-6.8Mo-4.5Fe-1.5Al) a Ti-15Mo (ve váhových %). Diferenčńı skenovaćı

kalorimetrie prokázala, že drobné změny v chemickém složeńı monokrystalického

materiálu maj́ı pouze malý vliv na prob́ıhaj́ıćı fázové transformace. Rentgenová

difrakce umožnila určit tvar a velikost ω částic v sérii r̊uzně vyž́ıhaných monokrys-

talických vzork̊u. Dále byly stanoveny mř́ıžové parametry ω fáze a β matrice a tzv.

misfit mezi oběma strukturami. Bylo zjǐstěno, že β matrice je v okoĺı ω částic de-

formovaná v tlaku. Maloúhlový rozptyl rentgenového zářeńı ukázal na prostorové

uspořádáńı ω částic do kubické mř́ıže s bázovými vektory rovnoběžnými se směry

〈100〉β. Maloúhlový rozptyl rovněž umožnil určit středńı velikosti a vzdálenosti

ω částic. Oba tyto parametry záviśı na době ž́ıháńı jako t1/3, což je ve shodě

s teoríı podle Lifshitze, Slyozova a Wagnera. Maloúhlový rozptyl rentgenového

zářeńı měřený in situ během izotermického ž́ıháńı na vybraných teplotách umožnil

určit difuzńı koeficienty a aktivačńı energii r̊ustu částic fáze ω.

Kĺıčová slova: metastabilńı β slitiny titanu, ω fáze, fázové transformace, kinetika

r̊ustu
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Introduction

This thesis was motivated by my masters studies, during which I focused on general

aspects of phase transformations occurring in one of the metastable β titanium

alloys, Ti-6.8Mo-4.5Fe-1.5Al (LCB). The initial objective was to deepen the

investigation of both α and ω phase formation and growth, while extending

the study to more representatives of the β titanium alloys. At that time, our

research group at the Department of Physics of Materials had already performed

the first small-angle X-ray scattering (SAXS) experiment. This experiment was

conducted on polycrystalline samples of LCB alloy aged at a set of temperatures

which promoted the growth of either ω or α particles. Due to a relatively large

grain size of the alloy and a small primary beam cross-section, the obtained

SAXS patterns originated from a single grain in most cases. It soon became

clear that the measured SAXS patterns (circular side maxima in the case of

ω particles and sharp radial streaks related to α laths) strongly depended on the

orientation of the grain. Whereas this fact was expected for the α streaks, the

orientation-dependent side maxima arising from the presence of ω particles were

quite intriguing. In the light of these findings, our research group soon realized

that employing single-crystalline samples in the SAXS experiments is necessary in

order to properly analyse the scattering patterns. As the research progressed, the

complexity and the scientifically interesting nature of the ω phase formation drawn

an increasing amount of attention. Thus, instead of covering the whole topic of

phase transformations in metastable β titanium alloys, this work developed into

a study focusing mainly on the ω phase formation and growth.

The present thesis is divided into five chapters. The first one provides an

overview of the theoretical background of phase transformations in titanium alloys

and reviews pertinent literature sources. The second chapter presents the aims

of this work. The third section introduces the studied material and describes

experimental techniques employed throughout the research. In the fourth chapter,

the results and their discussion are presented. This section is subdivided into three

parts – one presenting the details of single crystal growth and the characterization

of the obtained material, and the other two describing the results of XRD and

SAXS analysis, respectively. The final chapter concludes the work and summarizes

the most important findings of the research.
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1. Theoretical background &

Literature review

1.1 Titanium – basics and applications

The history of titanium begins in 1791, when the British mineralogist and chemist

William Gregor discovered a new unknown element by isolating its oxide from

magnetic sand ilmenite (FeTiO3). A few years later, in 1795, the German chemist

Martin Heinrich Klaproth independently isolated titanium oxide from the ore

rutile (TiO2). Klaproth named the new element titanium for Titans – the powerful

children of Uranos and Gaia in Greek mythology. Since then, many attempts

to isolate the pure metal were made, but they were unsuccessful for almost

100 years due to a high reactivity of titanium with oxygen and nitrogen. The

first successful production of a small quantity of brittle titanium metal was

achieved in 1910 by Matthew Albert Hunter by heat treating titanium tetrachloride

(TiCl4) with sodium (Na). However, the technologically and commercially feasible

process – which is still used today for production of titanium – was invented only

in 1940 by Wilhelm Justin Kroll [1, 2]. In the Kroll process, rutile (or ilmenite) is

chlorinated in the presence of carbon, producing titanium tetrachloride (TiCl4).

TiCl4 is subsequently purified by fractional distillation and reduced by molten

magnesium or sodium in an inert gas atmosphere. The chemical reactions can be

written as follows [3]:

TiO2 + 2Cl2 + 2C→ TiCl4 + 2CO2,

TiCl4 + 2Mg→ Ti + 2MgCl2.

The magnesium chloride which is a by-product of this reaction is subsequently

electrolytically reduced to Mg and Cl, which are recycled back to the process [4].

Titanium obtained in this procedure has the form of a highly porous sponge. The

sponge is then purified by vacuum distillation and vacuum arc melted to produce

a compact ingot [5]. Multiple melting is often carried out to improve homogeneity

of the ingots [3]. Due to this lengthy and energetically demanding batch process

(cf. for example the continuous production of iron [5]), the cost of titanium metal

is rather high in comparison with other light structural metals, hindering its wider

commercial use.

Titanium is the ninth most abundant element on Earth and the fourth most

plentiful structural metal after aluminium, iron, and magnesium [1]. However,

it is never found in a pure state as discussed above and seldom found in high

concentrations [2]. Titanium is a group 4 chemical element and has the atomic

number of 22 and the electron configuration of [Ar] 3d2 4s2; it is a lustrous

transition metal with silvery colour [6]. Titanium can form substitutional solid

solutions with most elements with atomic size factor within ±20 %, which opens

up many alloying possibilities [7].
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Titanium is a low density material (with only about 60 % density of steel

or Ni-based superalloys) but possesses a high strength, which is comparable to

some types of steels. When alloyed with other elements, the strength-to-density

ratio can be further increased [8]. Other important property of titanium is its

exceptionally good corrosion resistance in most environments (including sea water

and human body) due to formation of a thin surface film composed mainly of

TiO2 which passivates the metal [1]. Titanium also has good fatigue and crack

resistance.

Due to these outstanding mechanical properties, titanium and its alloys are

widely used in many industrial and technological applications. The largest con-

sumer of titanium alloys is the aerospace industry [9], as approximately two

thirds of titanium metal is used to build aircraft engines and frames [10]. Other

important applications of titanium are in armour plating, spacecraft, shipbuilding,

automotive industry, chemical equipment, sport goods, and medicine [9–11].

1.2 Phases in titanium and its alloys

1.2.1 Equilibrium phases

Pure titanium is an allotropic material which occurs in two crystallographic

modifications – a low temperature hexagonal close-packed (hcp) α phase and

a high temperature body-centred cubic (bcc) β phase. The hcp α phase belongs

to the P63/mmc space group. Its unit cell along with its lattice parameters and

three of the most densely packed planes are shown in Fig. 1.1(a). The c/a ratio is

1.586, which is smaller than the ideal ratio for hcp cell (1.633). The α phase is

stable up to 882 ◦C, the so-called β-transus temperature. Above this temperature,

the crystal structure transforms to the bcc β phase, which is thermodynamically

stable up to the melting point of 1668 ◦C [8]. The bcc unit cell of the β phase

is shown in Fig. 1.1(b), its lattice parameter as well as the most densely packed

plane are also indicated. The space group of the β structure is Im3̄m.

At a given pressure, the temperature of the β-transus and the stability ranges

of individual phases depend on the type and the amount of alloying elements.

According to the influence of the alloying additions on the β-transus, three groups

of alloying elements can be distinguished: α stabilizing, β stabilizing, and neutral.

A schematic interpretation of the changes in the phase diagram of titanium alloys

introduced by additions of alloying elements is shown in Fig. 1.2. The α stabilizers

raise the temperature of the β-transus, extending the stability range of the hcp

α phase to higher temperatures. The most commonly used element in this group

is a substitutional element Al, which has a sufficient solubility in both the α and

β phases. Other important α stabilizing elements include interstitial elements

of O, N, and C. Especially oxygen is frequently used to increase the strength

in commercially pure titanium. On the other hand, the β stabilizing elements

lower the β-transus temperature, effectively shifting the high temperature phase

stability to lower temperatures. The β stabilizing elements are further divided

5



(a) Hexagonal close-packed cell of α

phase.

(b) Body centred cubic cell of β phase.

Figure 1.1: Unit cells of titanium; lattice parameters and the most densely packed

planes are indicated [1].

Figure 1.2: Effect of different types of alloying elements on phase diagrams of

titanium alloys [2].

into β isomorphous elements and β eutectoid forming elements depending on the

character of the resulting phase diagram [1]. The β isomorphous elements which

include for example Mo, V, Ta, and Nb have a high solubility in titanium and are

therefore used in a wide range of titanium alloys. On the other hand, even low

volume fractions of β eutectoid elements (e.g. Fe, Mn, Cr, and Ni) can lead to the

formation of intermetallic compounds [2]. The last group of alloying additions,

the neutral elements (e.g. Zr, Hf, and Sn), have only a slight influence on the α/β

transition temperature, and their stabilizing effect depends on the presence of

other alloying elements. The neutral alloying additions are used in some titanium

alloys to strengthen the α phase [1].

In order to estimate the overall β stability of a multicomponent titanium

alloy, the influence of individual alloying elements was expressed in terms of

6



a molybdenum equivalent [1, 12]:

[Mo]eq. = 1.0 [Mo] + 0.67 [V] + 0.44 [W] + 0.28 [Nb] + 0.22 [Ta] + 2.9 [Fe]

+1.6 [Cr] + 1.25 [Ni] + 1.7 [Mn] + 1.7 [Co]− 1.0 [Al] (in wt.%).

The constant before each alloying element reflects the ratio of the Mo content

and the content of the particular element needed to suppress the martensitic

transformation to the α′/α′′ phase upon quenching. In general, a molybdenum

equivalency of about 10 % is needed to stabilize the β phase upon quenching. The

negative coefficient for aluminium reflects the tendency of aluminium to stabilize

the α phase.

Similarly, the aluminium equivalency is used to express the effect of different

α stabilizing elements [13]:

[Al]eq. = 1.0 [Al] + 0.17 [Zr] + 0.33 [Sn] + 10.0 [O] (in wt.%).

1.2.2 Metastable phases

Metastable phases form during very fast processes (e.g. quenching or deformation)

in which the thermodynamic equilibrium cannot be reached. As opposed to stable

phases, which have the lowest possible Gibbs free energy (G), the metastable

phases lie at a local – but not the global – minimum of G [14]. A metastable phase

exists in a transition to an equilibrium or a more stable state. Several metastable

phases form in titanium alloys, namely martensite, metastable β, ω, and β′ [15].

The martensite forms by a shear-type diffusionless transformation, which

does not involve any chemical composition change [15]. There are two types of

martensite in titanium – α′ and α′′. α′ has a hcp structure (P63mmc) and can

be found in pure titanium and α alloys. Depending on the solute content, α′ can

be observed in two morphologies: massive martensite and acicular martensite.

The massive martensite forms only in pure titanium and very dilute alloys and is

observed as large irregularly shaped regions consisting of individual α laths. The

acicular martensite occurs in alloys with a higher solute content and is composed of

individual α plates. With increasing solute content, the martensitic structure loses

its hexagonal symmetry and can be described as orthorhombic. This martensite

is denoted as α′′ [1]. The orthorhombic α′′ was shown to be twinned, while the

hcp α′ is generally a dislocated martensite [16,17]. The temperature of martensite

formation decreases rapidly with the content of alloying elements, see Fig. 1.3, in

which the martensite start temperature (MS) is indicated by a dashed line.

In titanium alloys in which the MS is suppressed due to the solute content

below room temperature, a metastable ω phase can be formed. Since the dis-

covery of the ω phase by Frost et al. [18], there have been numerous studies of

its formation mechanism and its influence on mechanical and superconducting

properties [7, 19–22]. The structure of the ω phase is either hexagonal belonging

to the P6/mmm space group in leaner alloys [23] or trigonal having the P 3̄m1

space group in more heavily stabilized β alloys [24]. The ω phase occurs as finely

7



Figure 1.3: Pseudo-binary section through a β isomorphous phase diagram showing

important equilibrium and metastable phases as well as classification of Ti alloys

[1].

dispersed and relatively small (a few nanometres to a few tens of nanometres)

particles which are coherent with the parent β matrix [25]. ω particles have either

an ellipsoidal or a cuboidal morphology. The primary factor controlling the shape

of ω particles is the β/ω misfit, which is in turn controlled by the solute misfit

in the β phase [26]. In low misfit systems, the particle shape is determined by

minimization of surface energy, resulting in ellipsoidal ω particles. On the other

hand, ω particles in high misfit systems assume a shape which minimizes the

strain energy, i.e. cuboidal [27]. The ω phase is found not only in titanium alloys

but also in numerous alloys of zirconium and hafnium with other d-rich transition

elements [28]. The presence of ω phase particles in an alloy has a significant

impact on its mechanical properties. ω particles increase the hardness but also

negatively influence the ductility of the material. Moreover, ω phase particles

affect subsequent phase transformations, namely, they act as nucleation sites for

the thermodynamically stable α phase.

Generally, there are three possible conditions under which ω phase particles

form [22,29]:

1. In a certain solute element composition range in which the β phase is retained

upon quenching (i.e. the MS is suppressed below room temperature), the

ω phase forms during rapid cooling of the alloy. This type of ω phase

is often referred to as athermal ω (ωath). It was shown experimentally

that the athermal formation of ω cannot be suppressed even by extremely

high quench rates [24]. The β → ωath transformation is displacive and

diffusionless; therefore, it is completely reversible [30]. The reversibility

of the ωath transformation was recently confirmed by electrical resistance
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measurements [31] and by resonant ultrasound spectroscopy [32].

2. During ageing (approx. 100 ◦C – 500 ◦C, depending on the alloy composition),

ω phase grows by a diffusion-assisted, displacement controlled mechanism [26].

This type of ω phase is denoted as isothermal ω (ωiso). This transformation

is accompanied by diffusion of solute elements from the ω particle into the

β matrix and, as such, is irreversible. The ωiso is in fact a continuation of

the ωath transformation, rather than isothermal and athermal ω being two

different phases [33]. Nevertheless, the two modifications of the ω phase

can be distinguished by the fact that the ωiso is larger in size, and there

is a composition gradient across the β/ωiso boundary [34]. As the phase

mixture β + ωiso is metastable, prolonged ageing leads to precipitation of

α phase and the establishment of an equilibrium β + α phase composition.

3. ω phase can be also induced by plastic deformation. Such stress-induced

ω phase exhibits a plate-like morphology [35]. In the recent years, the

deformation induced ω phase was investigated, aiming to develop a titanium

alloy with a changeable Young’s modulus for biomedical applications [36,37].

Even though the above mentioned conditions during which the ω phase forms

may seem very different and unlikely to produce the same crystallographic phase,

it may be presumed that there is only one process generating the ω phase. In

the opinion of the author of this thesis, this process is very complex and its

constituents are becoming more or less dominant according to the conditions to

which the material is exposed (temperature, temperature gradients, pressure, etc.).

It is probably a matter of time when this fascinating problem will be described by

a single model.

When the retained β phase contains enough solute content to prevent marten-

site as well as ω phase formation, it undergoes a phase separation to β+β′ during

ageing in the range of 200 ◦C – 500 ◦C [15]. β′ has, similarly to the β phase,

a bcc structure, but it is the solute lean phase. The β′ phase has a morphology

varying from spheres and cuboids to plates, depending on the misfit and coherency

strains [1]. Continued ageing results in precipitation of equilibrium α, which

nucleates preferentially at the β′ sites [15].

1.3 Classification of titanium alloys

According to the content of β stabilizing elements, titanium alloys are divided

into three groups: α alloys, α+ β alloys, and β alloys. A schematic representation

of the influence of the content of β stabilizing elements on the phase composition

of titanium alloys is shown in Fig. 1.3.

The first group, α alloys, comprises different grades of commercially pure (CP)

titanium and alloys with small amounts of β stabilizing elements (apart from

α stabilizing or neutral elements), containing only small volume fractions of the

β phase [1]. Mechanical properties of the α alloys cannot be improved by heat

9



treatment, however, alloying with O is often used to increase their strength. The

α alloys usually exhibit a high corrosion resistance [8].

When a larger content of β stabilizers is added, the equilibrium phase compo-

sition lies in the two-phase (α+ β) region. In the pseudo-binary phase diagram

(see Fig. 1.3), the so-called α + β alloys are located in the range between the

α/(α+β) phase boundary and the point where martensite start temperature (MS)

intersects the room temperature. As a consequence of the MS being above the

room temperature, the α+ β alloys transform martensitically upon fast cooling

from the β phase field. The α + β alloys are heat-treatable, permitting a better

control over the microstructure and mechanical properties of the alloy. The α+ β

alloys exhibit a favourable combination of strength, ductility, and fatigue and

fracture properties [1]. Due to this fact, the α+ β alloys are the most widely used

titanium alloys in many commercial and technical applications.

As the content of the β stabilizing elements is further increased, the martensite

start temperature is suppressed below the room temperature. Therefore, the

alloy does not undergo a martensitic transformation during quenching. Such

titanium alloys are called β alloys. The β alloys are further subdivided into

metastable and stable β titanium alloys (see Fig. 1.3). As the stable β alloys are

single-phase, they cannot be precipitation hardened. Consequently, the stable

β alloys have very limited practical use. On the other hand, the metastable

β titanium alloys are located in the α+ β phase field and therefore, the quenched

β phase is thermodynamically metastable. It should be noted that the metastable

β titanium alloys can still contain up to approximately 50 % α volume fraction

in the thermodynamic equilibrium [2]. Due to the metastable nature of the

quenched β phase, the metastable β titanium alloys can exhibit a wide range of

phase transformations, which can be utilized to control the microstructure and

mechanical properties by thermomechanical treatment. The main benefit of the

metastable β titanium alloys is the increased formability of the bcc structure as

opposed to the hcp [8].

1.4 Phase transformations in titanium alloys

Alloyed titanium is a complex system, which can exhibit a variety of different

phases, depending on the solute content, temperature, and thermomechanical

history. As a result, a wide range of phase transformations can occur. In the

following section, we will focus on the description of phase transitions most relevant

for this study, i.e. transformations in metastable β titanium alloys. In particular,

the diffusionless β → ω transformation and the nucleation-and-growth transition

β → α will be discussed.

1.4.1 β → ω

Particles of athermal ω phase form in metastable β titanium alloys during quench-

ing by a displacive shuffle mechanism. The transformation was first described
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by de Fontaine. In his paper [38], de Fontaine pointed out the regions of the

highest instability of the bcc structure and proposed a model according to which

the bcc transforms into the hexagonal structure of the ω phase. Formally, the

β → ω transformation can be accomplished by subjecting the bcc lattice to

a sinusoidal displacement wave with a wave vector k = 2
3
[111]β which propagates

in the [111]β direction. The effect of this displacement wave can be visualized as

follows. The bcc lattice is viewed as a stack of (111)β planes, see Fig. 1.4, the

displacement wave propagates in the perpendicular direction and causes a collapse

of two neighbouring planes (denoted 1/3 and 2/3 in Fig. 1.4) to their intermediate

position, while the planes labelled by integers (0, 1, . . . ) are kept in place.

Figure 1.4: Schematic representation of a collapse of neighbouring (111)β planes

(top) producing ω structure (bottom) [38].

Fully collapsed (111)β planes create a basal (0001) plane of the hexagonal

ω phase. However, it has been observed that the collapse can be only partial [39],

producing a trigonal symmetry of the ω lattice. Furthermore, in a study of

Ti - 9 at. % Mo (Ti - 18 wt. % Mo) [40], it has been reported that the formation of

ω particles in the β matrix is a mixed-mode transformation involving compositional

changes as well as a displacive component.

Due to the mechanism of its formation, the ω lattice exhibits a specific

orientation relationship with the parent β matrix [41]:

(0001)ω ‖ (111)β,

[112̄0] ω ‖ [011]β.
(1.1)

Since there are four crystallographically equivalent sets of (111)β planes, there are

four possible crystallographic orientations of the ω lattice. Furthermore, lattice

parameters of an “ideal” ω phase follow from the crystallographic relationship

between the ω and β structures [40,42]:

a(id)
ω = aβ

√
2, c(id)

ω = aβ
√

3/2. (1.2)
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1.4.2 β → α

The α phase nucleates and grows in titanium alloys by a diffusional process. The

β → β + α is one of the most important and most studied transformations in all

classes of titanium alloys due to a significant impact of the resulting morphology,

size and volume fraction of α particles on mechanical properties of the material.

Precipitates of the α phase are incoherent with the β matrix, and the two phases

obey an orientation relationship. The most commonly observed one is the so-called

Burgers orientation relationship [1, 43]:

(0001)α ‖ (110)β,

[112̄0]α ‖ [11̄1]β .

However, other orientation relationships between the α phase and the β matrix

were also observed in titanium alloys, namely: Pitsch-Schrader [44]

(0001)α ‖ (110)β,

[112̄0]α ‖ [001]β;

Potter [45]

(01̄11)α ‖ (110)β,

[2̄110]α ‖ [11̄1]β;

or Rong-Dunlop [46]

(0001)α ‖ (021)β,

[112̄0]α ‖ [100]β.

Let us consider a titanium alloy which is slowly cooled from the β phase

region into the α + β phase field. When the temperature decreases below the

β-transus, α phase starts to nucleate in the β matrix. The α phase first nucleates

preferentially at β/β grain boundaries and creates a more or less continuous grain

boundary α layer. During continued cooling, further α particles nucleate at the

interface between the grain boundary α and the β matrix and grow towards

the grain interior as parallel plates belonging to the same variant of Burgers

relationship (so-called α colonies). This process is referred to as sympathetic

nucleation and growth, and the resulting α structure is known as Widmanstätten

side plates. The Widmanstätten plates grow further into the β grain interior until

they impinge on other α colonies. When the cooling rate increases, the size of the

α colonies and the sizes of individual α plates decrease. Moreover, upon cooling

with a higher rate, the α colonies nucleated at grain boundaries are not able to

grow far into the β grain interior, and additional α colonies start to nucleate at

the primary colonies. The resulting microstructure is often called basket-weave

structure due to its interlaced appearance [1, 14,47].

1.4.3 ω → α

During ageing of fast cooled β titanium alloys, α phase can also nucleate at

inhomogeneities inside the β grains – such as particles of metastable ω or β′ phases.
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When the α phase nucleates on a fine dispersion of homogeneously distributed

particles, it exhibits a smaller size due to a higher number of nucleation sites. Such

morphology of fine, homogeneously dispersed α particles has a positive impact on

mechanical properties of the material. This refined α structure generally enhances

the strength and the toughness of the material, while a reasonable ductility is

maintained [1, 48,49].

In the following, we will focus on the ω assisted α nucleation. In systems

exhibiting a high misfit between ω and β structures, α phase was reported to

nucleate at interface dislocations which lie in 〈110〉β directions. Such α precipitate

has a rod-like shape, its axis being aligned with the dislocation, i.e. with one of

the 〈110〉β directions. During subsequent growth, the α rods apparently consume

the adjacent ω particles [27].

However, there is still no general agreement on the mechanism of ω assisted

α nucleation in lower misfit systems. In literature, three possible ways are

described:

1. It was proposed that α phase nucleates directly inside ω particles by a dis-

placive transformation. This mode has been observed for temperatures near

the thermal stability limit of the ω phase. Subsequently, the α particles

grow by a diffusive mechanism, consuming the ω particles [27, 50].

2. Azimzadeh and Rack [48] claimed that in Ti-6.8Mo-4.5Fe-1.5Al (in wt. %),

the α phase nucleates at some distance from ω particles. The authors

explained their hypothesis by a possible enrichment in solute Al in the

vicinity of the ω/β interface, which may arise from the interaction between

the stress field associated with the coherent ω/β interface and the diffusion

of solute elements.

3. Finally, in a research done on Ti-5Al-5Mo-5V-3Cr-0.5Fe (in wt. %) [51], it

has been suggested that the α phase nucleates in Al-rich regions near the

ω/β interface via a mixed-mode, displacive-diffusional transformation in

which the rate-controlling mechanism is the diffusional partitioning of the

alloying elements. This theory was also confirmed by Li et al. [52] on a near-

β titanium alloy Ti-6Cr-5Mo-5V-4Al (in wt. %). However, no Al enriched

regions were observed in this material; the α nucleation site was associated

with oxygen rich regions at (or near) the ω/β interface, which may form

due to accumulation of interstitial O at dislocations at the interface.

1.5 Review of similar research

This work focuses mainly on the investigation of phase transformations in meta-

stable β titanium alloys by X-ray diffraction and scattering techniques. The major

part of the research presented in this thesis was conducted on single crystals of

two metastable β titanium alloys, LCB and Ti - 15 wt. % Mo. In this section,
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the available literature sources dealing with similar research topics (in terms of

material preparation or experimental methods used) will be briefly reviewed.

1.5.1 Single crystal growth of titanium alloys

According to available literature, only a few successful attempts to grow metastable

β titanium alloys using the same method as in this thesis (i.e. the floating zone

method) were performed. Lee et al. [53] described the growth of single crystals of

Ti-15Mo-5Zr-3Al (wt. %) and investigated their plastic deformation behaviour.

Takesue et al. [54] studied the growth and elastic properties of Ti-Nb-Ta-Zr-O

alloy (Gum Metal).

Nevertheless, other methods of single crystal preparation of titanium alloys

were employed. Hermann et al. [55] reported the details of growth of Ti-45Nb

single crystals using two-phase radio-frequency heating. In the works by Fratzl,

Langmayr et al. [42, 56] single crystals were grown from thin foils (∼ 100 µm) of

Ti-Mo alloys by cyclic heating and cooling between 700 ◦C and 1000 ◦C in vacuum.

1.5.2 Small-angle X-ray scattering (SAXS)

SAXS was previously employed to study a number of alloy systems, including

titanium alloys, to investigate particles of secondary phases and their evolution

during thermal treatment, mechanical loading, etc.

Fratzl et al. [42] investigated the growth of ω particles in single crystals of

Ti - 20 at. % Mo (i.e. Ti - 33.4 wt. % Mo). The authors found that ω particles grow

during ageing, their radii increasing as ∼ t1/3 with ageing time. The ω particle

growth stabilized at the radius value of approximately 75 Å, which was interpreted

as a consequence of elastic interaction between the ω inclusions. Furthermore, from

the evolution of the ω particle size in series of aged samples, the authors calculated

the activation energy of the ω particle growth of 2.3 eV, which is consistent with

the activation energy of Mo diffusion in Ti-Mo alloys. It was therefore concluded

that the growth process is controlled by diffusion of Mo through the β matrix.

Finally, the authors observed the initial stages of α precipitation in the material.

The same group of authors later investigated ω and α formation and growth

in Ti - 12 at. % Mo (i.e. Ti - 21.5 wt. % Mo) single crystals by SAXS [56]. From

the analysis of SAXS patterns, it was determined that ω particles have the shape

of a prolate ellipsoid with an aspect ratio of 2:1, being elongated along 〈111〉β
directions. During further ageing, the nucleation of α precipitates was observed,

destroying the ω phase particle microstructure.

Further studies of phase transformations in titanium alloys which employ SAXS

analysis can be found in e.g. [57–59]. A number of studies were also conducted

on aluminium alloys [60–64], magnesium alloys [65, 66], copper alloys [67, 68],

steels [69, 70] or Ni-based superalloys [71].
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2. Aims of the thesis

The main objective of the research presented in this thesis is to investigate the

ω phase formation in two metastable β titanium alloys, Ti-15Mo and LCB.

The principal aims of the present thesis are the following:

• To study and quantitatively describe the growth of ω particles during ageing

at selected temperatures.

• To investigate the effect of the presence of ω particles on the surrounding

β matrix.

• To study the spatial ordering of ω particles and explain its origin.

• To determine the growth kinetics of ω phase evolution.
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3. Experimental techniques

3.1 Material

In this research, two metastable β titanium alloys were studied: Ti-15Mo and

Ti-6.8Mo-4.5Fe-1.5Al, where the content of alloying elements is given in wt. %.

Ti-15Mo was selected as a representative of a simple binary alloy which exhibits

ω phase formation and is capable of reaching a wide range of mechanical properties

depending on its microstructure. Ti-6.8Mo-4.5Fe-1.5Al, generally known as LCB,

was chosen as a representative of a more complex thermodynamic system which

has a practical use in technical applications.

3.1.1 Ti-15Mo

Ti - 15 wt. % Mo is a metastable β titanium alloy with an enhanced potential

for modification of mechanical properties by thermomechanical treatment. The

main properties of this alloy include exceptional corrosion resistance, low elastic

modulus, high strength, good fatigue resistance, and good ductility [72]. Moreover,

there is an increasing interest in Ti-15Mo as a biomedical titanium alloy, e.g. for

orthopaedic implants [73,74].

3.1.2 Ti-6.8Mo-4.5Fe-1.5Al (LCB)

Ti-6.8Mo-4.5Fe-1.5Al is a metastable β titanium alloy invented by TIMET to

address the need for a less expensive titanium alloy with mechanical properties

comparable to other metastable β titanium alloys. Hence, the more frequently

used name LCB, standing for “Low-Cost Beta”, is used for this alloy. This alloy

takes advantage of a relatively inexpensive Fe-Mo master alloy, which lowers the

production cost to less than 50 % when compared to alloys with expensive alloying

elements, such as V or Nb. LCB also has good forging and rolling properties,

thus the final cost is further lowered [12]. LCB was designed as an alloy for

non-aerospace applications such as automotive industry (e.g. suspension springs,

engine valve springs, and torsion bars) [2, 75].

3.2 Preparation of single crystals

For the purpose of this study, single crystals were prepared from both investigated

alloys, Ti-15Mo and LCB. The single-crystalline samples with a known crystal-

lographic orientation allowed the employment of advanced X-ray diffraction and

scattering techniques and subsequent evaluation of orientation-specific properties.

The single crystal growth was performed in a commercial optical floating zone

furnace, model FZ-T-4000-VI-VPM-PC, Crystal Systems Corp. The furnace is

equipped with four halogen lamps (1000 W each), whose power is focused to the
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Figure 3.1: Schematics of an optical floating zone furnace [76].

centre of the furnace chamber by four elliptical mirrors. A schematics of the

floating zone furnace is shown in Fig. 3.1. The centre of the furnace is enclosed

in a quartz tube, allowing the use of an inert atmosphere (or vacuum) during

the growth of the crystal. The polycrystalline feed rod is fastened on a hook

to the upper shaft, while the seed rod (which can be either polycrystalline or

single-crystalline) is mounted on the lower shaft. Both rods are shifted close to

the focal point in the centre of the optical floating zone furnace, their tips are

melted and brought together. In this way, a liquid part of the material – called the

floating zone – is established. The upper and lower shafts move slowly downwards,

allowing the floating zone to move over the length of the feed rod. The material of

the feed rod melts in the upper area of the floating zone, while the melt solidifies

in its bottom region. Moreover, the shafts rotate in opposite directions in order

to stir the molten material and ensure a homogeneous heating of both the rods

and the melt. In order to ensure a single grain in the grown ingot, a procedure

which involves a formation of a neck is usually applied. At the beginning of the

single crystal growth, the diameter of the grown crystal is decreased substantially

by reducing the travel speed of the upper shaft. Subsequently, the upper shaft

speed is increased continuously to match the velocity of the lower shaft, so the

diameter of the ingot gradually reaches its original value [76,77]. The scheme of

initial stages of the single crystal growth process is shown in Fig. 3.2.

Prior to the growth of Ti-15Mo and LCB single crystals, the chamber was

evacuated by a turbo-molecular pump up to 10−6 mbar, and both the seed and
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Figure 3.2: Initial stages of single crystal growth in an optical floating zone furnace,

formation of a neck and selection of a single grain are indicated.

the feed rods were heated in order to desorb any surface contamination of the

precursor. Deterioration of the vacuum was observed, indicating the desorption

of oxygen and other gases. After a subsequent proper evacuation of the growth

chamber, the quartz tube was filled with high purity argon atmosphere (6N), which

prevented the contamination of the titanium alloy ingot with oxygen, nitrogen,

and other light elements. The growth of the single crystals was performed in

a constant flow of Ar of 0.25 l/min and pressure 2.5 bar. The pulling rate was

10 mm/h, and the rotation speed of both shafts was 5 rpm.

3.3 X-ray diffraction

The X-ray diffraction (XRD) measurements were performed in a laboratory

diffractometer Philips X’Pert PRO MRD equipped with a large Eulerian cradle.

The X-ray source was a standard Cu Kα tube operated at 40 keV and 35 mA.

Two different arrangements of the diffraction geometry were used – a pole figure

measurement setup and a reciprocal space map measuring setup.

Pole figure measurement is an XRD technique in which the scattering angle 2Θ

and the incidence angle of the primary beam with respect to the sample surface

ω = Θ are fixed, and their values determine the Miller indices associated with

the measured pole figure. Geometrical parameters which are varied during the

measurement are the tilt of the sample with respect to the scattering plane (ψ) and

the rotation of the sample around the surface normal direction (φ). A schematic

representation of the diffraction geometry for measuring a pole figure is shown

in Fig. 3.3(a). In this measurement setup, the scattering vector Q = Kf −Ki

(Ki and Kf being the incident and scattered wave vector, respectively) has a fixed

length |Q| ≡ Q = 2K sin Θ, where K = 2π
λ

is the length of the wave vector and
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Figure 3.3: Schematics of XRD geometries.

λ is the wavelength. For each tilt of the sample ψ, 0° < ψ < 90°, the scattering

vector Q circumscribes a circle around the sample surface normal, as the sample is

rotated around its surface normal, i.e. as φ attains values between 0° and 360°. In

this way, a half-sphere shown in Fig. 3.3(a) is mapped. The obtained diffraction

intensity is usually plotted in polar coordinates as a function of ψ and φ. [78].

For the measurement of the pole figures, we used the point focus of the X-ray

tube. In the incident beam path a polycapillary was used. This optics ensured

a well-collimated primary X-ray beam with the divergence better than 0.3°. In the

diffracted beam path, i.e. in front of the detector, the diffracted X-ray beam was

collimated by a parallel-plate collimator with an angular acceptance of 0.27° in

the scattering plane and by vertical Soller slits which limited the axial divergence

of the beam to approximately 2°. Moreover, a graphite monochromator was

employed to suppress the Cu Kβ line in the X-ray spectrum.

The second measurement setup, which was used for the acquisition of reciprocal

space maps, is achieved by setting the tilt angle ψ = 0 and by fixing the azimuthal

angle φ at such a value that the selected diffraction maximum lies in the scattering

plane. The parameters which are varied in this arrangement are the scattering

angle 2Θ and the incidence angle ω. In this way, the scattering vector Q traces

out a part of a plane in the reciprocal space perpendicular to the sample surface.

For an illustration of the diffraction geometry employed for reciprocal space maps

measurements, see Fig. 3.3(b). In this measurement geometry, the line focus of the

X-ray tube was used. The primary beam was collimated by a parabolic multilayer

mirror and short Soller slits. These optics deliver an X-ray beam of horizontal

and vertical angular divergence of 0.01° and 1°, respectively. The arrangement of

optical elements in the diffracted beam path was the same as in the pole figure

measurement setup, i.e. it consisted of a parallel-plate collimator, Soller slits, and

a graphite monochromator.
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3.4 Small-angle X-ray scattering

Small-angle scattering (SAS) is a phenomenon in which radiation elastically

interacts with inhomogeneities in matter and consequently deviates from its

incident direction. SAS can occur for a wide variety of materials (crystalline,

amorphous, liquids, colloidal suspensions, or polymers) [79–85] and for different

types of radiation, such as X-rays (small-angle X-ray scattering, SAXS) [86,87],

neutrons (small-angle neutron scattering, SANS) [88,89], electrons (SAES) [90,91],

or gamma rays (SAGS) [92,93]. The most important condition for SAS to occur

is a sufficient contrast between the inhomogeneity (particles, pores, etc.) and the

surrounding material (matrix, solvent, etc.). The type of the contrast necessary for

SAS depends on the type of the used radiation. In SAXS, the contrast arises from

inhomogeneities in electron density, SANS “sees” a contrast in neutron scattering

cross-section, and SAES occurs due to electro-magnetic potential contrast and

differences in electron density [94–96]. In the following, the description will be

directed to small-angle scattering of X-rays, SAXS.

SAXS is a well-established non-destructive experimental technique which can

provide information on structure of inhomogeneities (in the sense of electron

density) in materials with characteristic sizes approximately between 1 nm and

100 nm. SAXS data contain information about the size, the shape, and the volume

of the inhomogeneities as well as about characteristic distances between ordered

or partially ordered scatterers [86,97].

incident beam

sample

detector

2Θ

Ki

Kf
Q

L

Figure 3.4: Schematics of a SAXS experiment.

A schematic representation of a SAXS measurement geometry is shown in

Fig. 3.4. The incident X-ray beam (ideally monochromatic) hits the sample, and

a part of the radiation is scattered by inhomogeneities in the sample to a small

scattering angle 2Θ. The scattered X-rays are recorded by a position-sensitive

detector placed at a distance L from the sample. However, most of the incident

radiation is transmitted without any change in direction and absorbed by a beam-
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stop in front of the detector. In order to prevent X-ray scattering on molecules

of air, both the incident and the scattered beam path are usually enclosed in

evacuated flight tubes.

As small-angle scattering is an elastic process, the wave vector of the scattered

wave Kf has the same length as the incident wave vector Ki. Thus,

|Ki| = |Kf | =
2π

λ
.

Hence, the scattering vector Q = Kf −Ki has the length of

|Q| ≡ Q =
4π

λ
sin Θ, (3.1)

where Θ is a half of the scattering angle (see Fig. 3.4). The measured intensity in

the detector plane is typically represented as a function of the magnitude of the

scattering vector Q. The amplitude of the scattered intensity A(Q) is the Fourier

transform of the electron density ρ(r)

A(Q) =

∫
V

ρ(r)e−iQ·rdr,

where r is a position vector in the real space, and the integration is over an irra-

diated sample volume V . Due to the relation between the electron density in the

real space and the scattering amplitude in the reciprocal space via the Fourier

transform, there is a relation between a characteristic system dimension D and

the corresponding Q:

Q =
2π

D
.

Therefore, the lager the scattering object, the smaller the corresponding Q [98,99].

In a SAXS experiment, the scattered intensity (i.e. the number of photons per

second) detected by a single detector element (pixel) can be expressed as

I(Q) = Φ0 A t T ε Ω
dσ

dΩ
(Q), (3.2)

where Φ0 is the incident flux of photons per second per area which illuminates

an area A of a sample of thickness t. T is the sample transmission, and ε is the

detector efficiency, which is constant over the whole intensity range. Ω is the

solid angle subtended by the pixel, and dσ
dΩ

(Q) is the differential scattering cross

section (or the absolute intensity) having the units of cm−1sr−1. The transmission

T is defined as the attenuation ratio of the intensities before and after the sample

(T < 1) and related to the sample thickness t by the relationship T = e−µt, where

µ is the linear absorption coefficient of the material. In SAXS data evaluation,

the measured intensity I(Q) is converted to absolute intensity dσ
dΩ

(Q), which is

independent of the measurement geometry, sample thickness, and measurement

time. The absolute calibration depends only on the quantities t, T , Ω and Φ0 A

which can be either measured directly (sample thickness t and transmission T )

or eliminated by comparison with a standard sample of known scattering cross
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section measured in the same experimental setup. The knowledge of the detector

efficiency ε is not needed, since the same detector area is used to measure both

the I(Q) with the sample in the beam and the Φ0 A with an empty beam. For the

purpose of absolute calibration, glassy carbon is used as a standard sample in SAXS

measurements. Furthermore, the diffracted angles are calibrated by silver behenate

standard due to its well defined diffraction peaks at small angles [97,100–103].

Since the primary beam is generally much broader than its coherence width,

the total irradiated sample volume consists of many smaller, coherently irradiated

volumes. These coherently irradiated volumes are defined by coherence width

ξ⊥ =
λRs

2rs

and coherence length

ξ‖ =
λ2

2∆λ
,

where Rs is the distance between the source and the sample, rs is the source

size, and ∆λ is the spectral width. The measured intensity is an incoherent

superposition of contributions from the individual coherently irradiated volumes,

containing many different configurations of the scatterers. If a large enough

number of coherently irradiated volumes is assumed, the scattering intensity can

be expressed as an average over a statistical ensemble of all possible scatterer

configurations [104].

When compared to other imaging methods such as transmission electron

microscopy (TEM), a few important differences of SAXS are worth noting. Most

importantly, SAXS does not yield a direct image of the studied sample, but the

obtained intensity distribution is a Fourier transform of the electron density in

the real space. It is important to note that most detectors are able to detect only

the intensity and not the phase of the scattered waves. Therefore, a part of the

information on the sample is lost. This fact complicates data evaluation since the

data are often ambiguous and open to multiple interpretations. Consequently, it

is necessary to have either some initial knowledge about the sample structure or

to combine SAXS with other complementary methods, such as transmission or

scanning electron microscopy.

However, SAXS also has some advantages when compared to other imaging

methods. SAXS is a technique capable of obtaining data averaged over a large

sample volume in a short measurement time, while e.g. TEM can only image

a limited part of the sample and obtain a local information about the structure.

In combination with high brilliance X-ray sources such as synchrotrons, SAXS is

an ideal technique for performing in situ measurements due to a fast acquisition

of data averaged over a large ensemble of scatterers. Moreover, preparation of

samples for SAXS is in many cases much easier. It is especially true for liquids,

colloidal suspensions, etc., which can be measured in capillaries.

In the course of this work, two sets of SAXS measurements were carried out.

The first one was done on pre-aged samples at Advanced Photon Source (APS),

Argonne National Laboratory, USA. The second set was measured in situ during
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isothermal ageing at European Synchrotron Radiation Facility (ESRF), Grenoble,

France.

At APS, the SAXS experiments were carried out on beamline 15-ID1 which is

a dedicated SAXS and ultra-small-angle X-ray scattering (USAXS) instrument [97].

The measurement setup is based on an advanced-design Bonse-Hart double-

crystal configuration [105]. The X-ray instrument received X-ray photons from

an undulator and Si(440) monochromator optics [106]. The energy of the incident

beam was 25 keV, and the beam size at the sample surface was 150 µm×150 µm.

The scattered beam was detected by a large two-dimensional CCD detector Mar165

with 2048×2048 pixels (binning 2x2), which provided the pixel size of 80 µm. The

detector was placed at the distance of 3.73 m from the sample. Acquisition of

one frame took 60 s, and five SAXS patterns were taken from different areas

of each sample. The samples were mounted on a goniometer head allowing

a precise alignment of the crystallographic axes of the sample lattice with respect

to the primary X-ray beam. Each single-crystalline sample was measured in three

orientations: the primary beam irradiated the sample in [001]β, [110]β, and [111]β
directions with respect to the bcc β lattice.

In situ SAXS experiments were carried out at the high energy beamline ID15A,

ESRF, Grenoble2. The high energy of the primary beam available at this beamline

allowed the measurement of thicker samples and consequent acquisition of signal

from larger volume of the bulk of each sample. Thus, the effect of possible influence

of the sample surface on the ω phase structure (e.g. due to mechanical polishing

or surface elastic effects) was minimized. The energy of the primary beam was

69.5 keV, and the spot size was set to 120 µm×30 µm. The scattered beam was

detected by a two-dimensional CCD detector (FReLoN) with 2048×2048 pixels and

the pixel size of 24 µm. The sample-detector distance was 7.8 m. The experiments

were done in situ during isothermal ageing in a dedicated microtomography furnace

equipped with a quartz dome, which was evacuated to the order of 10−6 mbar.

Oriented samples with (001)β plane parallel to sample surface were prepared for

this experiment. The sample was placed in the furnace perpendicularly to the

incident X-ray beam and was thus irradiated in the [001]β direction normal to

the sample surface, i.e. to the (001)β plane. The samples were heated to the

selected temperature with a maximum heating rate the microtomography furnace

was capable of (30 – 40 ◦C/min). The acquisition time of a detector frame was

5 – 20 s, depending on the intensity of the scattered radiation. The temperatures

used in the in situ ageing experiments were 335 ◦C, 370 ◦C, 390 ◦C, and 410 ◦C for

LCB and 350 ◦C, 370 ◦C, 390 ◦C, 410 ◦C, 430 ◦C, and 450 ◦C for Ti–15Mo.

In both SAXS experiments, the scattering angle was calibrated using a silver

behenate. The measured intensity was corrected for the background scattering and

converted to absolute intensity using a glassy carbon standard and Eq. 3.2 [103].

1The SAXS/USAXS instrument has been moved to 9-ID since our beamtime.
2At the time of writing, ID15A is being refurbished to be able to provide intense X-ray beams

with energy up to several hundred keV. The main technique will be energy dispersive diffraction.

SAXS measurements will not be possible at this beamline in the future.
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3.5 Sample preparation from the single crystals

After the single crystal growth (see section 3.2), the titanium alloy ingots were

solution treated at 860 ◦C for 4 h in an evacuated quartz capsule in order to

homogenize the grown material. Subsequently, the ingots were water quenched to

retain the high temperature β phase in a metastable state.

For SAXS measurements, two different approaches of sample preparation were

used.

In the first case, the single crystals were prepared from LCB alloy for ex situ

SAXS measurement done at APS. The single crystals were cut into 1.2 mm slices

perpendicular to the single crystal growth direction. The samples were then aged

in salt baths at three temperatures (300 ◦C, 335 ◦C, and 370 ◦C) for ageing times

of 2 h, 4 h, 8 h, 16 h, 32 h, 64 h, 128 h, and 256 h. These ageing conditions were

selected since ω phase particles grow in this range, but the precipitation of the

α phase is not expected – at least at the two lower temperatures [48,107]. The aged

samples were subsequently ground and polished from both sides by a standard

metallographic procedure employing 500, 800, 1200, 2400, and 4000 grit SiC papers.

Final polishing was done on VibroMet 2 vibratory polisher (Buehler) using 0.3 µm

and 0.05 µm aqueous alumina (Al2O3) suspensions and 0.05 µm colloidal silica.

The final thickness was approximately 200 µm, ensuring a sufficient transmission

of the X-ray beam during the SAXS measurement. As the single crystal slices were

cut perpendicular to the growth direction, they had a random (but common with

other slices from the same single crystal) crystallographic orientation depending

on the selection of a grain during the neck formation, see Fig. 3.2. The particular

orientation of the single crystal was determined by the Laue back-reflection method

using Mikrometa 2 (Chirana) X-ray source. The diffraction spots were recorded

on an image plate, which was subsequently read by VistaScan image plate scanner

(Dürr). Selected Laue patterns were collected using a back-reflection geometry

Photonic Science Laue X-ray System equipped with a microfocus source and

a large two-dimensional CCD detector. These patterns were used in this work as

they provide a better image quality. The Laue patterns from both Laue systems

were evaluated using OrientExpress software, allowing the determination of the

single crystal orientation [108].

The single-crystalline samples prepared by the above described procedure were

also used for XRD measurements (see section 3.3).

For in situ SAXS experiments done at ESRF, single-crystalline samples of

both studied alloys (LCB and Ti-15Mo) were prepared. Unlike ex situ samples,

the crystallographic orientation of the grown ingot for in situ measurements was

first determined by the Laue method and after solution treatment, samples were

cut in such crystallographic orientation that their surface was parallel to (001)β
plane of the bcc β matrix. The grinding and polishing procedure was the same

as for ex situ samples; only the final thickness was larger, approximately 500 µm,

due to a higher energy used in the in situ SAXS experiment.
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3.6 Electron backscatter diffraction

Electron backscatter diffraction (EBSD) is a microstructural technique which

allows the determination of the crystallographic structure and orientation of grains

on the surface of studied samples. Moreover, the misorientation of individual

grains, grain boundary character, texture, and many other microstructural features

can be analysed from EBSD data.

When the primary electron beam interacts with the crystal lattice of the

sample, some electrons backscatter, i.e. inelastically interact with atoms in the

sample. The backscattering is a low energy loss process, therefore, the energy

of the backscattered electrons is only slightly lower than that of the primary

beam. Some of the backscattered electrons are diffracted by the crystal structure

of the sample and form so-called Kikuchi bands on the detector screen. The

Kikuchi bands intersect in the diffraction pattern in zone axes, which are related

to crystallographic directions in the sample [109–111]. The acquired pattern of

Kikuchi bands is processed automatically for each point on the sample surface

irradiated by the primary electron beam.

An SEM FEI Quanta FX200 equipped with EDAX DigiView EBSD camera

was used for EBSD measurements. The software OIM was used for EBSD data

collection and analysis. The primary electrons were generated by a field emission

gun and accelerated by the voltage of 20 kV.

3.7 Element analysis

Two experimental techniques were used to study the chemical composition change

in LCB after the single crystal growth process.

The content of heavier elements in the alloy (Ti, Mo, Fe, Al) was determined

by energy dispersive X-ray spectroscopy (EDS). EDS is an experimental technique,

often employed in scanning electron microscopes, which is able to detect X-rays

generated by a sample irradiated with the primary electron beam. When a high

energy electron from the incident beam interacts with an atom in the sample, one

of the inner shell electrons of the atom can be ejected. The atom with one missing

inner shell electron is in an excited state and quickly returns to its lowest energy

state by filling the inner shell “vacancy” by an electron from a higher energy

shell. During this process, the electron from the higher shell releases its excess

energy in the form of X-rays. The released X-ray energy is equal to the energy

difference between the two electron shells. Electrons from different energy levels

of the electron shell can fill the “vacancy”, thus, a set of characteristic energy

lines is obtained for each chemical element. The characteristic X-ray lines are

then employed to determine the elemental composition of the sample [112,113].

EDS was measured on the SEM FEI Quanta FX200 using software Genesis

by EDAX. The accelerating voltage used for EDS analysis was 20 kV. The EDS

spectra were collected from a representative area in each sample.

The content of light interstitial elements (O and N) was studied by an automatic
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analyser LECO TC 500C, which operates on the inert gas fusion principle. In

this method, the sample is melted in a pure graphite crucible. The melting

takes place under a dynamic He atmosphere at temperatures sufficient for O and

N release. Oxygen reacts with the material of the crucible, creating CO, while

nitrogen forms N2 molecules. These gases are subsequently carried by the He flow

through heated copper oxide where CO is oxidized to CO2. The gases then flow

through a CO2 infrared cell in which the oxygen content is measured. Finally, the

gases are forwarded to a thermal conductivity cell where the nitrogen content is

determined [11, 114]. The typical weight of a sample measured for the purpose of

this work was 0.1 g.

3.8 Differential scanning calorimetry

Differential scanning calorimetry (DSC) is a thermoanalytical method which

monitors thermal events in materials. These thermal events include phase trans-

formations, melting, glass transitions, crystallization, chemical reactions, etc.

The DSC measurements were carried out on Netzsch DSC 404 C Pegasus,

which is a so-called heat flux DSC. In this type of DSC instrument, the sample

and the reference (usually an empty crucible identical to the sample container)

are placed on separate temperature sensors connected by a plate allowing a well-

defined heat transfer between the sample and the reference pans. The sample and

the reference are heated equally, and the temperature difference is detected. In

the absence of thermal processes in the sample, the DSC signal is proportional

to the specific heat of the material. When the sample undergoes a first order

transition, which is accompanied by heat emission (exothermic) or absorption

(endothermic), the heat flow to or from the sample changes, and this process is

detected as a peak in the DSC curve. The area under a DSC peak is proportional

to the heat absorbed or released by the sample during the observed thermal

process. The orientation of the peak corresponds to the heat flow direction during

the thermal event. Transformations which are accompanied by an abrupt change

in heat capacity (i.e. second order transitions), are detected as a step change in

the DSC signal [115–117].

The DSC experiments presented in this study were performed during a linear

heating from room temperature to 750 ◦C and a subsequent linear cooling after

a short (10 min) isothermal hold, employed in order to allow a stabilization of the

DSC instrument. The heating and cooling rates were 5 ◦C/min. Platinum crucibles

with protective Al2O3 liners were used, offering a better thermal conductivity

as compared to standard Al2O3 crucibles. Prior to the experiment, the DSC

furnace was evacuated and filled with high purity Ar. During the temperature

program, a constant Ar flow of 40 ml/min was maintained. In order to exclude

any instrumental artefacts from the DSC signal, an identical temperature program

was measured without a sample (i.e. with two identical empty crucibles). This

so-called baseline was then subtracted from the DSC measurements performed
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with a sample. The weight of the studied samples was 40 – 45 mg. The precursor

as well as the single-crystalline material were solution treated at 860 ◦C for 4 h

and water quenched, ensuring a well-defined and comparable initial state for each

of the DSC measurements.
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4. Results and discussion

4.1 Characterization of single crystals

4.1.1 Details of single crystal growth and estimation of

single crystal quality

The single crystals of LCB and Ti-15Mo titanium alloys used in this study were

prepared by a floating zone method described in section 3.2. During the growth of

the single crystals, the molten hot zone was perfectly clear with no signs of oxides

or incongruent melting. However, some unusual effects were observed during LCB

single crystal growth. A part of the grown ingot (up to 5 – 10 mm below the hot

zone) was still covered with a thin layer of molten material which probably flowed

down from the hot zone. This thin layer then solidified unevenly on the surface of

the ingot, resulting in irregularities in the cylindrical shape of the crystal (compare

the LCB ingot in Fig. 4.1 and the Ti-15Mo ingot in Fig. 4.2). As one of the

possible reasons for this effect might have been an overheating of the molten zone,

the heating power of the floating zone furnace was slightly reduced. However,

the effect of the molten layer remained unchanged, while the hot zone started to

solidify in the centre due to insufficient heating. This was evidenced by vibrations

of the melt which were caused by the feed and seed rod brushing against each

other while they rotated. The hypothesis of the overheating of the molten zone

was thus disproved. Another reason for the formation of the thin molten layer on

the surface of the ingot might also be a low thermal conductivity of titanium in

comparison with other metals. This may result in high temperature differences

between the surface of the molten zone and its centre. Therefore, while the centre

of the hot zone was at the correct temperature, the surface layer might have

already been overheated. However, the molten layer effect was not observed during

single crystal growth of Ti-15Mo, which has a comparable thermal conductivity

to LCB. Most likely, the effect results from the particular composition of the LCB

titanium alloy (multiple alloying elements Mo, Fe, and Al as opposed to a single

element addition of Mo in the Ti-15Mo). Due to the complexity of the LCB

alloy system, slight composition changes in the surface layer of the melt might

also occur and in combination with the flow patterns in the liquid zone result

in the observed effect. During Ti-15Mo single crystal growth, no unusual effects

were observed. The growth process was very stable, resulting in a smooth, nearly

perfect cylindrical shape of the ingot, see Fig. 4.2.

The length of the grown ingots was usually 8 – 9 cm. Interference colouring

was observed both at the neck and in the initial part of the grown ingots. The

colouring is caused by oxidation of the surface layer and possibly also by con-

tamination by small amounts of other light elements. With increasing distance

along the crystal growth direction, the oxide layer thickness decreases, and its

colour changes accordingly (cf. for example the thickness dependence of oxide
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Figure 4.1: Single crystal of LCB.

Figure 4.2: Single crystal of Ti-15Mo.

film colours of thermally oxidized and anodized titanium in [118]). Finally, the

colouring disappears, and a clean metallic colour of the ingot is observed. The

contamination in the initial part of the ingot corresponds to the fact that the

furnace, the seed rod, and the precursor material itself release some amount of

gases even after the degassing procedure performed prior to the single crystal

growth as described in section 3.2.

The quality of the grown single crystals was checked by the Laue method in

back-reflection setup for several slices cut from different positions in the ingot.

The spot size of the X-ray beam (approximately 0.5 mm for Photonic Science Laue

X-Ray System and 1 mm for Mikrometa 2) was much smaller than the diameter

of the ingot, allowing the collection of multiple Laue patterns at different points

on the sample surface. As the Laue patterns did not change with position in

the crystal, it could be concluded that the grown ingots were single-crystalline.

Representative Laue patterns are shown in Figs. 4.3(a) and 4.3(b) for LCB and

Ti-15Mo, respectively. The diffraction patterns were indexed using OrientExpress

software [108]. From an orientation matrix obtained in the OrientExpress software,

an approximate growth direction of the single crystals was determined: the LCB

ingot grew roughly along [131]β, while the growth direction of the Ti-15Mo single

crystal was approximately [434]β. The accuracy of the determination of the growth

direction is approximately ±1° and depends on the precision of sample mounting

and on the rounding of the data from the orientation matrix.
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(a) Laue pattern for LCB alloy. The growth di-

rection of this single crystal was approximately

[131]β .

(b) Laue pattern for Ti-15Mo. The growth di-

rection of this single crystal was approximately

[434]β .

Figure 4.3: Representative Laue patterns of grown ingots with the strongest

diffraction spots indexed.

Figure 4.4: EBSD patterns from cross-sections of two grown ingots of LCB.

4.1.2 EBSD

Due to the anomalous effects observed during the single crystal growth of LCB

(uneven solidification of a thin layer of molten material), LCB ingots were also

checked by EBSD scans measured on cross-sectional cuts through the ingots.

Representative EBSD patterns for two LCB ingots are shown in Fig. 4.4. Note

that the EBSD pattern on the left side of Fig. 4.4 was taken from the same

ingot as the Laue diffraction pattern in Fig. 4.3(a). The growth direction [131]β
determined from the Laue diffraction pattern is consistent with the orientation of

the central grain in the EBSD image (the pink colour corresponds approximately
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to the direction [113], see the orientation triangle in the inset). EBSD analysis

showed that the grown ingots of LCB consisted of one central single-crystalline

grain extending over the whole ingot length. The central grain was in some

areas surrounded by a thin layer of smaller grains with different orientation. The

thickness of the polycrystalline film varied over the length of the ingot but did

not exceed 1 – 2 mm. Nevertheless, the central grain usually filled up most of the

cross-section of the ingot. It may be assumed that the polycrystalline layer arises

from the unusual behaviour of the melt during the single crystal growth of LCB.

4.1.3 Chemical composition

An important issue which should be taken into account when growing single

crystals from titanium alloys is the contamination of the material by interstitial

elements and other compositional changes which may occur during the growth

process. Interstitials (mainly light elements such as O and N) have a significant

impact on mechanical properties of titanium alloys, as they strengthen the material

and decrease its ductility [1,2,119]. Moreover, phase transformations and their

onsets can be altered by compositional changes in the alloy. In order to estimate

the influence of the single crystal growth process on the composition of the

material, the chemical composition of both the precursor and the grown ingot

were studied in LCB by the two methods described in section 3.7. The results are

summarized in Table 4.1. EDS measurements were performed on three samples

cut from different parts of the ingot along its length in order to verify that there

were no significant concentration gradients along the growth direction. Since the

values did not change systematically with the position in the ingot, the measured

concentrations in each sample were averaged. The resulting values are presented

along with their standard deviations in Table 4.1. The content of O and N was

determined from three samples cut from the central part of the ingot. Since

the samples were prepared only from a small volume of the single crystal, they

should be regarded as approximate, and slight shifts in the concentration of the

interstitial elements along the ingot length are to be expected.

Element Ti Mo Fe Al N O

Precursor 88.7±0.7 4.1±0.4 3.7±0.5 3.1±0.2 0.011±0.004 0.40±0.06

Ingot 88.4±0.4 4.3±0.3 3.4±0.4 3.1±0.2 0.29±0.03 0.55±0.06

Table 4.1: Chemical composition of precursor and grown ingot of LCB. Given values

are in at. %. As the chemical composition was determined by two independent

methods, the sum of at. % is not 100 %.

The results of the chemical analysis indicate that the content of the base

alloying elements (Ti, Mo, Fe, and Al) did not change significantly during the

single crystal growth. The concentrations determined for both the precursor and
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the ingot are within the standard deviation. On the other hand, the content of

interstitials O and N increased during the single crystal growth process.

4.1.4 DSC

The change of the content of interstitial elements may influence the phase trans-

formations occurring in the material. In order to estimate the extent to which

the character of the phase transformations changed, DSC measurements during

a linear heating up to 750 ◦C and a subsequent cooling were performed both on

the precursor and the grown ingot. The comparison of the resulting DSC curves

is shown in Fig. 4.5. Certain differences between the DSC curves of the initial

polycrystalline material (indicated by blue lines) and the single crystal (denoted

by red lines) can be observed.

Let us now focus on the DSC curves for LCB, Fig. 4.5(a) and 4.5(c) for heating

and cooling, respectively. Both DSC heating curves for the precursor and the single

crystal exhibit two distinct exothermic peaks. The first one, broader and shallower,

is observed in the range of 250 ◦C – 400 ◦C and is often ascribed to growth of

isothermal ω phase. On the other hand, the sharp peak between approximately

500 ◦C and 600 ◦C is related to α phase precipitation in the material [120,121]. The

comparison of the two curves indicates that the transformation involving α phase

precipitation is practically the same for the single crystal and the polycrystalline

precursor, the onset of the two peaks being identically at (497±1) ◦C1. On the other

hand, the shallower peak corresponding to the ω phase growth differs in the two

DSC curves. While the onset of the transformation is found at (310± 1) ◦C for the

precursor, it is observed at (257± 2) ◦C for the single crystal. The peak measured

for the single crystal is generally broader than that for the precursor, i.e. the

ωiso growth occurred in a wider temperature range. Between the two exothermic

peaks, a deviation of the heat flow curve in the endothermic direction can be

observed (400 ◦C – 500 ◦C), being associated with the dissolution of ω particles.

The ω → β transformation was identified as an endothermic peak in LCB [122] as

well in other metastable β titanium alloys [123,124]. The onset of the endothermic

peak cannot be determined reliably due to its overlap with the exothermic peak

corresponding to ωiso growth.

During linear cooling of LCB, see Fig. 4.5(c), no distinct peaks are present in

the DSC curves. A sharp increase at the beginning of cooling (at 750 ◦C) followed

by a drop of the curve can be either caused by an exothermic reaction of α phase

precipitation in the β matrix or by the transition from a short isotherm between

heating and cooling segments and the subsequent stabilization of the instrument

to a quasi-steady state of scanning.

The character of the heat flow curves for Ti-15Mo (Figs. 4.5(b) and 4.5(d)

1The presented deviations correspond only to the accuracy of onset determination for the

particular DSC peak. The determination of the actual uncertainty of the phase transformation

start temperature would require multiple DSC measurements with samples prepared from

different parts of the precursor/ingot.
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(a) Linear heating of LCB.
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(b) Linear heating of Ti-15Mo.
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(c) Linear cooling of LCB.
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(d) Linear cooling of Ti-15Mo.

Figure 4.5: Comparison of DSC curves for polycrystals (PC, blue curves) and

single crystals (SC, red curves). Heating and cooling is indicated by red and blue

arrows, respectively.

for heating and cooling, respectively) is different. On the DSC signal acquired

during heating from a polycrystalline precursor, a small exothermic peak can be

observed between approximately 300 ◦C – 400 ◦C, being superimposed on a slight

increase of DSC signal, which may indicate an additional exothermic transition

occurring over a wider temperature range. The magnified view of the DSC curve

in the discussed temperature range is displayed in the inset in Fig. 4.5(b). The

onset of the small exothermic peak is found at (283 ± 1) ◦C, while the onset of

the broader underlying peak cannot be determined since it coincides with the

temperature at which the DSC instrument reached a quasi-steady state (∼ 100 ◦C).

The DSC heating curve measured for the single crystal of Ti-15Mo exhibits less

distinguishable events up to the temperature of approximately 400 ◦C. In this

temperature range, two “bumps” are observable, the first one having an onset of

(184 ± 2) ◦C and the second one having an onset at (289 ± 1) ◦C (see the inset

of Fig. 4.5(b)). At higher temperatures (450 ◦C – 550 ◦C), an endothermic peak

related to the dissolution of ω particles can be observed for both the precursor and

the single crystal. As in the LCB heat flow curve, the endothermic peak follows

right after the exothermic events. Therefore, the determination of its onset is

not straightforward. Unlike LCB heat flow curves, the endothermic peak is much
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larger in Ti-15Mo, and no subsequent sharp exothermic peak related to α phase

precipitation can be observed.

During cooling of Ti-15Mo (Fig. 4.5(d)), two strong exothermic peaks can be

observed in the DSC curves of both polycrystalline and single-crystalline material.

The onset for the first one (in the direction of decreasing temperature) is at

(561±1) ◦C and (571±1) ◦C for the polycrystal and the single crystal, respectively.

This peak is found in a temperature range in which α phase precipitates in the

β matrix. Note that the peak in single-crystalline Ti-15Mo is shallower, and its

area is apparently smaller than in the polycrystalline precursor which indicates

a smaller volume of transformed α phase. This fact may be caused by a lower

concentration of heterogeneous nucleation sites in the single crystal, e.g. no grain

boundaries are present. The second peak in the DSC cooling curve is observed

in the range of approximately 300 – 400 ◦C which implies that it is related to

ω particle formation. For the precursor polycrystalline material, the onset of this

peak is at (403± 1) ◦C, while for the single crystal it is found at (393± 1) ◦C. The

area of the discussed peak is comparable between the precursor and the single

crystal, suggesting a very similar character and extent of ω phase growth during

cooling in both samples.

In order to clarify the thermodynamic processes underlying the thermal events

detected by DSC, a second heating and cooling temperature cycle was performed

with the polycrystalline samples right after the first DSC run. The parameters

of the second heating and cooling cycle were identical to the first one. The

comparison of the first and the second thermal cycle is shown in Figs. 4.6(a)

and 4.6(b) for LCB and Ti-15Mo, respectively.

The second heating run with the LCB polycrystalline sample (yellow line in

Fig. 4.6(a)) showed no distinct thermal events, the signal being nearly constant

up to approximately 600 ◦C. Note that the curves for the first and the second

run were not shifted vertically. Therefore, the signal acquired during the second

heating can be regarded as a baseline, in comparison to which the peaks in the first

run are even more obvious. At 600 ◦C, the heat flow curve of the second heating

exhibits a deviation in the endothermic direction, which could be interpreted as

a gradual dissolution of α phase whose equilibrium volume fraction in the alloy

decreases as the temperature approaches the β-transus of the alloy, (795± 5) ◦C as

reported in [125]. During the subsequent cooling, a smooth and almost constant

heat flow curve is observed (indicated by a violet line in Fig. 4.6(a)), the initial

step being due to the DSC instrument reaching a quasi-steady state of scanning.

A comparison of the two cooling curves acquired for the LCB sample shows

that the exothermic event during the first cooling (red line in Fig. 4.6(a)) was

most likely caused not only by instrumental artefacts, but also by an underlying

thermodynamic process. This process can be the precipitation and growth of

α phase with increasing undercooling with respect to the β-transus.

According to the DSC analysis, the following sequence of phase transformations

is proposed for LCB alloy:

• In the initial state at the beginning of the first thermal cycle (solution
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treated and water quenched condition), a mixture of β phase and athermal

ω particles is present.

• Around 300 ◦C, both the polycrystal and the single crystal undergo an

exothermic phase transformation, during which the ω phase evolves and

grows by a diffusion assisted process. If the athermal and isothermal

notation is used, the transformation can be written in a simplified form as

β + ωath → β + ωiso.

• At approximately 400 ◦C, the ω phase starts to approach its stability limit

and dissolves, partially reverting back to β phase. The partial reversion was

confirmed by XRD analysis [126].

• At 500 ◦C, a strong exothermic process is observed in both the polycrystal

and the single crystal, being caused by a rapid nucleation and growth of

the α phase. The nucleation most likely occurs on remaining ω particles,

on “pockets” locally depleted of alloying elements which were left behind by

dissolved ω particles, or on structural defects in the material.

• During the initial phase of cooling from 750 ◦C, an exothermic process takes

place in the material, which may be ascribed to additional growth of α phase

particles.

• At the end of the first cooling (and at the beginning of the second heating),

LCB is in a nearly thermodynamically stable state composed of β + α.

Consequently, no significant thermal events are present in the second run as

opposed to the first thermal cycle.

• During the second heating, the only observable event in the heat flow curve

is a slight deviation in the endothermic direction starting at approximately

600 ◦C. This process may be explained by a partial dissolution of α phase,

which is less thermodynamically stable at temperatures near the β-transus.

• During the second cooling, no thermal events are visible in the DSC curve.

Unlike LCB, the second thermal cycle of the Ti-15Mo sample resulted in

a number of DSC peaks, see Fig. 4.6(b), which prove that Ti-15Mo does not reach

a stable β + α phase composition after the first thermal cycle. This fact is also

indirectly confirmed by the presence of the low temperature peak related to the

ω phase in the heat flow curve of the first cooling (red line in Fig. 4.6(b)).

Up to approximately 300 ◦C, the DSC curve of the second heating (yellow line

in Fig. 4.6(b)) is constant, indicating that no phase transformations accompanied

by heat exchange occur in the material. A shallow exothermic peak with the

onset at (256± 2) ◦C can be observed, its position coinciding well with the broad

exothermic peak present in the first heating cycle. According to the temperature

range at which this peak is observed, it can be assumed that it arises from the

formation and growth of ω particles. As in the LCB heat flow curve acquired
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(a) Two thermal cycles with LCB.
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(b) Two thermal cycles with Ti-15Mo.

Figure 4.6: Comparison of the first and the second thermal cycle for polycrystals.

during the second heating, no endothermic event is visible in the DSC curve

for Ti-15Mo. A second exothermic peak, having the onset at (541 ± 1) ◦C, is

observed. The position of this peak coincides with the end of the endothermic

peak in the first run, indicating the precipitation of α phase particles. During

the subsequent cooling of polycrystalline Ti-15Mo, only a single exothermic peak

is observed, having an onset of (557± 2) ◦C (cf. the onset for the corresponding

peak observed in the first cooling run, (561± 1) ◦C). The exothermic peak which

was observed in the first thermal cycle at the lower temperature is absent in

the second cooling curve. It may be therefore presumed that during cooling in

the second thermal cycle, no ω reaction occurs in the material. Note that the

initial step at the beginning of cooling is identical for the first and the second

thermal cycle, therefore, it can be assumed that the step is caused purely by

a temporary instability of the DSC instrument after the transition from a short

isotherm to a linear cooling segment. Compare also with the corresponding DSC

signal measured for LCB (Fig. 4.6(a)), in which the DSC curve in early stages of

the first cooling is affected by an exothermic phase transition.

Based on the heat flow curves measured during two thermal cycles, the following

phase transformations are proposed to occur in Ti-15Mo:

• At the beginning of the first thermal cycle, the phase composition of the

solution treated and water quenched Ti-15Mo is β + ωath. Shortly after the

temperature increases above 100 ◦C, an exothermic deviation of the heat

flow is observed, indicating a diffusion assisted growth of ω particles. This

fact agrees well with the limit of reversible ωath transformation, beyond

which the diffusion of solute elements from the volume of ω particles starts

to play a role, and ωiso develops [31].

• At approximately 300 ◦C, another ω phase related transformation occurs,

resulting in a smaller exothermic peak being superimposed on the broader

one, see Fig. 4.5(b). This may be caused by an activation of other mode

of ω phase formation such as formation on vacancies and their clusters as

suggested for deformed Ti - 20 wt. % Mo in [127].
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• As in LCB, the ω phase starts to revert back to β structure, as evidenced

by an endothermic peak between 450 ◦C and 550 ◦C.

• In contrary to LCB, no sharp α precipitation peak is observed. However,

α lamellae are formed in the material to some extent as shown by SEM

imaging of Ti-15Mo linearly heated with the heating rate of 5 ◦C/min up

to 580 ◦C and water quenched [128]. There might be multiple reasons why

the transformation is not detected by DSC. Either the exothermic process

is overlapped by the preceding endothermic event, or the α phase forms

slowly and gradually over a wide temperature range which reduces the

related exothermic peak below the detection limit of the method. The latter

hypothesis is further supported by the fact that in this temperature range,

Ti-15Mo approaches its β-transus of 730 ◦C [31]. This value is by 65 ◦C

lower than the β-transus of LCB, therefore, the driving force for α phase

precipitation is much smaller in Ti-15Mo as compared to LCB.

• During cooling, α phase starts to precipitate around 550 ◦C, presumably at

compositionally favourable sites such as Mo depleted pockets which remained

in the β matrix after ω particles which reverted back to β phase during

heating.

• Nevertheless, the β matrix retained in the sample is still thermodynam-

ically metastable, and ω phase particles form during further cooling at

approximately 400 ◦C, which is indicated by the second exothermic peak.

• The phase composition of Ti-15Mo after the first thermal cycle is a mixture

of three phases, β + α + ω.

• During the second heating run, ω particles present in the material grow at

temperatures above 300 ◦C. It can be assumed that the volume fraction

of ω particles in the second heating run is smaller than in the first one,

since some α phase is already present in the material and its diffusional

growth contributed to a partial compositional stabilization of the surrounding

β matrix.

• Further nucleation and growth of α phase occurs in the second heating

run at approximately 550 ◦C, the precursor for the precipitation being most

likely the remaining ω phase or Mo depleted zones left after the dissolution

of ω particles.

• During the subsequent cooling, only α phase formation and growth occurs

in Ti-15Mo. After the second thermal cycle, the alloy is very close to the

equilibrium phase composition β + α.

• Note that the highest temperature of the DSC measurement (750 ◦C) is

slightly above the reported β-transus temperature of Ti-15Mo, 730 ◦C [31].
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Although the β-transus temperature may be inaccurate (e.g. due to ox-

idation), it is clear that the alloy is close to the transition to the high

temperature β phase at the end of each heating cycle. This results in α and

ω formation during the first cooling. Nevertheless, it may be assumed that

the maximum temperature of the DSC run is not sufficient for a full reversion

into the β phase, since in the second thermal cycle, shallower peak related

to α phase precipitation is observed, and no ω transformation was detected.

It should be noted that not all phase transformations occurring in materials are

detectable by DSC, since the method is capable of detecting only those transitions

which are accompanied either by a sufficient heat exchange or by a significant

change in heat capacity. Therefore, a comparison with other methods, such as

in situ electrical resistance measurements may provide additional information

about ongoing phase transformations. A detailed study of single-crystalline and

polycrystalline LCB and Ti-15Mo utilizing electrical resistance measurement

and comparing the results with DSC measurements can be found in our recent

study [121].

4.1.5 Summary of single crystal characterization

Single crystals of LCB and Ti-15Mo metastable β titanium alloys were obtained

by an optical floating zone method. Laue XRD and EBSD analysis confirmed

a good quality of the obtained single-crystalline material. Although some unusual

solidification effects were observed during the single crystal growth of LCB, a single

grain extending over the whole length and the most of the cross-section of the

resulting ingot was found. In Ti-15Mo, an exceptionally steady and unperturbed

growth was observed, resulting in a perfect single-crystalline ingot. The chemical

composition was determined for the polycrystalline precursor and the single

crystal of LCB by EDS and inert gas fusion automatic analysis. The results of the

chemical analysis showed that no significant shift in the substitutional alloying

elements concentration occurred during the growth process, while the content

of interstitial O and N increased. Moreover, no compositional shifts along the

length of the ingot were detected. The influence of the increased O and N content

in the single-crystalline material on phase transformations was studied by DSC

analysis. The comparison of heat flow curves of both LCB and Ti-15Mo showed

that the same set of phase transformations was observed in the single crystals and

in the polycrystalline precursors. This fact implies that the compositional changes

introduced during the single crystal growth process do not have a significant

impact on the ongoing phase transitions in the material. It can be noticed that

the transformation most sensitive to O and N content is the growth of isothermal

ω phase, as the corresponding peaks appear broader and shallower in the material

with higher concentration of interstitials (i.e. in single crystals). On the other

hand, precipitation of the α phase, which manifests itself as a sharp exothermic

peak observed during heating of LCB, is not influenced by the single crystal growth

process. Likewise, no significant changes of the endothermic peak corresponding
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to ω particles dissolution are visible in the DSC curves. It may be therefore

concluded that the single crystal growth by a floating zone method described in

section 3.2 is feasible, and the obtained single crystals are of a high quality, the

phase transformations being acceptably similar to the transitions in the precursor.

4.2 X-ray diffraction (XRD)

XRD was employed in this work to investigate the structure, the lattice parameters,

and the sizes of ω phase particles in LCB alloy. Samples aged at 300 ◦C, 335 ◦C, and

370 ◦C were selected for this measurement. For each sample, pole figures as well

as reciprocal space maps (see section 3.3 for the description of the experimental

setups) were measured at {112}β and {112̄2}ω diffraction maxima. These particular

diffraction maxima were chosen as they have relatively high intensity and do not

overlap with any diffraction from the other phase.

4.2.1 Pole figures

Figures 4.7 and 4.8 show examples of pole figures measured for the solution treated

(ST) sample and the sample aged at 300 ◦C for 256 h, respectively. In the pole

figures measured at {112}β lattice planes (Figs. 4.7(a) and 4.8(a) for ST and aged

sample, respectively), sharp and intense {112}β maxima were identified. These

maxima are denoted by black indices. Apart from the distinct {112}β diffraction

maxima, additional less intensive maxima are observed in the pole figures. These

shallower peaks are diffraction maxima from ω phase with a similar diffraction

angle as the {112}β. If an “ideal” ω (i.e. with lattice parameters according

to Eq. 1.2) is considered, there are three systems of ω diffraction maxima with

the same diffraction angle as {112}β: {123̄1}ω, {101̄2}ω, and {303̄0}ω. Even

though the ω phase is typically not “ideal” in most metastable β titanium alloys,

Eq. 1.2 offers a very good estimation of its actual crystallographic structure. In

combination with a wide angular divergence of the pole figure measurement setup,

this fact allows the diffraction maxima of the ω phase to be detected in the same

pole figure with {112}β maxima.

From the positions of the {112}β peaks in the pole figures, it is possible to

calculate an orientation matrix of the crystallographic axes of the bcc β phase

with respect to the laboratory coordinates. The accuracy of the orientation

matrix depends mainly on the divergence of the primary beam in the pole figure

measurement setup (i.e. ∼ 0.3°, in our case). Using the orientation matrix and

taking into account the topotactic relation between the ω lattice and the β matrix

(Eq. 1.1), the positions of the ω maxima with a diffraction angle similar to that

of {112}β can be predicted, and the observed diffraction maxima in the pole

figures can be indexed. These predicted maxima from each of the four possible

orientations of the ω lattice with respect to the β phase (denoted by superscripts

A, B, C, and D in Figs. 4.7 and 4.8) are consistent with the measured data.

Note that while the diffraction maxima {123̄1}ω and {101̄2}ω are visible in the

39



(a) Measured at {112}β lattice planes. (b) Measured at {112̄2}ω lattice planes.

Figure 4.7: Pole figures of ST sample. Black and red labels denote diffractions

at β and ω lattice planes, respectively. Blue arrows indicate diffraction maxima

which were used in reciprocal space maps in Figs. 4.9 and 4.10.
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Figure 4.8: Pole figures of sample aged at 300 ◦C for 256 h. Black and red labels

denote diffractions at β and ω lattice planes, respectively. Blue arrows indicate

diffraction maxima which were used in reciprocal space maps in Figs. 4.9 and 4.10.

pole figures measured at {112}β lattice planes, Figs. 4.7(a) and 4.8(a), the set of

{303̄0}ω maxima is not observed. This may be caused by the fact that the ω phase

present in the material does not have “ideal” lattice parameters. Consequently,

the diffraction angle of {303̄0}ω is further away from that of {112}β. Another

reason for the absence of the {303̄0}ω diffraction maxima may be their lower

intensity.

The pole figures measured at {112̄2}ω lattice planes are shown in Figs. 4.7(b)

and 4.8(b) for the ST and the aged sample, respectively. As the crystallographic
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orientation of the sample was determined from {112}β pole figures, the positions

of the {112̄2}ω diffraction maxima could also be calculated in the corresponding

pole figures. Apart from the {112̄2}ω maxima, a set of {303̄1}ω maxima is also

visible, since in the case of an “ideal” ω, they have the same diffraction angle as

{112̄2}ω.

From the comparison of the pole figures measured for the ST sample and for

the sample aged at 300 ◦C for 256 h (Figs. 4.7 and 4.8, respectively), it follows

that for the ST sample, the ω peaks have a low intensity. In some cases they

are observed as “clouds” of diffuse intensity rather than distinct maxima. On

the other hand, the ω diffraction maxima in the pole figures for the aged sample

are sharper and more intense. The sharpening and the intensity increase of the

ω maxima for aged samples indicates the growth of ω particles, which will be

discussed later.

The orientations of the pole figures for the ST and the aged sample differ, since

the samples were prepared from different single-crystalline ingots with different

orientations.

4.2.2 Reciprocal space maps

Despite the resolution of the pole figure measurement setup being sufficient for

the demonstration of the topotactic relation between the parent β phase and

ω particles, it was not satisfactory for the determination of the lattice parameters

of both phases and their misfit. Therefore, reciprocal space maps around selected

{112̄2}ω and {112}β diffraction maxima were measured for the ST sample and for

each of the samples aged at 300 ◦C, 335 ◦C, and 370 ◦C. The resulting intensity

maps for the series aged at 300 ◦C are shown in Figs. 4.9 and 4.10 for {112̄2}ω
and {112}β, respectively. The particular diffraction maxima which were used for

reciprocal space map measurements are indicated in the pole figures (Figs. 4.7

and 4.8) by blue arrows. The reciprocal space maps of samples aged at 335 ◦C

and 370 ◦C are shown in the Appendix in Figs. A.1 and A.2 for the {112̄2}ω
maxima and in Figs. A.3 and A.4 for the {112}β peaks. Due to a higher angular

resolution of the reciprocal space map measurement, a more detailed analysis

can be performed, including the determination of the lattice parameters and the

misfits. Moreover, the particle sizes can be estimated in the case of ω phase.

In samples aged at 300 ◦C, reciprocal space maps measured around {112̄2}ω
show broad and diffuse ω maxima, see Fig. 4.9. It can be observed that the

ω maxima get narrower with increasing ageing time, which implies an increasing

ω particle size. Note also the different scales of axes in Fig. 4.9(a), indicating

an even larger width of the ω maximum in the ST sample.

On the other hand, the shape of the diffraction maxima in the {112}β recip-

rocal space maps measured for the ST sample and the samples aged at 300 ◦C

(Fig. 4.10) is quite complicated. The shape is influenced by diffuse scattering

due to ω particles, local distortions of the β matrix, and possibly also by other

structural defects. An elongated narrow streak can be observed in all reciprocal
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Figure 4.9: Reciprocal space maps around {112̄2}ω for (a) ST sample and samples

aged at 300 ◦C for (b) 8 h, (c) 16 h, (d) 32 h, (e) 64 h, (f) 128 h, and (g) 256 h. Black

and red isointensity lines indicate measured data and simulation, respectively.

The step of the contours is 100.2. Note the different scales of axes for the ST

sample (a) and the aged samples (b) – (g) due to the ω maximum being broader

in the ST sample.

space maps, being the most apparent in the ST sample. This feature is a so-called

wavelength streak and points towards the origin of the reciprocal space. It is an

experimental artefact caused by a finite wavelength resolution of the experimental

setup [129]. The broader shallow maximum perpendicular to the wavelength

streak, which is apparent almost only in the ST sample, is probably caused by the

mosaicity of the β matrix. From the comparison of individual {112}β diffraction

peaks in Fig. 4.10 it follows that the shape of the maxima of the aged samples

significantly differs from that of the ST sample. The origin of the complex shape

of the diffuse scattering around {112}β diffraction maxima will be discussed later.

From the positions of the {112̄2}ω diffraction maxima in the Q‖Qz plane in the

reciprocal space and knowing the orientation matrix (determined from the {112}β
pole figures), the lattice parameters of the ω phase can be determined. Similarly,
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Figure 4.10: Reciprocal space maps around {112}β for (a) ST sample and samples

aged at 300 ◦C for (b) 8 h, (c) 16 h, (d) 32 h, (e) 64 h, (f) 128 h, and (g) 256 h.

The step of the isointensity contours is 100.2.

the lattice parameter aβ can be calculated from the position of the {112}β maxima

in the Q‖Qz plane. Since the aβ lattice parameter can be calculated directly from

the length of the reciprocal lattice vector and the orientation matrix does not

need to be employed, the aβ is determined with a better accuracy. The lattice

parameters of both the ω and the β phase are shown in Fig. 4.11(a) – (c).

It can be observed that the lattice parameters of both the β matrix and the

ω phase determined for the ageing temperature of 300 ◦C decrease with ageing

time. The most rapid drop in the values of the lattice parameters is observed

in early stages of ageing. The decline in the β phase parameter during ageing

can be explained by an outward diffusion of β stabilizing elements (Mo and Fe)

from ω particles into the β matrix. Mo and Fe have a smaller atomic radius than

Ti [130] and are known to reduce the lattice parameter of the bcc β phase [40,131].

At the ageing temperature of 335 ◦C, the aω lattice parameter (Fig. 4.11(a))

is actually higher than that of the ST sample. The increasing ageing time has

only a weak effect on aω, the value of the lattice parameter being almost constant.
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Figure 4.11: Ageing time dependence of lattice parameters of (a) aω, (b) cω,

and (c) aβ. Figures (d), (e), and (f) show evolution of components of lattice

misfit for ageing temperatures of 300 ◦C, 335 ◦C, and 370 ◦C, respectively. Black

symbols denote the ST sample, and coloured symbols represent aged samples; the

corresponding ageing temperature is indicated in the figures.

The lattice parameter cω in samples aged at 335 ◦C (Fig. 4.11(b)) is also slightly

higher than that of the ST sample, and no clear ageing time dependence can be

observed. The lattice parameter of the β matrix, aβ (Fig. 4.11(c)), determined

for the temperature of 335 ◦C is higher than that found for ageing at 300 ◦C. The

aβ parameter does not significantly change with increasing ageing time at 335 ◦C.

At the highest studied ageing temperature, 370 ◦C, the values of the lattice

parameters of the ω and β phases are similar to the values obtained for the ageing

temperature of 335 ◦C, exhibiting a slightly increasing tendency with increasing

ageing time.

The knowledge of the lattice parameters allows the determination of the
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components of the misfit between β and ω lattices. The lattice misfit, i.e. the

relative differences fa, fc of the lattice parameters aω and cω from their ideal

values (a
(id)
ω and c

(id)
ω ) according to Eq. 1.2, is defined as

fa = (aω − a(id)
ω )/a(id)

ω ,

fc = (cω − c(id)
ω )/c(id)

ω .

Since the lattice parameters aω and cω were determined using a less precise

orientation matrix, the accuracy of the lattice misfit components fa and fc is also

limited. Nevertheless, the position of the ω diffraction maximum in the Q‖Qz

plane can be determined with a relatively good accuracy. Subsequently, the length

of the diffraction vector hω of the ω maximum can be calculated. From its value

a component of the misfit tensor

fh = −(|hω| − |h(id)
ω |)/|h(id)

ω |

can be determined. Since the orientation matrix was not employed, a better

accuracy is reached for the misfit component fh than for fa and fc. From the

geometry of the ω lattice it follows that fh = (3fa+8fc)/11 for {112̄2}ω diffraction

maxima.

The ageing time dependence of all three misfit components fa, fc, and fh is

plotted in Figs. 4.11(d), 4.11(e), and 4.11(f) for the ageing temperatures of 300 ◦C,

335 ◦C, and 370 ◦C, respectively. The misfit is positive for all samples at all studied

temperatures, i.e. the ω lattice constants aω and cω are larger than their ideal

values given by Eq. 1.2. The positive lattice misfit also implies that the β phase is

locally deformed in compression around ω particles. The largest misfit is observed

in the ST sample, while its values are smaller in all aged samples. The reason for

the high positive misfit observed prior to ageing (i.e. in the solution treated and

water quenched condition) is not clear. However, it may be argued that after the

rapid cooling, ω transformation might be only partial in terms of structural and

compositional stability of ω particles, as suggested in [40].

A slightly decreasing tendency of the misfit values is observed during ageing at

300 ◦C, Fig. 4.11(d). The decrease of the misfit can be caused by stabilization of

the ω structure during ageing. Another mechanism which may reduce the misfit

during ageing may be related to plastic deformation of ω particles, giving rise

to structural defects (e.g. dislocations, stacking faults), which could release the

positive misfit. Note that the decreasing misfit implies that the ω phase lattice

parameters decrease more rapidly than aβ.

At 335 ◦C, the misfit values are nearly constant with increasing ageing time,

Fig. 4.11(e), while the misfit slightly increases during ageing at 370 ◦C, Fig. 4.11(f).

The reason for this different behaviour is unknown. However, it may be argued

that the evolution of ω phase particles differs between the temperatures, possibly

due to their different thermodynamic and structural stability at each ageing

temperature.

Let us now focus on a more detailed analysis of the coplanar maps around

{112̄2}ω diffraction maxima. From the size and shape of the maxima, the mean size
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of ω particles can be estimated according to the theory of diffuse scattering [132,

133]. The intensity diffusely scattered into a point Q = h+ q can be expressed as

Ih(Q) = AN |Φh(q)|2 , (4.1)

where Q = Kf −Ki is the scattering vector (i.e. the difference of the scattered

and the incident beam wave vectors), h is the diffraction vector (i.e. the vector of

the reciprocal lattice), and q is the deviation from the Bragg reflection (|q| � |h|).
A is a constant which contains instrumental parameters such as the intensity of

the primary beam, N is the number of ω particles irradiated by the primary beam,

and

Φh(q) =

∫
V

d3re−iq.r
{[
F β
h Ω̃(r) + F ω

h Ω(r)
]

e−ih.u(r) − F β
h

}
(4.2)

is the structure factor at a given point q in the reciprocal space. F β
h and F ω

h

are the structure factors of the β and the ω unit cells in diffraction maximum

h, respectively. Ω(r) is the shape function of an inclusion (i.e. Ω(r) = 1 in the

particle and Ω(r) = 0 outside), and Ω̃(r) = 1− Ω(r). u(r) is the displacement

vector of an atom (whose location is given by the position vector r) due to the

presence of an ω inclusion with its centre in the origin (r = 0).

For the diffusely scattered intensity around an ω maximum, we assume that

the structure factor of the β unit cell is zero (F β
h = 0), i.e. the β lattice does not

diffract in the considered reciprocal space region. Consequently, Eq. 4.1 can be

rewritten as

Ih(Q) = AN |F ω
h |2
∣∣ΩFT(qdef)

∣∣2 , (4.3)

where ΩFT(q) is a Fourier transform of the shape function Ω(r) of an ω inclusion:

ΩFT
n (q) =

∫
d3rΩ(r)e−iq.r.

Further, qdef = Q−hdef is the position vector in the reciprocal space with respect

to the reciprocal lattice vector hdef = h − ε̂h of the deformed lattice of the

inclusion. ε̂ is a strain tensor which is assumed to be constant in the ω particle

volume. In a conveniently chosen coordinate system with one axis parallel to the

c direction in the ω phase (i.e. [0001]ω ‖ [111]β), it is expressed as a diagonal

matrix

ε̂ =


fa 0 0

0 fa 0

0 0 fc

 , (4.4)

containing the components fa and fc of the lattice misfit. Details of the derivation

of the diffusely scattered intensity can be found in our work [134].

Using a simulation of the diffuse scattering around the ω maxima in the

reciprocal space maps according Eq. 4.3, the mean size of ω particles was estimated.

The comparison of the measured data and the fit of diffusely scattered intensity

is shown in Fig. 4.9 for the ST sample and the samples aged at 300 ◦C; and

in the Appendix in Figs. A.1 and A.2 for samples aged at 335 ◦C and 370 ◦C,
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respectively. In the simulation, the shape of an uniaxial ellipsoid was assumed

for ω particles, the mean radii Ra and Rc being perpendicular and parallel to

[0001]ω, respectively. A statistical distribution of ω particle sizes was taken into

account using a gamma distribution with the order m, the root mean square (rms)

dispersion of the radius being σR = R/
√
m. The results of the fitting were not

very sensitive to the value of m and the obtained radii values were nearly the

same for m within the interval of m ∈ (5, 20). Therefore, m = 10 was selected

and used for the fitting of all {112̄2}ω reciprocal space maps. The determination

of ω particle sizes can be influenced also by strain inhomogeneities in the volume

of ω particles, while in the simulation, the strain in ω inclusions was assumed

constant. Since strain inhomogeneities generally broaden diffraction maxima,

the calculated ω particle sizes can be interpreted as lower limits. The radii of

ω particles determined from the fit are plotted in Fig. 4.12(a). It can be observed

that before ageing (i.e. in the ST sample), ω particles are very small and they are

elongated in the c direction (i.e. along [0001]ω ‖ [111]β). The elongation direction

is consistent with literature [30, 56, 135]. During ageing at 300 ◦C, the size of

ω particles increases, while their shape becomes more spherical, i.e. Ra and Rc are

almost the same within the error limits. The dependence of the radii on the ageing

time was found to obey a t1/3 rule (t is the ageing time), indicated by a curve

in Fig. 4.12(a). This type of growth behaviour was first described by Lifshitz,

Slyozov and Wagner (LSW model) [136,137] and confirmed both experimentally

and theoretically in a number of systems [42, 138–142]. The t1/3 law holds for

a diffusion controlled growth of precipitates under the influence of the interface

energy between the particles and the matrix. At 335 ◦C, the size of ω particles

also increases with ageing time as ∼ t1/3. However, the elongation of the particles

in the c direction is somewhat more preserved (cf. the shape of the ω maxima in

Fig. 4.9 and Fig. A.1). In the samples aged at the highest temperature, 370 ◦C,

the evolution of ω particle sizes is completely different. In early stages of ageing

at this temperature, ω particles are large, while their size gradually decreases with

ageing time. Moreover, the difference of the Ra and Rc radii slightly increases

(see Fig. A.2 in the Appendix which clearly shows that the ω maxima increase in

width and elongate). From the LSW theory it follows that if the particles reach

a critical size, the elastic interaction between the particles prevents their further

growth [42, 143]. During ageing of LCB at 300 ◦C and 335 ◦C, the stabilization

of the ω particle growth was not reached. However, an anomalous behaviour of

the ω particle sizes in samples aged at 370 ◦C suggests that the critical size was

reached. Moreover, a gradual decrease of their size is observed with increasing

ageing time.

Furthermore, the number of ω particles, their total volume in the irradiated

sample volume, and the ageing time dependence of these parameters were estimated.

The integrated intensity of an ω maximum around a reciprocal lattice point defined

by a diffraction vector h can be written as:

Jh =

∫
d3QIh(Q).
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Figure 4.12: Ageing time dependence of (a) ω particle radii, (b) number, and

(c) volume of ω particles on ageing time. Black symbols denote the ST sample, and

coloured symbols represent aged samples; the corresponding ageing temperature

is indicated in individual figures.

From Eq. 4.3 it follows that the integrated intensity may be expressed as

Jh = A|F ω
h |2NVincl, (4.5)

where Vincl is the mean volume of an ω particle and NVincl is the total volume of

N inclusions irradiated by the X-ray beam. Subsequently, the number of ω particles

is proportional to Jh/(R
2
aRc). The evolution of the number of ω particles (N)

with ageing time is shown in Fig. 4.12(b). The largest number of ω particles

was observed in the ST sample. The decreased number of ω particles in the

aged samples probably corresponds to minimization of the total interface energy

between ω particles and the β matrix in early stages of ageing treatment. During

ageing at 300 ◦C and 335 ◦C, the number of ω particles obeys roughly a N ∼ 1/t

dependence (indicated by curves in Fig. 4.12(b)), which is consistent with the

LSW theory [136, 137]. However, the number of ω particles determined for the

highest ageing temperature (370 ◦C) does not fulfil the ∼ 1/t dependence, as it is

nearly independent of time.

The dependence of the total volume of ω particles on ageing time is shown in

Fig. 4.12(c). The total volume of ω particles in the irradiated sample volume is

directly proportional to the integrated intensity of the corresponding ω diffraction

maximum (see Eq. 4.5). Since NVincl ∼ NR2
aRc, and Ra,c ∼ t1/3 and N ∼ 1/t

according to the LSW theory, the total volume of the irradiated particles should be
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time independent. However, at the temperature of 300 ◦C, an increasing tendency

of the volume of ω particles can be observed in the first few hours of ageing.

Subsequently, the total volume of irradiated particles stabilizes. At the two higher

ageing temperatures, 335 ◦C and 370 ◦C, the scatter of the obtained values is

quite large, nevertheless, it can be argued that the volume of ω particles is nearly

constant within the error limits.

From the analysis of the ω particle evolution it may be concluded that the

growth at 300 ◦C and 335 ◦C obeys the LSW model, while the ω particle evolution

at 370 ◦C is anomalous. This fact may be caused either by a lower thermodynamic

stability of the ω phase at this temperature, or by an initiation of α phase

nucleation, which disrupts the elastic interactions between ω particles, resulting

in a decrease in their size and their lower number.

Let us now proceed to the explanation of the complicated shape of the diffuse

scattering around {112}β maxima. A simulation according to the procedure

described in detail in our work [134] was performed. The diffuse scattering occurs

due to ω particles present in the material, in particular in the following ways.

Firstly, since ω particles do not diffract into the region of the reciprocal space close

to the β maximum, they act as empty holes and give rise to diffuse scattering.

Secondly, the diffuse scattering arises from the elastic deformation fields around

ω inclusions. Both components are superimposed coherently, see Eq. 4.1 and 4.2.

As the ω lattice is assumed not to diffract near the β maximum, the structure

factor of the ω unit cell in Eq. 4.2 is zero (F ω
h = 0). Therefore, Eq. 4.2 is simplified

to

Φh(q) = F β
h

∫
V

d3re−iq.r
[
Ω̃(r)e−ih.u(r) − 1

]
. (4.6)

The displacement field u(r) around an ω inclusion can be calculated from a stan-

dard linear elasticity theory, taking into account the elastic anisotropy of the

matrix. In this approach, the Fourier transform of the displacement field is

expressed as

uFT(k) = iΩFT(k)(Ĝ)−1P̂k,

where Ĝ is a tensor containing the elastic constants of the β matrix and the

coordinates of a reciprocal space vector k. P̂ is a tensor containing unknown

elastic constants of the ω phase and its relaxed (free-standing) lattice parameters.

In the simulation, it was also assumed that all four possible crystallographic

orientations of the ω lattice with respect to the β matrix contribute equally

to the diffuse scattering. The elastic constants of the β phase were adopted

from [144]. The results of the simulation are shown in Fig. 4.13, the inputs being

the ω inclusion sizes (Ra, Rc) and the misfit components fa and fc as determined

from the {112̄2}ω reciprocal space maps for the ST sample, Fig. 4.13(a), and for

samples aged at 300 ◦C for 8 h and 256 h, Figs. 4.13(b) and 4.13(c), respectively.

From the comparison of the measured and the simulated reciprocal space

maps around {112}β diffraction maxima (Figs. 4.10 and 4.13, respectively), it

follows that the simulation may in principle qualitatively explain the shape of

β diffraction peaks by elastic deformation of the β matrix due to the presence
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Figure 4.13: Simulated reciprocal space maps around {112}β diffraction maxima.

The diffuse scattering was simulated using ω particle size and misfit values for

(a) ST sample and samples aged at 300 ◦C for (b) 8 h and (c) 256 h.

of ω particles. Even though other factors contributing to the diffuse scattering

(such as dislocations, stacking faults, etc.) were not included in the simulation,

the similarity between the simulated and the measured intensity for the aged

samples (cf. Fig. 4.13(b) and 4.13(c) with the corresponding measured reciprocal

space maps in Fig. 4.10) implies that the diffuse scattering due to ω particles

is the most important factor, at least for aged samples. The simulated diffuse

scattering pattern for the ST sample, Fig. 4.13(a), is symmetric due to the fact

that ω particles in the water-quenched condition are very small. Consequently,

the deformation field u(r) around them is very weak. Therefore, the term in the

square brackets in Eq. 4.6 can be approximated as

e−ih.u(r) − 1 ≈ −ih.u(r)

(note that Ω̃(r) is either 1 in the β matrix or 0 in the ω particle). Since

uFT(−q) = −uFT(q)

and

Ih(h + q) ∼ |uFT(q)|2,

the following relation is valid, and the resulting diffuse scattering pattern is

symmetric:

Ih(h + q) = Ih(h− q).

In the {112}β reciprocal space map measured for the ST sample, see Fig. 4.10(a),

the intensity does not appear symmetric due to the wavelength streak and mosaicity

effects which are much stronger than the weak diffuse scattering and overlap it

completely.

4.2.3 Summary of XRD results

Single crystals of LCB titanium alloy aged at 300 ◦C were studied by XRD

techniques of pole figure measurement and reciprocal space mapping with the
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focus on diffraction maxima {112̄2}ω and {112}β. The pole figure measurement

at {112}β lattice planes allowed the determination of the orientation matrix of

the crystallographic axes of the bcc β lattice with respect to the laboratory

coordinates. Knowing the orientation matrix and employing the crystallographic

relationship between the ω and the β structures, diffraction maxima observed in

the pole figures were indexed. Subsequently, coplanar reciprocal space maps were

measured around selected {112̄2}ω and {112}β diffraction peaks. The analysis of

the reciprocal space maps yielded the lattice parameters of the ω phase and the

β matrix as well as the lattice misfit of the two structures. It was shown that the

misfit is positive in all studied samples (i.e. the lattice parameters of the ω phase

are larger than their “ideal” values). Furthermore, the evolution of size, number,

and volume of ω particles was estimated from the {112̄2}ω reciprocal space maps.

It was found that the growth of ω particles at 300 ◦C and 335 ◦C obeys a t1/3

law, while the number of ω inclusions decreases with ageing time as 1/t. These

results are consistent with the LSW model [136, 137]. On the other hand, the

evolution of ω particles at 370 ◦C is anomalous, as their size decreases with ageing

time, and the total number of irradiated particles is very low and almost constant.

Finally, the complex shape of the reciprocal space maps measured around {112̄2}β
maxima was simulated, and it was concluded that the diffuse scattering due to the

presence of ω particles and deformation fields they induce is the main contribution

to the observed intensity patterns.

4.3 Small-angle X-ray scattering (SAXS)

SAXS was employed in this study to investigate the evolution of sizes and spatial

arrangement of ω particles in selected metastable β titanium alloys. Two sets

of SAXS experiments were performed. The first one was carried out ex situ at

a series of LCB single-crystalline samples pre-aged at temperatures of ω phase

formation. The second SAXS experiment was carried out in situ during isothermal

ageing on single crystals of both studied alloys (LCB and Ti-15Mo). While the

ex situ experiment provided an insight into the self-ordering of ω particles, the

in situ measurement allowed the determination of the kinetics of ω particle growth

and the estimation of the diffusion coefficients.

4.3.1 Ex situ SAXS

Ex situ SAXS was measured at a series of LCB samples aged at 300 ◦C, 335 ◦C,

and 370 ◦C for ageing times ranging from 2 h to 256 h. The SAXS experiments

were performed at a dedicated beamline at APS, see section 3.4 for details. Since

the orientation of the aged samples was known (determined by the Laue method),

it was possible to tilt the samples in such a way that they were aligned in

a certain crystallographic orientation with respect to the primary X-ray beam.

The orientations in which all samples were measured were [001]β, [110]β, and

[111]β being parallel to the X-ray beam.
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Figure 4.14: SAXS patterns measured for samples aged at 300 ◦C; ageing time in

hours is indicated in the upper left corner of each figure. The primary X-ray beam

direction was parallel to [001]β. Dashed lines indicate the regions from which the

intensities in Figs. 4.18 and 4.19 were extracted. The colour scale is logarithmic

and corresponds to two decades.

Fig. 4.14 shows the scattered intensity distribution for samples aged at 300 ◦C

for 8 – 256 h measured in the orientation of [001]β direction being parallel to the

beam, i.e. the (001)β plane being parallel with the detector plane. The arrow

in the bottom right image denotes the [100]β crystallographic direction. The

scattered intensity patterns in the (001)β orientation exhibit four distinct side

maxima in the directions [100]β and [010]β. The existence of these peaks is related

to a more or less regular spacing between ω particles. With increasing ageing time,

the maxima shift closer to the origin of the reciprocal space, and they get sharper

and narrower. This evolution is related to an increase in the mean interparticle

distance L0 and to an increase in the particle size.

Fig. 4.15 displays a comparison of SAXS patterns for different crystallographic

orientations of the sample aged at 300 ◦C for 256 h with respect to the primary

beam. It can be observed that the symmetry of the SAXS patterns changes

fundamentally with the sample orientation. While a four-fold symmetry is found

in the (001)β orientation, a two-fold and a six-fold symmetries are observed in the

(110)β and the (111)β orientations, respectively. This behaviour implies a spatial

ordering of ω particles along 〈100〉β directions in the bcc β matrix.

SAXS intensity maps measured for samples aged at 335 ◦C (Fig. 4.16) are

quite similar to those obtained for samples aged at 300 ◦C. However, at a given
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ageing time, the patterns for samples measured at the higher temperature exhibit

sharper maxima positioned closer to the origin of the reciprocal space. This fact

indicates that larger and more distant ω particles are present in specimens aged

at 335 ◦C as compared to those aged at 300 ◦C.

SAXS patterns for samples aged at 370 ◦C are shown in Fig. 4.17. At the first

glance, it is obvious that their appearance differs from the patterns obtained for

samples aged at the two lower temperatures, cf. Fig. 4.17 with Figs. 4.14 and 4.16.

At 370 ◦C, the observed SAXS patterns exhibit very sharp side maxima for all

studied ageing temperatures. The pattern of the sample aged for the shortest

time (2 h) clearly shows second-order maxima, while at longer ageing times, broad

shoulders of the peaks can be observed.

Scaling analysis

For a number of alloy systems, it has been found that the measured SAS intensities

I(Q, t) superimpose after a normalization by the position and the height of the

scattering peak. This behaviour was explained by a self-similar coarsening of the

precipitates during which the size and the distance between particles increase at

the same rate. The self-similarity of the SAS intensity function I(Q, t) can be
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expressed as:

I(Q, t) = Imax(t)F (Q/Qmax(t)), (4.7)

where the intensity I instead of the differential scattering cross-section dσ
dΩ

is used

for simplicity, since I can be converted to dσ
dΩ

with a proper calibration, and vice

versa (see Eq. 3.2). Q is the scattering vector length given by Eq. 3.1, t is time,

F is a time-independent scaling function, and Qmax is the position of the measured

intensity maximum [42,64,79,145,146].
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Figure 4.18: Intensity profiles across SAXS maxima normalized to the same height

and position for samples aged at (a) 300 ◦C, (b) 335 ◦C, and (c) 370 ◦C. The line

profiles were extracted along the directions indicated in Figs. 4.14, 4.16, and 4.17

by dashed lines. The red arrow in image (c) points out a second-order maximum

observed in the SAXS pattern.

The validity of the scaling law in Eq. 4.7 was tested also for the data obtained

in our SAXS experiment. The line scans across scattering maxima for all measured

samples were rescaled to the same position and height of the intensity maximum.

The result is plotted in Fig. 4.18. It can be seen that for the two lower ageing

temperatures (300 ◦C and 335 ◦C, see Fig. 4.18(a) and 4.18(b), respectively) the

scaling law is valid. The large spread of the scaled intensity values at higher

Q/Qmax may be attributed to high noise levels due to background subtraction.

However, the scaled line profiles for samples aged at 370 ◦C, Fig. 4.18(c), exhibit

more obvious deviations from the scaling law. Most importantly, a distinct

second-order scattering maximum is observed in the line scan for the sample aged

for 2 h (denoted by a red arrow in Fig. 4.18). The presence of the second-order

maximum indicates a better ordering of ω particles and/or a smaller deviation

of their sizes. With increasing ageing time, the second-order maximum becomes

gradually less pronounced, being observed only as a shoulder of the primary

scattering peak.

Short-range order model of particle ordering

As it was mentioned previously, the character of the SAXS maps (i.e. the distinct

side maxima whose symmetry changes with orientation of the sample) corresponds
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to a spatial ordering of ω scatterers along 〈100〉β directions in the bcc β matrix.

This statement will be confirmed by fitting the scattered intensity by a short-range

order (SRO) model.

The signal measured by a single pixel of a two-dimensional detector in a SAXS

experiment is given by Eq. 3.2. The differential scattering cross-section (i.e. the

absolute intensity) can be simulated using a standard approach which includes the

kinematic approximation (i.e. multiple scattering from ω particles is neglected)

and the far-field limit [147]. The formula for the differential scattering cross-section

can be written as:

dσ

dΩ
=
K4

4π2
|∆n|2

〈∑
n

∑
m

ΩFT
n (Q)ΩFT∗

m (Q)e−iQ.(rn−rm)

〉
, (4.8)

where K = 2π
λ

is the wave vector length, the asterisk denotes a complex conjugate,

and ∆n is the difference of the refractive indices of the particle and the matrix.

The refractive index is proportional to the electron density, which is determined

by the chemical composition and by the specific volume per atom (i.e. a quantity

affected by elastic deformation of the lattice and by structure defects). The

difference in the refractive indices is, in our case, caused by different compositions

of ω particles and the β matrix due to an outward diffusion of alloying elements

accompanying ω particle growth. In the following, both refractive indices are

assumed homogeneous within the respective phase. ΩFT
n (Q) in Eq. 4.8 is the

Fourier transform of the shape function of the n-th ω particle:

ΩFT
n (Q) =

∫
d3rΩn(r)e−iQ.r. (4.9)

The shape function Ωn(r) is unity inside and zero outside the ω particle; rn and

rm in Eq. 4.8 are the position vectors of n-th and m-th ω particle, respectively.

The double sum
∑

n

∑
m is over all ω particles in the irradiated sample volume,

and the averaging 〈〉 is performed over random positions and sizes of ω particles.

In the following, the local monodisperse approximation (LMA) will be employed.

This approach introduced by Pedersen [148] assumes that the irradiated sample

volume consists of monodisperse domains, each domain containing particles of

a given size and a given distance to neighbouring particles. The differential

scattering cross-section in this approximation then reads:

dσ

dΩ
=
K4

4π2
|∆n|2

〈∣∣ΩFT
R (Q)

∣∣2GR(Q)
〉

sizes
, (4.10)

where GR(Q) denotes the correlation function of the positions of the particles

with a given radius R:

GR(Q) =

〈∑
n

∑
m

e−iQ.(rn−rm)

〉
positions

.

It will be further assumed that the position of a given particle is influenced only

by particles in the few nearest coordination shells. Therefore, the ordering of
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ω particles can be described by the SRO model. In this approach, random distances

with a given statistical distribution are assumed between two neighbouring particles.

Since a cubic ordering of ω particles can be expected from the symmetries of SAXS

patterns, the three-dimensional correlation function GR(Q) can be written as

a product of three one-dimensional correlation functions, as described in [149]. If

a large number N of coherently irradiated particles is assumed, the one-dimensional

correlation function in the limit of N →∞ can be formulated [150]:

G
(1)
R (Q)→ N

[
1 + 2Re

(
ξ(Q)

1− ξ(Q)

)]
.

Re denotes the real part and

ξ(Q) =
〈
e−iQ.L

〉
, (4.11)

where L is a random vector connecting the centres of neighbouring particles

belonging to the same one-dimensional chain.

The three-dimensional correlation function is then a direct product of three

one-dimensional correlation functions along directions parallel to the axes of the

cubic array of ω particles. Since the coordinate Q of the intensity profiles is

parallel to one of the axes of the ω particle cubic array (i.e. it is parallel to the

[100]β direction as indicated in Figs. 4.14, 4.16, and 4.17 by dashed lines), and

the two remaining coordinates are nearly zero (i.e. the Ewald sphere curvature is

neglected), the resulting three-dimensional correlation function can be written as

GR(Q, 0, 0) = N‖N
2
⊥

(
σL
L0

)4 [
1 + 2Re

(
ξ(Q)

1− ξ(Q)

)]
, (4.12)

where the limiting value N
(
σL
L0

)2

of the correlation function for Q → 0 was

used. N‖ and N⊥ denote the numbers of coherently irradiated ω particles in the

directions parallel and perpendicular to the X-ray beam, respectively. L0 denotes

the mean interparticle distance, and σL is its rms deviation. The total number of

irradiated ω particles (i.e. the product of their numbers in three perpendicular

directions) is inversely proportional to the distance between the particles L0:

N‖N
2
⊥ =

V

L0

,

where V is the irradiated sample volume.

In the simulation, the following assumptions were made:

• ω particles are spherical (which is a good approximation given the results of

the XRD measurements in section 4.2, Fig. 4.12(a)).

• ω particles do not intersect. Therefore, the averaging in Eq. 4.11 is done

for all L fulfilling the condition |L| > 2R, R being a random particle

radius which is constant during the averaging over L. More precisely,

a truncated normal distribution of vectors L was assumed, having a mean

value L0 = 〈|L|〉 and a rms deviation σL.
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• The particle radii R have a Gamma distribution with a mean value R0 and

a rms deviation σR.

• The particle radii R and the interparticle distances L are proportional,

L0 = χR0. Consequently, the averaging in Eq. 4.10 is performed numerically

by integrating over R, while χ is kept constant.

From the SAXS maps measured in the (001)β orientation, intensity line scans

were extracted along the [100]β direction (indicated by dashed lines in Figs. 4.14,

4.16, and 4.17) and fitted with the SRO model. The comparison of the experimental

data and the fitted curves is shown in Fig. 4.19. It can be seen that the theoretical

model yields scattering curves which correspond well to the measured data.

However, slight discrepancies between the measured and the fitted intensity are

apparent for small values of the reciprocal coordinate Q. Namely, the measured

intensity exhibits a deeper minima. This is most likely due to the fact that it is

not possible to fully interpret the experimental data by the SRO model, since in

the model, the position of a given particle is affected only by the neighbouring

particles. Nevertheless, the interparticle interaction may be long-range, and the

position of a given particle may be influenced also by more distant particles.

Another reason for the discrepancy at small Q might be a diffuse nature of the

ω/β interface, the one structure changing to the other gradually without a sharp

interface as it was assumed in the model.

Fig. 4.20 shows a detail of the measured and the fitted intensities for the

sample aged at 300 ◦C for 8 h. In this figure, the contributions of the particle

shape function |ΩFT(Q)|2 and the correlation function GR(Q) are plotted with

a dotted and a dashed line, respectively. It follows from the figure that the shape

function shifts the maxima of the correlation function closer to the origin of the

reciprocal space. Therefore, the determination of the mean interparticle distance

from the relation L0 = 2π/Qmax would be misleading, yielding slightly larger

values of L0.

Parameters of ω particle ordering obtained from fitting the SRO model to

the experimental data are shown in Fig. 4.21. Fig. 4.21(a) presents the radii

of ω particles in samples aged at 300 ◦C, 335 ◦C, and 370 ◦C. These results

are compared with the mean particle sizes obtained in the X-ray diffraction

experiments, as discussed in section 4.2 (denoted by empty symbols in Fig. 4.21(a)).

It can be seen that the evolution of the ω particle size determined from the SAXS

and XRD analysis is strikingly similar. Analogous to the XRD results, the

ω particle sizes determined by SAXS obey the ∼ t1/3 dependence during ageing

at 300 ◦C and 335 ◦C. On the other hand, the particle sizes at the highest ageing

temperature exhibit a slightly decreasing tendency.

Fig. 4.21(b) shows the time dependence of the mean distance between ω par-

ticles determined from SAXS. As in Fig. 4.21(a), the mean distances obtained

for the two lower temperatures obey the t1/3 law following from the LSW theory.

However, no such dependence is observed for the highest ageing temperature,

370 ◦C.
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Figure 4.19: Comparison of measured intensity profiles (grey dots) and their fits

using an SRO model (blue lines) for samples aged at (a) 300 ◦C, (b) 335 ◦C, and

(c) 370 ◦C. Intensity profiles are shifted vertically for clarity; ageing time increases

from bottom to top.
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Figure 4.20: Intensity profile for sample aged at 300 ◦C for 8 h, comparing measured

data and fit. Grey dots indicate the experimental data, the blue solid line denotes

the fit. The contributions of the ω particle shape function and the correlation

function are indicated by a dotted and a dashed line, respectively.

Fig. 4.21(c) presents the evolution of relative rms deviation of the mean sizes

of ω particles (σR/R0) with ageing temperature and time. It can be seen that the

relative rms deviations for 330 ◦C and 335 ◦C are comparable for both temperatures

and almost independent of t. On the other hand, the relative rms deviation at

370 ◦C is the lowest for the sample aged for 2 h. During ageing, the value of the

relative rms deviation increases, implying an increase in the width of the particle

size distribution.

The time and temperature dependence of the relative rms deviation of particle

distances (σL/L0) is shown in Fig. 4.21(d). The value of this parameter does

not change significantly during ageing at 300 ◦C and 335 ◦C. The results for the
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Figure 4.21: Parameters of ω particles determined from fitting SAXS data:

(a) mean particle radii, (b) mean particle distances, and relative rms devia-

tions of (c) particle sizes and (d) particle distances. Figure (e) demonstrates the

proportionality of the mean particle distances and sizes.

highest temperature of 370 ◦C show a slight decrease of the relative rms deviation

with increasing ageing time, however, the errors of these values are quite large.

From the comparison of the relative rms deviations of both the particle sizes and

the distances determined for samples aged at 370 ◦C, it can be concluded that

the second-order maxima observed in Fig. 4.18(c) may be attributed to the form

factor of a single particle rather than to the correlation function of the positions

of the particles. Note that the relative rms deviations are quite large, thus the

array of the ω particles is rather “disordered”.

Fig. 4.21(e) demonstrates the scaling behaviour between the mean interparticle

distances L0 and the mean particle sizes R0 determined from SAXS analysis. It is

apparent that these two quantities obey an approximate dependence L0 ≈ 2.2×R0.

Finally, the fitting of the SRO model allowed the determination of the contrast

|∆n| of the refractive indices between ω particles and the β matrix, appearing in

the pre-factor in Eq. 4.10. The difference in the refractive indices is proportional
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to the contrast in the electron densities |∆ρel| of the particles and the matrix:

|∆n| = −λ
2rel

2π
∆ρel,

where rel is the classical electron radius. Fig. 4.22 shows the contrast of electron

densities relative to the nominal electron density of the material calculated from

table 4.1 and its variation with ageing temperature and time. It is apparent that

the electron density contrast increases during ageing at all studied temperatures.

The values obtained for ageing temperatures of 300 ◦C and 335 ◦C are around 10 %

of the nominal value. This result can be explained by the chemical composition of

ω particles differing by several at. % of the alloying elements (Mo, Fe, and Al) from

the β matrix. The increasing tendency of the contrast of the electron densities

is consistent with the fact that ω particles reject alloying elements from their

volume to the surrounding β matrix. Note that the actual chemical composition

of ω particles cannot be determined from the SAXS data. On the other hand, the

high values of |∆ρel| for the ageing temperature of 370 ◦C obtained from the fit

are too high to be explained by any physically relevant process.

As it was mentioned before, the discrepancies of the parameters determined

from SAXS measured for 370 ◦C might arise from a reversion of the ω structure

back into the β matrix and from precipitation of a thermodynamically more stable

α phase. Particles of the α phase exhibit a plate-like shape with the habit plane

(i.e. the broad face of the platelet) parallel to {111}β [151, 152]. Such platelets

give rise to streaks along 〈111〉β directions in SAXS patterns [56, 153]. These

streaks should be visible in the (110)β orientation of the SAXS map, since the

(110)β plane contains two of the 〈111〉β directions. Fig. 4.23 shows a comparison of

(110)β-oriented SAXS intensity maps for samples aged for the longest time at each

of the studied temperatures. Streaks in the {111}β directions are clearly visible in

the SAXS pattern measured for the sample aged for 32 h at 370 ◦C, Fig. 4.23(c),
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Figure 4.23: SAXS intensity maps in (110)β orientation for samples aged for the

longest time at (a) 300 ◦C, (b) 335 ◦C, and 370 ◦C. Streaks in the 〈111〉β directions

are visible in the SAXS pattern measured for the sample aged at 370 ◦C for 32 h,

corresponding to the presence of plate-like α precipitates.

implying the presence of α precipitates in the material. In the model used for

fitting the SAXS intensity profiles, α platelets were not included. However, the

scattered intensity due to the presence of α particles influences the fitting results,

especially for low Q values. Consequently, the parameters determined for the

highest ageing temperature, 370 ◦C, are less reliable, which is the most noticeably

demonstrated in the determination of the |∆ρel| values in Fig. 4.22. The contrast

of the electron densities |∆ρel| for 370 ◦C is strongly overestimated, since the fit

ascribed the scattered intensity to ω particles only, while also α phase contributed

to the measured SAXS intensity.

Driving force of the ordering

In the following, a more physically relevant explanation of the ω particle ordering

will be presented. It will be shown that the driving force of the ordering is related

to minimization of elastic interaction energy of ω particles. In section 4.2 it was

demonstrated that the β lattice is locally elastically deformed around ω particles

due to a lattice misfit between the β and ω structures. Since the bcc β lattice

is highly elastically anisotropic, the deformation field around a particle is also

anisotropic. The interaction energy of a particle pair can be expressed as [154–156]:

Eint = −
∫

Ω(B)

d3rσ̂
(A)
jk (r)ε̂

(B)
0jk(r), j, k = x, y, z. (4.13)

The integration is performed over the volume Ω(B) of particle B, σ̂(A) is the stress

tensor in the matrix in the points belonging to Ω(B) induced by particle A. ε̂
(B)
0 is

a strain tensor expressing the lattice misfit. ε̂
(B)
0 has a form of a diagonal matrix

containing the misfit components fa and fc (see Eq. 4.4).

Assuming the typical values of the misfit determined from XRD analysis in

section 4.2, i.e. fa = 0.002 and fc = 0.01, see Fig. 4.11(d), and the ω particle radius
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area signifies the region where the second particle cannot be placed, otherwise the

particles would intersect.

of R = 3 nm, the dependence of the particle interaction energy on the relative

position of two particles was calculated in the (110)β plane in the bcc β matrix.

The result is shown in Fig. 4.24. The centre of one particle is positioned in the

origin and the magnitude of the interaction energy is plotted for each possible

position of a second particle in the depicted area of the β matrix. The greyed-out

circular area denotes the region where the second particle cannot be located due

to the condition that the ω particles do not intersect, i.e. due to Eq. 4.13 being

valid only for |r| ≥ 2R. The simulation of the interaction energy was performed

for all 16 possible mutual orientations of the c-axes of the two ω particles with

respect to the bcc β lattice ([0001]ω ‖ [111]β). The interaction energy plotted in

Fig. 4.24 is an average over all possible combinations. It follows from the figure

that the maxima of the interaction energy, i.e. the regions where the second

ω particle is less likely to be located, occur approximately along directions 〈111〉β.

On the other hand, the minima of the interaction energy, i.e. the areas where the

second ω particle is much more probable to be located, are found along directions

〈100〉β. Moreover, the position of the interaction energy minima is in the distance

of 2.2 × R from the centre of the particle located in the origin. Note that the

distance of the minimum of the interaction energy corresponds precisely to the

proportionality relation between L0 and R0 determined from fitting of the SRO

model to the SAXS intensity profiles, see Fig. 4.21(e). Numerical simulations also

showed that the anisotropy of the interaction energy is primarily determined by

the anisotropy of the bcc β matrix, while the misfit anisotropy has only a negligible

effect.

The 〈100〉β directions, along which the elastic interaction energy minima

occur, correspond well to the basis vectors of the disordered array of ω particles

determined from the SAXS maps. Therefore, the interaction energy between
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ω particles plays a role in the self-ordering of the particles. In order to support

this hypothesis, a simple Monte Carlo (MC) simulations were performed. The

simulation consists of the following steps:

1. The particle radius R is selected using a random number generator, assuming

a Gamma distribution with the mean value R0 and the order mR.

2. The first particle is randomly positioned in a simulation cube with the

dimensions of D ×D ×D.

3. The position of a next particle and its orientation with respect to the β lattice

is selected randomly.

4. The total interaction energy of this particle with other particles already

positioned in the simulation cube is calculated.

5. A random number p ∈ [0, 1] is generated, and the particle is placed in the

simulation cube if p < Kexp[−Eint/(kBT )], where kB is the Boltzmann

constant, and T is the thermodynamic temperature.

6. The steps 3 – 5 are repeated N times, where N is the number of attempts

to place a particle.

7. The steps 1 – 6 are repeated M times, where M is the number of simulation

cubes.

8. The scattered intensity is calculated according to the formula

I(Q) = const.
M∑
k=1

∣∣∣∣∣ΩFT
Rk

(Q)

Nk∑
n=1

e−iQ.r
(k)
n

∣∣∣∣∣
2

,

where ΩFT
Rk

is the Fourier transform of a shape function of a particle with

a radius R given for the k-th simulation cube. r
(k)
n are the particle position

vectors, and Nk ≤ N is the number of successfully placed particles in the

k-th simulation cube.

The parameters of the particle size used in the simulation were R0 = 3.6 nm and

mR = 20. The dimension of the simulation cube D is comparable to the coherence

width and length of the primary X-ray beam, and the value of D = 50 nm was

selected. The constant K was selected so that the value of Kexp[−Eint/(kBT )]

was between 0 and 1. It was found that the simulation results do not depend

much on K. The thermodynamic temperature T is not related to the ageing

temperature, and the value of T was selected to obtain the best match of the

simulation and the measured data; in particular, kBT = 0.5 eV was used. The

number N of the attempts to position particles in the simulation cube was 106,

i.e. much larger than the number of particles which could possibly fit into the

simulation cube. The number M of the simulation cubes should be comparable
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to the ratio of the total irradiated sample volume and the coherently irradiated

volume, i.e. ∼ 109 for the given experimental conditions. However, M = 103 was

used in order to keep the calculation time reasonable. It should be noted that

this simulation approach is only qualitative, as it includes neither the β → ω

transformation mechanism nor the growth of ω particles.

The result of the MC simulation of SAXS on elastically interacting ensemble

of ω phase particles is shown in Fig. 4.25. Distinct maxima can be observed in

the simulated SAXS maps, their positions coinciding well with the experimentally

observed side maxima, cf. Fig. 4.15. The distance of the side maxima from the

origin of the reciprocal space in the simulated maps for (001)β orientation is

(approximately) inversely proportional to the mean ω particle size

2π

Qmax

= χR0 = L0,

where χ ≈ 2.6. This value of the proportionality constant between the mean

particle size R0 and the mean interparticle distance L0 is slightly larger than

that determined from the position of the elastic interaction energy minimum,

i.e. χ ≈ 2.2 (see Fig. 4.24). The fitting of the SRO model to the experimental

data yielded the value of χ ≈ 2.2 as well, see Fig. 4.21(e). This slight discrepancy

might arise from several reasons. Most importantly, the MC simulation is just

a simple model which does not incorporate the real character of the β → ω phase

transformation. In the simulation of elastic interaction energy of a particle pair,

the influence of other particles (which is most likely a long-range and quite complex

interaction) was neglected. Simplifications were also introduced in the SRO model

fitting which assumes that only the nearest particles influence the position of

a given particle. However, despite all these fundamental differences, the spread in

the χ value determined by the three different approaches is surprisingly small.
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Figure 4.25: SAXS patterns simulated by MC method. Three orientations are

shown: (a) (001)β, (b) (110)β, and (c) (111)β.

In summary, the analysis of the SAXS patterns revealed that ω particles are

arranged in a “disordered” three-dimensional array with the basis vectors along

〈100〉β directions in the bcc β matrix. This finding is consistent with [157,158],
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where the authors stated that ordering of particles of a secondary phase occurs

along elastically soft crystallographic directions. On the other hand, the authors

in [159] claimed that ω particles are ordered along 〈111〉β directions, supporting

their statement with TEM images in which only a few ω particles were visible.

However, the statistical relevance of SAXS measurements is much higher, since

the number of irradiated ω particles is by several orders higher than in a typical

TEM observation. Moreover, it is possible to detect only one of the four ω variants

in a dark-field TEM image, whereas SAXS “sees” all ω particles irrespective of

their orientation.

4.3.2 In situ SAXS

In situ SAXS experiments during isothermal ageing were performed at a high-

energy beamline at ESRF, see section 3.4 for details on the experimental setup.

A series of ageing at different temperatures, at which ω phase formation and

growth was expected, was carried out for LCB and Ti-15Mo alloys. All samples

for this experiment were prepared in the orientation of (001)β plane parallel to

the sample surface. Consequently, it was possible to measure SAXS patterns in
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Figure 4.26: Examples of SAXS patterns for LCB and Ti-15Mo aged in situ at

390 ◦C for 2 h. Dotted lines indicate the [100]β directions along which intensity

profiles in Figs. 4.27 and 4.30 were extracted. The colour scale is logarithmic, and

its range corresponds to two decades.

the (001)β orientation at normal incidence without any tilting (which would be

quite complicated in the microtomography furnace).

Examples of measured SAXS patterns for LCB and Ti-15Mo after in situ

ageing at 390 ◦C for 2 h are shown in Fig. 4.26. The scattering patterns of both

alloys exhibit a four-fold symmetry related to ordering of ω scatterers in a cubic

array with the basis vectors parallel to 〈100〉β directions, as it was demonstrated
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in section 4.3.1. From the comparison of the SAXS patterns for LCB and Ti-15Mo

it is apparent that the evolution of ω particles in the two alloys is quite different.

While the scattering pattern measured for LCB exhibits sharp peaks at smaller

Q, diffuse side maxima at higher Q are observed for Ti-15Mo. This indicates that

more distant (and probably larger) ω particles are present in LCB as compared

to Ti-15Mo.

Due to the symmetry of the side maxima, a similar approach as in the analysis

of ex situ SAXS in section 4.3.1 was employed. Intensity profiles were extracted

along [100]β directions (indicated by dotted lines in Fig. 4.26), and the subsequent

analysis was performed on these line scans.
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Figure 4.27: Evolution of intensity profiles with ageing time for LCB and Ti-15Mo

aged in situ at 390 ◦C. The line profiles were extracted along the dotted lines

in Fig. 4.26. Horizontal dotted lines indicate the time at which the ageing

temperature was reached. Blue dotted curves denoted by 1 and 2 indicate the

positions of primary and secondary scattering maxima, respectively. The colour

scale is logarithmic, and its range corresponds to two decades.

Fig. 4.27 shows an evolution of the intensity profiles with ageing time for the

ageing temperature of 390 ◦C, i.e. in samples identical to those in Fig. 4.26. It can

be observed that the scattering maxima move closer to the origin of the reciprocal

space with ageing time, indicating an increasing distance between ω particles.

Moreover, weaker secondary maxima are visible at higher Q values. The presence

of these secondary maxima demonstrates a relatively small dispersion of the

ω particle sizes and/or their distances.

The ageing time dependence of intensity line profiles for all studied ageing

temperatures can be found in the Appendix, Figs. A.5 and A.6.
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Diffusion of alloying elements during ω particle growth

As it was explained before, the contrast in a SAXS experiment arises from

inhomogeneities in electron density. Since the contrast in electron density resulting

from different crystallographic structures of ω particles and the β matrix is

negligible, the main component of the electron density contrast is the different

chemical composition of the two phases, arising from the outward diffusion of

alloying elements during growth of ω particles. It will be shown that the in situ

SAXS data allow the determination of alloying elements diffusion around a growing

ω particle. In the following discussion, a few simplifying conditions are applied:

• Only one type of alloying element is considered. This assumption is valid

for Ti-15Mo. In LCB, the alloying elements Mo, Fe, and Al are substituted

by an “effective” alloying addition. Light impurities such as O, N, C, and H

are neglected.

• The diffusion coefficient D is concentration independent, which is fulfilled

for low concentrations.

• The concentration %c of the effective alloying element in the volume of an

ω particle is homogeneous and time-independent.

• The problem is assumed to be isotropic. Therefore, spherical ω particles

are considered, and the concentration %(r, t) of the alloying elements around

an ω inclusion depends only on the distance r from the particle centre at

a given time t. In other words, the anisotropy of the bcc β lattice as well as

the anisotropy of elastic strains induced by the ω particle are neglected.

• The influence of other particles on the diffusion around a given ω inclusion

is neglected.

• The theoretical description of the diffusion problem does not include the

structural transition β → ω. Therefore, the problem is limited only to the

time evolution of the concentration of alloying elements around a growing

ω particle.

The concentration %(r, t) of the alloying elements obeys the standard diffusion

equation
∂%

∂t
= D∆%,

where t denotes time, D is the diffusion coefficient, and ∆ is the Laplace operator.

As in the classical diffusion-limited precipitation theory introduced by Ham [160], it

is assumed that ω particles are ordered in a cubic array with the lattice parameter

(the mean interparticle distance) L. The irradiated sample volume is divided into

spherical regions whose volume is equivalent to that of a hypothetical cubic cell

centred about each particle. The volume of a given spherical region corresponds

to the sample volume “belonging” to a single ω particle. Since ω particles create

a disordered cubic array with the mean interparticle distance L(t), the volume of
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the spherical cell with the radius RL around a given particle may be expressed as

4πR3
L/3 = L3. It may be assumed that the flux of the alloying elements across

the boundary of the spherical regions is zero. A boundary condition

∂%

∂r

∣∣∣∣
r=RL

= 0

is then obtained. Since the interface between the ω particle and the β matrix is

moving during coarsening of ω particles, a boundary value problem with moving

boundaries needs to be solved. This problem was first formulated by Stefan [161]

for heat equations describing ice melting into water. Several numerical methods

for the solution of this problem are described in [162]. The formulation of the

boundary condition for the moving interface r = R(t) follows from the conservation

of the number of impurity atoms at the interface:

4πR2(t)jr = 4πR2(t)(%s − %c)
dR

dt
,

where

jr = −D ∂%

∂r

∣∣∣∣
r=R

is the flux density of the alloying elements across the surface of the ω particle, and

%s is the concentration of alloying elements in the β matrix at the ω/β interface.

The boundary condition for the interface between the particle and the matrix is

then
∂%

∂r

∣∣∣∣
r=R

= −%s − %c
D

dR

dt
.

According to the boundary immobilization method for solving the Stefan prob-

lem [162], the time dependent solution domain r ∈ [R(t), RL(t)] can be converted

to the time-independent domain x ∈ [1, ξ] using the transformation x = r/R(t)

and denoting ξ = RL/R. For simplicity, ξ = const. was assumed and the equation

∂%

∂t
=

D

R2

(
∂2%

∂x2
+

2

x

∂%

∂x

)
+
x

R

∂%

∂x

dR

dt
(4.14)

was obtained with the following boundary conditions

∂%

∂x

∣∣∣∣
x=1

= −
[
(%− %c)

R

D

dR

dt

]∣∣∣∣
x=1

,

∂%

∂x

∣∣∣∣
x=ξ

= 0.

(4.15)

In the simulation of density profiles around a growing ω particle, the diffusion

constant D = 0.1 nm2s−1 was assumed. Furthermore, it was assumed that the

distance between particles is proportional to their radii (L(t) = χR(t), χ = const.)

and that the size of ω particles increases according to the LSW theory as

R(t) = R(0) + vRt
1/3, where R(0) = 5 nm and the growth factor vR = 1 nm·s−1/3.

For the calculation of the initial density distribution (i.e. the initial condition for
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Eq. 4.14), it was assumed that the starting density of the alloying elements was

%0 = %(t = 0) = 1 and that the impurity atoms diffused for a short time tinc = 10 s.

The result of this simulation is shown in Fig. 4.28. From the simulation results it

may be deduced that as the ω particle grows and rejects the alloying elements, the

surrounding β matrix becomes gradually more enriched in the solute content. The

initial difference in the concentrations at the ω/β interface and in the β matrix

diminishes, as illustrated by the concentration profiles extracted at various times

in Fig. 4.28(b).
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Figure 4.28: Simulation of density profile evolution around a growing ω particle.

(a) The grey area denotes an ω particle whose radius increases as ∼ t1/3, the black

line indicates the radius RL of the spherical region of the β matrix belonging to

a single ω particle. (b) Density profiles extracted from image (a) for five different

times, their values in seconds are indicated. Red dots represent a polynomial

approximation of the density profile. The curves are shifted vertically for clarity.

It should be noted that the simulation presented in Fig. 4.28 is only qualitative,

since many simplifications, which obviously do not correspond to a real system,

were applied. For example, the assumption of a constant density of alloying

elements in the volume of ω particles is not consistent with the real behaviour, in

which the concentration of impurities in ω particles is close to that of the β matrix

shortly after their formation. During the subsequent growth, the solute content

concentration in ω particles decreases [40, 163, 164]. Furthermore, the diffusion

around a growing ω particle is not isotropic due to the anisotropy of the bcc

β matrix and the anisotropy of the elastic deformation fields around ω particles.

The influence of the elastic interaction between particles on solute redistribution

is described in works by Johnson and Voorhees [165,166].

The numerical solution of the boundary value problem is too time-consuming

to be directly included in the fitting of the measured SAXS data. Therefore,

a suitable parametrization of the solution is needed. It was found that the
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second-order polynomial

%(r, t) ≈ a0(t) + a1(t)r + a2(t)r2, r ∈ [R,RL]

approximates the calculated density profiles quite well. The coefficients a0,1,2 were

selected so that the polynomial satisfies the boundary conditions in Eq. 4.15. The

comparison of the numerical solution and the polynomial approximation is shown

in Fig. 4.28(b) by blue lines and red dots, respectively. It can be seen that the

consistency of the approximation with the simulation is satisfactory and improves

with increasing time t. Another advantage of using the polynomial approximation

is the fact that the density profile influence on the resulting shape function is

expressed by a single parameter

ε =
1

2D

dR

dt
. (4.16)

The details on the exact formula for the shape function can be found in [167].

Fitting of SAXS intensity profiles

The approach to the simulation of the SAXS intensity profiles measured in situ

during isothermal ageing was similar to the procedure employed for ex situ data,

see section 4.3.1. However, the evolution of the solute content density around

ω particles was included for in situ SAXS simulation. In the expression for the

differential scattering cross-section from a random ensemble of particles, Eq. 4.8,

the simple particle shape function is substituted by a shape function of a local

contrast of alloying elements around ω particles. The Fourier transform of the

composition contrast around the n-th particle with a given radius R can be written

as

ΩFT
n (Q) =

∫
|r|≤RL

d3r[%(r)− %(RL)]e−iQ.r, (4.17)

cf. with Eq. 4.9. Since the distribution of the impurities is assumed isotropic

around a given ω inclusion, the shape function is isotropic as well and depends

only on the length of the scattering vector Q = |Q|. The calculation of the shape

function assuming the polynomial approximation of the solute content density is

rather cumbersome and will be omitted here. Its derivation can be found in our

publication [167].

As in the simulation of ex situ SAXS, the SRO model and the LMA were

used for the interpretation of the in situ experiment, yielding the same expression

for the differential scattering cross-section (Eq. 4.10) with the three-dimensional

correlation function analogous to Eq. 4.12. Similar to the approach in section 4.3.1,

a Gamma distribution of the ω particle radii with the mean value R0 = 〈R〉, the

order mR, and the rms deviation σR = R0/
√
mR was assumed. Further, it was

assumed that the mean values of interparticle distances L0, their rms deviations

σL, and the density profiles ∆%(r) = %(r)− %(RL) around ω particles with various

sizes scale with the particle radius R.
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Figure 4.29: Simulated SAXS profiles for given R0 and L0 and various values

of ε according to Eq. 4.16. The simulated curves for different values of ε are

normalized to the same height. The vertical dashed line represents the value of

Q = 2π/L0.

The above described theory was employed to fit the SAXS intensity profiles

extracted from the two-dimensional scattering patterns along the [100]β direction.

A number of fitting strategies were tested. The most robust fitting results were

obtained when a time-independent diffusion coefficient D was assumed. In addi-

tion, the mean distance L0(t) between ω particles was determined directly from

the position of the first scattering maximum, L0(t) = 2π/Qmax(t). However, this

approach is burdened by an error, since the position of the scattering maximum

is not related only to the correlation function, but it is slightly shifted to lower Q

values by the particle shape function, see Fig. 4.20. Nevertheless, this approxi-

mation was crucial to limit the number of fitted parameters and thus to improve

the reliability of the fit. As in ex situ data, a proportionality between the mean

interparticle distance and the mean particle radius was assumed, L0 = χR0, the

factor χ being a time-independent fitting parameter. The results from the ex situ

SAXS analysis presented in section 4.3.1 showed that χ ≈ 2.2, while no significant

time-dependence of χ was observed, see Fig. 4.21(e).

Fig. 4.29 shows a simulation of the SAXS intensity profiles for R0 = 20 nm,

L0 = 60 nm, mR =50 nm, σL = 30 nm and for different values of the parameter

ε, see Eq. 4.16. The intensity profiles are normalized to the same height of the

first-order scattering peak. The curve for ε = 0 represents the case in which the

boundaries are immobile and the impurity density is constant outside ω particles,

%(r, t) = %s. As the parameter ε increases (i.e. as the growth rate increases

and/or the diffusion coefficient decreases), the influence of the moving boundary

on the scattering profile becomes more pronounced. From Fig. 4.29, it can be

concluded that while the parameter ε does not significantly influence the first-

order scattering maximum, it affects the relative height of the second-order peak.

Hence, the parameter ε is crucial for a reliable determination of the diffusion

coefficient D. Moreover, Fig. 4.29 demonstrates the inaccuracy introduced by
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the determination of the mean interparticle distance directly from the position

of the first-order maximum, i.e. the assumption L0(t) = 2π/Qmax(t). The

vertical dashed line corresponds to Q = 2π/L0, whereas the actual maximum is

shifted to lower Q values due to the particle shape function, as it was discussed

above. It is apparent that the deviation is quite small, and the approximation

L0(t) = 2π/Qmax(t) can be used.

The fitting procedure comprised the following steps:

1. The mean interparticle distance L0(t) was determined from the position of

the first-order scattering maximum, L0(t) = 2π/Qmax(t).

2. The time derivative dL0(t)
dt

was calculated and together with L0(t) used as

input for the fit.

3. The fitting was performed for a selected series of time points t according

to Eq. 4.10, using the expressions for the Fourier transform of the shape

function and the correlation function of the particle positions in Eq. 4.17

and Eq. 4.12, respectively.

In the fitting procedure, common fitting parameters D, χ, mR and σL for all SAXS

intensity profiles at a given ageing temperature were used. Unlike the fitting of

ex situ SAXS data, it was not possible to determine the difference in the refractive

indices ∆n of the β matrix and ω particles (the contrast of the refractive index is

proportional to the difference of solute content densities at the β/ω interface and

in the volume of ω particles, |∆n| ∼ |%s − %c|). This was due to a poor accuracy

of the measured incident flux used for the calibration of the experimental data.

Examples of the fits of experimental data extracted in the [100]β direction

across the SAXS maxima are shown in Fig. 4.30, both alloys (LCB and Ti-15Mo)

aged at 390 ◦C are presented. It is apparent that the fitted profiles correspond to

the measured scattered intensity quite well, including the second-order maximum,

which is important for the determination of the diffusion coefficient D.

Fig. 4.31 shows the evolution of the mean distances between ω particles with

ageing temperature and time. The values of L0 were determined without fitting

directly from the position of the first-order maximum, i.e. L0(t) = 2π/Qmax(t).

In both alloys (LCB and Ti-15Mo), the mean interparticle distance monotonically

increases at all studied temperatures and obeys the dependence

L0(t) = L0(t0) + vL(t− t0)1/3 (4.18)

following from the LSW theory [136, 137]. The power law is indicated by blue

lines in Fig. 4.31. Since the values of L0 were determined without fitting, the

confirmation of the validity of the LSW theory for the two studied alloys is quite

robust and does not depend on the assumed structure model. Note that the error

bars are related to the uncertainties arising from the finite size of the detector

pixel and not to the systematic deviation introduced by the determination of L0

from the position of the scattering maxima. The true interparticle distances are
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(a) LCB and (b) Ti-15Mo. Indices denote the ageing temperature in ◦C, and blue

lines represent the ∼ t1/3 fits according to Eq. 4.18.

smaller, with estimated error of less than 20 %. In LCB, the mean interparticle

distance increases with ageing temperature. However, L0 determined for Ti-15Mo

exhibits an anomalous behaviour at the highest measured ageing temperatures.

While the highest L0 values are observed for the temperature of 430 ◦C, ageing

at 450 ◦C resulted in a smaller interparticle distance. Most likely, this is caused

by the initiation of α phase precipitation at these high ageing temperatures,

which disrupts the ω particle growth. However, it is not possible to confirm this

hypothesis from the experimental data, since in early stages of α phase growth,

the α streaks are observable only in the (110)β orientation (see Fig. 4.23).
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In comparison with the mean interparticle distances obtained from the ex situ

data, see Fig. 4.21(b), the values of L0 determined from comparable ageing times

and temperatures in the in situ experiment are larger. As it was pointed out above,

L0 was determined directly from the position of the first scattering maximum,

and the values are therefore overestimated. Furthermore, during quenching of the

ex situ samples from the studied ageing temperatures, processes influencing the

ω phase distribution in the material may also occur.

Figure 4.32 presents ageing temperature dependence of fitting parameters

which were assumed time-independent in the fitting procedure. Fig. 4.32(a)

shows the proportionality factor between the mean ω particle size and their

mean distances, χ = L0/R0. The parameter χ ranges between approximately

2.7 and 3.7, while its values determined from the scattering profiles of Ti-15Mo

are larger than those of LCB. No clear dependence on the ageing temperature

can be observed. When compared to the χ values determined from the ex situ

data (i.e. χ ≈ 2.2 corresponding to the distance of the elastic energy minimum

from the ω particle centre and χ ≈ 2.6 established by the MC simulation), the

proportionality parameters obtained from the in situ measurements are slightly

larger. However, the simulation of the interaction energy around ω particles

presented in section 4.3.1 assumed only a simple model in which only ω particles

themselves induce the elastic deformation of the β matrix. No cloud of alloying

elements surrounding the particles was considered, although its presence may also

affect the distribution of elastic energy. Moreover, since the L0 values determined

from the in situ data are overestimated, somewhat larger χ values can be expected,

too.

Fig. 4.32(b) presents the temperature dependence of the rms deviation σL
of the mean interparticle distance. It is apparent that the values of σL increase

with ageing temperature for both studied alloys. In Fig. 4.32(c), the order of the

Gamma distribution mR of the ω particle radii is shown. The sensitivity of this

parameter to the SAXS intensity profile is poor, resulting in relatively large error

bars.

Using the values of L0 presented in Fig. 4.31 and the fitted parameters χ,
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4.32(a), the mean ω particle radii were calculated according to the relation

R0 = L0/χ. The results are shown in Fig. 4.33. As the parameter χ was assumed

time-independent, the curves for R0 are similar to those of L0. No stabilization of

the ω particle growth at a certain value was observed, cf. the results in [42,56]

where ω particles ceased to grow after their radius reached approximately 8 nm.

However, much longer ageing times and a higher concentration of Mo were

employed in [42,56].

The ω particle radii determined in the in situ SAXS experiment are comparable

to the corresponding R0 values obtained for the ex situ measurement, compare

Figs. 4.21(a) and 4.33(a).
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Figure 4.33: Time and temperature evolution of mean ω particle radii in (a) LCB

and (b) Ti-15Mo. Indices denote the ageing temperature in ◦C, and blue lines

represent ∼ t1/3 fits.

Fig. 4.34 shows the diffusion coefficient D determined from the shape of the

scattering profile. Note that the diffusion coefficient was assumed time-independent

at a given ageing temperature. The diffusion coefficient depends linearly on the

inverse of the thermodynamic temperature T . The activation energy E of the

diffusion process can be estimated from the slope of the dependence, assuming

the relation D ∝ exp[−E/(kBT )], where kB is the Boltzmann constant. The

obtained activation energies are E = (2.3 ± 0.3) eV and E = (1.0 ± 0.5) eV for

Ti-15Mo and LCB, respectively. Moreover, Fig. 4.34 presents literature data for

Mo diffusion in bcc β titanium [168–171], denoted by dotted lines [a] – [d]. Since

the literature data were measured at higher temperatures at which the bcc β phase

is stable (i.e. above ≈ 890 ◦C), they needed to be extrapolated to the studied

temperature range. The value 2.3 eV of the activation energy for Ti-15Mo as

well as the diffusion coefficients correspond well to the values for Mo diffusion in

β titanium [168–171]. The differences between the values determined in this work

and in the literature can be ascribed to the extrapolation of the literature data.

In LCB, the interpretation of the diffusion coefficient D is not so straightforward

due to the fact that the alloy contains several alloying elements (Mo, Fe, and Al),
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Figure 4.35: Arrhenius plot of growth factor T (vL/χ)3 for LCB and Ti-15Mo.

According to the LSW theory, the growth factor is proportional to the diffusion

coefficient D.

while only one (“effective”) element was assumed in the fit. The different types of

solute elements present in the alloy differ both in the diffusion coefficients and in

their effect on the X-ray refractive index.

From the LSW theory, which was shown to hold for the growth of ω particles,

the relationship between the growth factor vR = vL/χ (see Eq. 4.18) and the

diffusion coefficient D follows [136]:

v3
R =

8Dσ

9kBT
Vat%sat,

where σ is the energy density of the ω/β interface, Vat is the atomic volume of
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the solute, and %sat is the saturated concentration of the solute elements. When

the temperature dependence of σ and %sat is neglected, the factor T (vL/χ)3 is

proportional to the diffusion coefficient D. Fig. 4.35 shows the temperature

dependence of the T (vL/χ)3 growth factor in an Arrhenius-type plot. It can be

observed that the dependence yields the same activation energies as those found

in Fig 4.34. This leads to the conclusion that the growth rate of ω particles is

controlled mainly by the rate of the outward diffusion of alloying elements from

the volume of ω particles.

4.3.3 Summary of SAXS results

The sizes and the distances of ω phase particles in two metastable β titanium

alloys (LCB and Ti-15Mo) were studied by SAXS. It was confirmed that the

growth of ω particles obeys the LSW model. One of the main conclusions of the

SAXS analysis is the fact that ω particles spontaneously order in the β matrix in

a cubic array with its axes parallel to the 〈100〉β directions. It was demonstrated

that the driving force of the ω particle ordering is the minimization of the elastic

energy of the interactions between the particles. It was shown that the minima of

the interaction energy around a given ω particle lie in the 〈100〉β directions, and

their positions coincide well with the mean interparticle distance. The growth

kinetics of ω particles were investigated using SAXS measured in situ during

isothermal ageing at selected temperatures. Fitting of the experimental data

allowed the determination of the diffusion coefficient of solute elements and its

temperature dependence. In Ti-15Mo, the obtained values were consistent with

published values of Mo diffusion in bcc β titanium. However, the diffusion values

determined for LCB were smaller, which may be caused by the fact that multiple

solute elements (Mo, Fe, Al) are present in the alloy. Each of these elements has

a different diffusion coefficient and a different effect on the X-ray refractive index,

which leads to a smaller “effective” diffusion coefficient. Finally, it was found that

the growth factor of ω particles exhibits the same temperature dependence as the

diffusion coefficient. Therefore, it may be concluded that the ω particle growth is

controlled by the diffusion of alloying elements from ω particles into the β matrix.
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5. Conclusions

In the present work, phase transformations in two metastable β titanium alloys

(LCB and Ti-15Mo) were investigated, the main focus being on the evolution of

particles of the metastable ω phase. The research was performed on single crystals

of the two alloys, which allowed the utilization of advanced techniques of X-ray

diffraction and scattering. The single crystals were grown in an optical floating

zone furnace, resulting in ingots of a good quality. Only a minor contamination by

light interstitial elements (N, O) was found in the single crystals. The influence of

the increased content of the interstitials on the ongoing phase transformations in

the material was checked by DSC. The analysis of the DSC curves showed that

the character of the phase transformations occurring in the precursor and in the

ingot is essentially the same and only slight shifts of onsets of the transitions were

observed. It can be therefore stated that a feasible method for producing single

crystals of metastable β titanium alloys has been established in this work.

The following conclusions can be drawn from the XRD analysis:

• The topotactic relationship between ω particles and the β matrix was verified

employing pole figure measurements at diffraction angles corresponding to

selected ω and β lattice planes.

• The reciprocal space maps around selected ω and β peaks provided informa-

tion on the evolution of lattice parameters of the both phases with ageing

time and temperature. Moreover, the evolution of misfit between the ω and

the β structures was evaluated.

• The size and shape of ω phase particles were determined from the shape of

the ω diffraction maxima in the reciprocal space maps. It was found that

ω particles are prolate ellipsoids elongated in the [0001]ω ‖ [111]β direction.

The growth of ω particles at 300 ◦C and 335 ◦C complies with the LSW

model, which holds for a diffusion-controlled growth of particles under the

influence of particle-matrix interface energy.

• The reciprocal space maps measured around β maxima showed β peaks

of a complex shape. It was shown that the shape corresponds to diffuse

scattering arising from the presence of ω particles and from the deformation

fields they induce in the β matrix.

SAXS experiments performed both ex situ on pre-aged samples and in situ

during isothermal ageing provided valuable insights into the ordering and growth

kinetics of ω particles. The results of the SAXS measurements can be summarized

as follows:

• ω particles in metastable β titanium alloys form a “disordered” cubic array

whose basis vectors are parallel to 〈100〉β directions of the bcc β matrix. It

was shown that the spontaneous ordering results from the minimization of

the elastic interaction energy between the particles.
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• The mean sizes and distances of ω particles were determined from the SAXS

data. The values were found to correspond very well to the results obtained

by XRD analysis.

• The in situ SAXS measurement allowed the determination of the diffusion

coefficient of the alloying elements and its temperature dependence. The

activation energies for the solute elements diffusion in both studied alloys

(LCB and Ti-15Mo) were calculated. It was found that the values corre-

sponded to the activation energies of the growth of ω particles. Thus, it was

established that the growth of ω particles is diffusion-driven.
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Figure A.1: Reciprocal space maps around {112̄2}ω for samples aged at 335 ◦C

for (a) 4 h, (b) 8 h, (c) 16 h, (d) 32 h, and (e) 64 h. Black and red isointensity

lines indicate the measured data and the simulation, respectively. The step of the

isointensity contours is 100.2. The axis scale is the same as in Figs. 4.9 and A.2.
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Figure A.2: Reciprocal space maps around {112̄2}ω for samples aged at 370 ◦C

for (a) 2 h, (b) 4 h, (c) 8 h, (d) 16 h, and (e) 32 h. Black and red isointensity

lines indicate the measured data and the simulation, respectively. The step of the

isointensity contours is 100.2. The axis scale is the same as in Figs. 4.9 and A.1.

Note that the width of the maxima increases with ageing time, clearly indicating

the decreasing size of ω particles.
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Figure A.3: Reciprocal space maps around {112}β for samples aged at 335 ◦C for

(a) 4 h, (b) 8 h, (c) 16 h, (d) 32 h, and (e) 64 h. The step of the contours is 100.2.

Note that the diffuse scattering is much weaker than in samples aged at 300 ◦C,

being overlapped by a much stronger and broad {112}β maximum (cf. the width

of the {112}β diffractions in samples aged at 300 ◦C, Fig. 4.10). The axis scale is

the same as in Figs. 4.10 and A.4.
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Figure A.4: Reciprocal space maps around {112}β for samples aged at 370 ◦C for

(a) 2 h, (b) 4 h, (c) 8 h, (d) 16 h, and (e) 32 h. The step of the contours is 100.2.

The axis scale is the same as in Figs. 4.10 and A.3.
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Figure A.5: Ageing time evolution of intensity profiles across scattering maxima

for LCB. The ageing temperature is indicated in the upper left corner. The colour

scale is logarithmic and corresponds to two decades.

105



Ti-15Mo

350°C

Q (1/nm)

-1 -0.5 0 0.5 1

ti
m

e
 (

h
)

0

2

4

6

8
Ti-15Mo

370°C

Q (1/nm)

-1 -0.5 0 0.5 1

ti
m

e
 (

h
)

0

1

2

3

Ti-15Mo

390°C

Q (1/nm)

-1 -0.5 0 0.5 1

ti
m

e
 (

h
)

0

2

4
Ti-15Mo

410°C

Q (1/nm)

-1 -0.5 0 0.5 1

ti
m

e
 (

h
)

0

1

2

3

Ti-15Mo

430°C

Q (1/nm)

-1 -0.5 0 0.5 1

ti
m

e
 (

h
)

0

2

4
Ti-15Mo

450°C

Q (1/nm)

-1 -0.5 0 0.5 1

ti
m

e
 (

h
)

0

1

2

Figure A.6: Ageing time evolution of intensity profiles across scattering maxima

for Ti-15Mo. The ageing temperature is indicated in the upper left corner. The

colour scale is logarithmic and corresponds to two decades.
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