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Abstrakt: Mg-1 hm.% Mn slitiny obsahující přibližně 1 hm.% vápníku (MX10), hliníku 
(AM11), ceru (ME11), yttria (MW11), neodymu (MN11) a 8 hm.% hliníku (AM81) byly 

nepřímo extrudovány dvěma různými rychlostmi. 

Mikrostruktura a její změny způsobené plastickou deformací byly studovány 

rentgenovou difrakcí, mikroskopií a metodou difrakce zpětně odražených elektronů. 
Částečně rekrystalizovaná mikrostruktura s bimodálním rozdělením velikosti zrn byla 

nalezena u MX10, AM11, ME11 a MW11 po pomalé extruzi. Pouze v případě AM81 a 

MN11 byla nalezena plně rekrystalizovaná mikrostruktura, a to v důsledku odlišné rychlosti 
nukleace zrn během rekrystalizace. Tyto slitiny ukázaly nejslabší texturu a nejnižší asymetrii 

mechanických vlastností. 

Akustická emise byla použita k identifikaci dislokačních procesů a dvojčatění 
v oblastech s různou texturou v průběhu tahových a tlakových zkoušek. Byla zjištěna přímá 

souvislost mezi akustickou emisí během deformačních zkoušek a mikrostrukturou, texturou a 

distribucí částic. 

Klíčová slova: magnesium, akustická emise, extruze, mechanické vlastnosti.   
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Abstract: Mg-1 wt. % Mn alloys containing about 1 wt.% of calcium (MX10), aluminium 

(AM11), cerium(ME11), yttrium (MW11), neodymium (MN11) and 8 wt.% of aluminium 

(AM81) were indirectly extruded with two different speeds. 
The partially recrystallised microstructures obtained in MX10, AM11, ME11 and 

MW11 after slow extrusion exhibited bimodal grain size distributions. Only in the case of 

AM81 and MN11 a fully recrystallised microstructure was found, indicating differences in 
the grain nucleation rate during recrystallisation. In these alloys, the weakest texture and, 

correspondingly, the lowest asymmetry in mechanical properties were also observed.   

The acoustic emission technique was used to reveal dislocation or twin controlled 

deformation in differently textured fractions of the microstructure during tensile and 
compression testing. A direct correlation between the acoustic emission during mechanical 

testing and the microstructure, texture and particle distribution was found.  
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1. Introduction  

1.1.  Mg and its alloys, structure and properties  

Magnesium is an alkaline metal, the density of Mg is 1.738 g/cm
3
 at room 

temperature (RT) and the melting point is 650 °C. Mg has a hexagonal close packed 

(hcp) crystal structure. The lattice parameters of pure Mg are a = 0.32092 nm and 

c = 0.52105 nm at RT.  

 The advantages of using Mg and Mg alloys are [1, 2]:  

- the lowest density of all metallic structural materials  

- high specific strength 

- good castability 

- good weldability under controlled atmosphere 

- easily available (13% of the planet's mass, about 1,92% of the earth’s crust 

(magnesium oxide) and the third most abundant element dissolved in 

seawater (magnesium salt) 

- some alloys exhibited good creep resistance and high damping capacity 

- if compared with polymer materials: 

o better mechanical properties 

o better electrical and thermal conductivity 

 

 

On the other hand, the improvement of the following properties remains still a 

challenge for Mg based materials: 

- low elastic modulus 

- low cold forming capability 

- poor ductility (especially at RT)  

- low strength and low corrosion resistance 

- high chemical reactivity 

- significant shrinkage during solidification 

- limited strength and creep resistance at elevated temperatures. 

 

 

http://en.wikipedia.org/wiki/Seawater
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Interests in studying Mg and its alloys are growing because of their potential 

applications in the automotive and aircraft industry. For the reduction of the exhaust 

emissions it is necessary to reduce the weight of the car, improve design streamlining 

and engine efficiency. Other demands, that Mg alloys could meet, include power and 

comfort, air comfort, reduced noise vibration as well as improved safety, 

environmental protection, and corrosion protection result. Pure Mg is too soft for use 

in structural applications. Mg alloys are used in wrought form including extruded 

bars, sections and tubes and also forgings and rolled sheet. Extruded Mg bars, 

sections and tubes are widely used in aerospace, nuclear, automotive and other 

engineering applications. Rolled Mg sheets and plates are produced for seawater 

battery, photoengraving, production tooling and jigging, automotive and information 

technology applications. Wrought Mg alloys exhibit more homogeneous 

microstructure and improved mechanical properties if compared to cast components, 

and, therefore, they are perspective for the use as structural parts [3].  

 

Influence of solute elements on the properties of Mg alloys  

For engineering applications, alloys are produced that contain a number of 

different elements, including Al, Zn, Mn, Si, Zr, Ca, Ag, Li, Cu, alkaline or rare earth 

(RE) elements. The purpose of alloying additions is to improve strength and other 

properties of Mg. The main mechanisms for improving the mechanical properties are 

grain refinement, precipitation hardening and/or solid-solution hardening. While 

solid-solution hardening is determined mainly by the differences in atomic radii of 

the elements involved, the effectiveness of precipitation hardening mainly depends 

on a reduced solubility at low temperature, amount of the precipitated intermetallic 

phases, and their stability at application temperature. The solubility of alloying 

elements in Mg is limited, restricting the possibility of improving the mechanical 

properties. The alloying elements should show sufficient solubility in Mg at high 

temperatures, which decreases with decreasing temperature so that age hardening 

becomes possible through precipitation from the supersaturated solution. The 

precipitates should retain a high Mg content thereby increasing the volume fraction 

of precipitated phase thus reducing the required amount of alloying element. 

Elements should exhibit a low diffusion rate in Mg and thus reduce the tendency to 

overaging and dislocation climb [1]. Overaging results in coarsening of the second 
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phase particles which is undesirable because it decreases the hardness and strength of 

alloys. The repeated dislocation climbing leads to continuous plastic deformation, i.e. 

to creep. The elements Sc, Y, La and the lanthanides as well as Nd, Tb, Er, Dy and 

Gd, with Zr as grain refiner, form the basis for the development of creep resistant 

alloys. Alloying elements such as Y, Nd, La and Ce could improve the room and 

high temperature properties [4, 5]. The main advantages of Mg alloys alloyed with 

the RE are their high strength properties at ambient and, especially, at elevated 

temperatures. Another important feature of Mg-RE alloys is the improved strain 

hardening behavior which promotes a stable plastic flow necessary for improvement 

in the formability. The main reason for this enhanced formability in Mg-RE alloys is 

an alteration of strong basal-type texture, which is usually observed in commercial 

wrought Mg alloys, to weak texture with largely tilted basal-poles from the main 

deformation axes. Micro-alloying with RE elements can weaken the extrusion 

texture, and can also change the orientation of the highest intensity peak of the 

texture. As the secondary effect, many of these alloying elements also refine the 

grain size of the alloy, which, in the case of Mg, adds an additional ductility benefit  

[6].  

Addition of Nd to Mg alloy is known to improve the solid-solution 

strengthening. It was found that the time age hardening and the creep resistance 

increases with the increase of Nd solution [7]. The Mg-Nd alloys also have superior 

high-temperature strength. Addition of Nd to Mg alloy can still increase high-

temperature mechanical properties and corrosion resistance [8]. 

Typical wrought Mg alloys are presently based on the Mg-Al or Mg-Zn 

series. By the 1920s, Al had already become the most important alloying element for 

significantly improving the room temperature strength (specifically by forming the 

intermetallic phase Mg17Al12) and castability. However, ductility and fracture 

toughness are gradually reduced with increasing Al content. A binary alloy with 6% 

Al provides the optimum combination of strength and ductility. The vast majority of 

Mg applications are covered by die-cast AZ91. However this alloy has insufficient 

creep resistance for many applications at temperatures above 130 °C [9]. Zn 

improves room temperature strength through solid solution effect, in addition Zn  

also improves fluidity of the melt, but its content above 2% decreases elongation at 

fracture (especially in the solution-treated condition) and can cause cracking. The 
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ductility reduction is explained through preferential segregation of Zn to Mg17Al12 

phase, leading to an increase of its volume fraction [10].  

Mg-Mn alloys offer a high application potential because of good castability, 

tensile strength and hardness. The most popular AZ series of Mg alloys suffer from 

corrosion problems in wet or moist environments, but this can be reduced by a small 

addition of Mn [11]. Mn as an alloying element receives its main attention due to 

tendency to form compounds with Fe (Fe is always present in commercial Mg alloys, 

because Mg melts are processed in equipment constructed of iron or steel parts [12]), 

which increases the corrosion resistance of Mg alloys. It can also be used in alloys 

containing Al as the main alloying element. Furthermore, Mn expands the extrusion 

window i.e. higher extrusion speeds can be used without the occurrence of hot-

cracking during the process. Mn also contributes to the grain refinement during 

extrusion [13].  

Ca is considered as an important alloying element of Mg alloy, because it 

improves the ignition resistance [14] of Mg alloys thereby facilitating safe melting 

and casting. Ca has significant effect on the damping capacities of Mg-Ca binary 

alloys [15].  The addition of Ca to Mg alloys has a pronounced effect on the 

microstructure refinement [16], high temperature strength and creep properties [17], 

e.g the microstructure and tensile properties of Mg–Zn–Si and Mg–Al–Zn–Si alloys 

significantly improved after alloying with 0.2 wt.% Ca [18].  
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1.2. Introduction to Deformation Mechanisms of Magnesium 

1.2.1. Slip modes in magnesium 

The slip mechanism is the most frequent mode of plastic deformation. It 

occurs by mutual slipping of crystal planes following well-defined rules of 

crystallography, i.e. plastic deformation most likely occurs in the densest crystalline 

planes and, within these planes, in the directions with the largest atom density. The 

combination of slip planes and slip directions forms slip systems. The collective 

motion of large amount of dislocations on different slip systems produces a 

permanent shape change allowing the metal to accommodate imposed plastic strains. 

Slip occurs when the shear stress acting in the slip direction on the slip plane 

reaches certain critical value. Thus, critical resolved shear stress (CRSS) is the 

measure of the shear stress, resolved along the slip plane and in the slip direction, 

which is required to activate dislocation glide. It was found that the value of the 

CRSS in a given material with specified dislocation density and purity is a constant. 

For hcp metals with a c/a ratio greater than the ideal ratio of 1.633, the easy glide 

system is the basal slip. In the case of c/a ratio less than the ideal value, the prismatic 

slip is the easiest one. Through experimental analyses it has been revealed that basal 

slip is the dominant deformation mode in pure Mg, despite the c/a ratio of 1.624 [19, 

20]. Increasing the stress during the deformation would also activate the prismatic 

slip system. Furthermore, if the basal system is suppressed by geometrical constraints 

(in tensile test the loading direction is perpendicular to the basal plane) the prismatic 

<a> slip and the pyramidal <c+a> slip will govern plastic deformation [20].  

 

 

 

 

Fig. 1.2.1.1. Slip systems in Mg and its alloys: (a) basal, (b) prismatic, (c) pyramidal 

type I, (d) pyramidal type II. Green arrows indicate the slip direction. 

(a)                        (b)                      (c)                    (d) 
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The main slip system in Mg is the basal {0002} <11-20> system. Nonbasal 

slip systems such as prismatic {10-10} <11-20>, pyramidal type I {10-11} <11-20> 

and pyramidal tupe II {11-22} <11-23> are also important (Fig. 1.2.1.1). In recent 

work [21] it was confirmed the importance of non-basal slip even at low 

temperatures. The activation of the pyramidal type II slip system was firstly observed 

in accurately oriented Mg single crystals [22]. Later, it was shown that if the c-axis is 

misoriented from the tension or compression axis by more than 0.15°, basal slip 

having the lowest CRSS is activated first [23], so it is difficult to measure the CRSS 

of <c+a> slip system. However, estimates of the CRSS of Mg single crystals in 

tension and compression parallel to the c-axis have been done experimentally using 

TEM by means of correlation of the applied stress with the multiplication of <c+a> 

dislocations [22]. Several single crystal studies [23-26] on pure Mg have reported 

that the CRSS to activate non-basal slip is significantly higher than that of the basal 

slip (Table 1.2.1.1). At RT in pure Mg the basal slip has 100 times lower value of the 

CRSS than that of non-basal slip [27].  

In polycrystalline Mg alloys [28, 29] the constraints imposed by neighboring 

grains help in reducing the ratio of CRSS for non-basal to basal slip from 

approximately 90 to 2-8, thereby making easier the non-basal slip activation. The 

ratio between the CRSS of the basal and non-basal slip can be significantly changed 

through the alloy composition. This has been observed in AZ31 (Mg with 3 wt. % 

Al, 1 wt. % Zn) where the ratio between the CRSS for basal and prismatic slip is in 

the range of 2-2.5 [30] by comparison to the ratio in the range of 48-87 for pure Mg 

[31].  

 

Table 1.2.1.1. Characteristics of slip modes in Mg single crystals [22, 24-26, 32]. 

Mode Plane     Direction CRSS in MPa at 

RT 

Number of   

independent modes 

Basal  (0001)      <11-20> 0,49 2 

Prismatic {10-10}   <11-20> 44 2 

Pyramidal type I {10-11}   <11-20> - 4 

Pyramidal type II {11-22}   <11-2-3> 2.3
[22]

, 10
[26]

, 40
[32] 

5 

 

It is known from the theory of plasticity that five independent slip systems are 

required to realize an arbitrary shape change during deformation. The pyramidal type 
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I slip or the combination of the basal and prismatic slip provides only four 

independent modes (Table 1.2.1.1). Moreover, the slip in the <11-20> direction does 

not produce strain parallel to the <c> axis. The strain along the c-axis can be 

accommodated either by the <c+a> slip on the pyramidal type II slip or by twinning. 

The pyramidal type II <c+a> slip alone can provide the necessary five independent 

modes.  

 

 

1.2.2. Twin modes in magnesium 

A twin was defined by Bilby and Crocker [33] as “a region of a crystalline 

body which has undergone a homogenous shape deformation in such a way that the 

resulting product structure is identical with that of the parent, but oriented 

differently”. Mechanical twinning is an important deformation mechanism in hcp 

metals due to the difficulty of activating five independent slip systems. Twinning can 

provide the strain accommodation along the c-axis. In twinning, part of the lattice is 

deformed so that it forms a mirror image of the undeformed part next to it. The 

crystal plane of symmetry between the deformed and undeformed parts is called the 

twin plane. Similarly to the slip mechanism, twinning can occur when the shear 

stress attains a certain critical value. However, there are a few critical differences 

between slip and twinning (Fig. 1.2.2.1). First, twinning is directional, twin can only 

form by shear of a particular direction. This leads to the formation of various twin 

families and another deformation responses under different loading conditions, i.e. 

different twin family could be active when Mg undergoes compression or tension 

parallel to the c-axis. Second, in the slip mechanism all atoms on one side of the slip 

plane move on equal distances (Fig.1.2.2.1, a), whilst in twinning, the atoms move 

for distances proportional to their distances from the twin plane (Fig. 1.2.2.1, b). 

This property of twinning allows the total axial strain accommodated by the volume 

fraction of twinning to be estimated [34]: 

1sincossin21 22   SSt    [1.2.2.1] 

where εt is the tensile strain from twinning, S is the twinning shear, λ is the angle 

between the tensile stress axis and the twinning shear direction, ψ is the angle 

between the twinning plane and the tensile axis. 
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Third, twinning results in an abrupt orientation change within the twin 

volume and it provides a condition that is more favorable for further slipping. In the 

twin volume all the planes are parallel and slip will occur in the same direction and 

to the same extent with the respect to the adjacent plane. This results in a change in 

lattice orientation towards a more favorable position for further plastic deformation 

by slip mechanism.  

 

 

 

Fig. 1.2.2.1. Comparison of the slip (a) and deformation (b) mechanisms [35]. 

For Mg alloys, the twinning crystallographic elements are summarized in 

Table 1.2.2.1. {10-12} <10-1-1> twinning system is typical for almost all hcp metals, 

however the direction and the magnitude of twinning shear in hcp metals depend on 

the c/a ratio [36].  

The crystallographic theory of twinning can be found in [33, 37, 38]. In Fig. 

1.2.2.2 the crystallographic elements that define a twin are presented. The twin plane 

(K1) separates the twinned and the untwined volumes, this is the first undistorted 

plane next to the twin. The crystallographic shear direction (η1) always lies in the 

twin plane (K1). The second characteristic direction (ƞ2) lies in the second 

undistorted but rotated plane (K2). The magnitude of the twinning shear (S) is given 

by:  

S = 2cot(2ϕ)      [1.2.2.2] 

where 2ϕ is the angle between K1 and K2.  
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Fig. 1.2.2.2. The shape change associated with twinning. 

 

Table 1.2.2.1. The twinning crystallographic elements for Mg alloys [38]. 

Type of 

twin 

K1 η1 K2 η2 Magnitude 

of shear 

Extension {10-12} <-1011> {10-12} <10-1-1> -0.130 

Contraction {10-11} <10-12> {-1013} <30-32> 0.137 

 

There are two different approaches for the twin nucleation. Homogenous 

model suggests that twin nucleates when a local stress concentration reaches a 

critical value [39], while heterogeneous model suggests that twin nucleates at defect 

sites in crystal lattice such as a dislocations or grain boundaries [40, 41]. The 

heterogeneous model of twin nucleation is generally considered to be the most 

common [40-42]. Once nucleated, the thickening of twins has been described in 

terms of various dislocation glide-based mechanisms [43-44].  

Generally, deformation twins have lenticular shape, so the boundaries 

between the twinned and untwined regions do not coincide exactly with the twinning 

plane (K1). The final shape of the deformation twins is related to the overall energy 

change during the twin formation and is a result of the balance between two main 

contributions [36]. The first is the surface energy for the creation of a new surface 

(the twin boundary). The second is the strain energy that results when one portion of 

material (the twinned region) sheared while the surrounding material does not.  

In Mg, twinning becomes important under deformation conditions where the 

Zener-Hollomon parameter is greater than 7x10
12

 s
-1

 [46]. The Zener-Hollomon 

parameter (Z) is a function of the deformation temperature and strain rate: 

         
 

  
     [1.2.2.3] 

where    is the strain rate, T is the temperature, Q is the activation energy, R is the gas 

constant.  
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Deformation twins are known to form at the speed of sound and their 

formation in some cases creates audible sound (tin cry) and could cause the serration 

on the stress-strain curve [36]. The reason for the rapid growth is that the stress 

required to nucleate a twin is presumed to be significantly greater than the stress 

needed for growth of the twin. As a result, once nucleated, the twin will grow until 

the stress is relaxed or the twin meets an obstacle.  

There are contradictory reports in the literature [45-49] about the applicability 

of the CRSS criteria for the deformation behavior of materials exhibiting twinning. 

In case of models that apply the CRSS criterion, the CRSS for {10-12} extension 

twinning is considered to be 2-3 MPa [50] and approximately 114 MPa for {10-11} 

contraction twinning [51]. 

In Mg alloys, detwinning may occur during unloading. Detwinning is a 

contraction of a twinned region and does not require nucleation [52]. During 

detwinning, the existing twins can disappear or become narrower.  

 

Extension and contraction twinning. The second-order twinning. 

In Mg, two types of twins were observed and it was found that the twinning 

type depends on the loading modes or the stress field (Fig. 1.2.2.3). When the crystal 

is compressed perpendicular to the c-axis or stretched along the c-axis, the extension 

twin will occur to provide c-axis expansion strain. In contrast, compression along the 

c-axis or tension perpendicular to the c-axis would lead to contraction twins in order 

to provide c-axis contraction strain. The extension and contraction twins produce 

roughly similar shear strain, however, they reorient the crystal lattice differently. The 

extension twins reorient the crystal lattice by 86.3° around the <1-210> direction. 

Since the rotation angle is nearly 90 degrees, a new set of slip systems may result in 

a totally different deformation response by comparison with that of the initial crystal. 

The compression twins reorient the crystal lattice by 56.2° around the same <1-

210> direction. In spite of the close similarity in their twinning shears, the extension 

twins in Mg alloys are generally thick [53, 54], while the contraction twins are 

significantly thinner [53, 55].  

In Mg and in the most of its alloys extension twins are often found within the 

contraction twin lamella, leading to a double-twinning phenomenon [21, 55, 56, 60]. 

With six contraction and six extension twin variants, thirty-six possible double twin 

variants [61] exist. From all possible double twins, only four geometrically 
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equivalent types exist [59, 61]; where equivalent double twins share a common 

misorientation with the parent grain. However, there are two variants of double twins 

which are more commonly observed [61]. Thus the other important type of twin is 

the second-order twinning which reorients the crystal lattice by 37.5° around <11-

20> direction (i.e. the {10-12} extension twins formed within the primary {10-11} 

contraction twins) and by 69.9° around the <2-421> crystal direction.  

  

 

 

 

 

 (a)    (b)    (c) 

 

Fig. 1.2.2.3. Different types of twin: (a) extension twinning on {10-12}, 

(b) compression twinning on {10-11}, (c) second-order {10-11}-{10-12} twinning 

[62]. 

 

In [55] second-order twins have been directly linked to the failure and 

damage initiation. In [63] it was found that in Mg single crystals deformed in tension 

(parallel to the basal planes) double twins exhibited local shear strains approaching 

1000% and leading directly to the fracture along the twin boundaries. Twin-sized 

voids parallel to existing contraction twins, as well as voids initiating in twin 

interiors have been observed in [55]. It has been suggested that these twins are 

precursors to localized shear bands [64] that could promote failure.  

 

Effect of the grain size, the grain orientation, the deformation temperature and 

precipitations on twinning. 

Some features such as grain size and grain orientation, deformation 

temperature and precipitations can significantly affect the phenomenon of twin 

nucleation and growth [49, 60, 65]. In [49] it was reported that the observed twin 

was not always the one with the highest Schmid factor. The Schmid factor is given 

by  cossin  where   is the angle of the stress axis and the slip plane normal, λ is 

           (0001) 

                         

 

                     86.3° 

 

                       

       43.15°    (0001) 

(10-12) 

                            

                      (10-11) 
                         

                        

 

 

 

 56.2° 

 

                         (0001) 

              61.9°    

                         (10-11) 

                         
                        

 

 

 

 

                         37.5° 

 

                         (0001) 

              61.9°    



12 

 

the angle of the stress axis and the slip direction. Among the total number of twins, 

there were 47% and 27% of twins with the first and the second highest Schmid 

factor. Twins with the third and the fourth highest Schmid factor constituted 16% 

and 8% of the total number of twins.  

1. Grain size. It is found [58] that the flow stress is inversely proportional to the 

square root of the grain size, this relationship is known as the Hall-Petch 

relationship.  

σ = σ0 + kd
-1/2

    [1.2.2.4] 

where σ is the deformation stress (yield stress); σ0 is the friction stress necessary for 

dislocation motion in the lattice; k is the Hall-Petch constant which characterizes the 

influence of grain boundary on the deformation stress; d is the grain size parameter.  

For most materials, the Hall-Petch constant depends on dominant deformation 

mode (twinning or slip) and on the orientation relation between the interacting 

grains. The twinning stress is much more sensitive to grain size changes than slip. 

Thus, twinning occurs more readily if the grain size is increased, whereas if the grain 

size is significantly reduced the amount of twinning will decrease. The transition 

between twinning-dominated flow and slip-dominated flow occurs when the stress 

for twinning becomes higher than the flow stress for slip.  

2. Grain orientation. The grain orientation has a significant influence on the 

deformation behavior, this dependence is described in details on the example of Mg 

single crystal in Section 1.4. Strong preferred orientation which results in strong 

anisotropy in mechanical behavior was usually found in wrought polycrystalline Mg. 

The yield strength in compression is lower than that in tension and it is attributed to 

the easy activation of {10-12} twinning in compression but not in tension. 

3. Deformation temperature. Deformation twinning is an important deformation 

mechanism at low temperatures. The influence of the increasing temperature on 

twinning is similar to the influence of the decreasing grain size. Twinning becomes 

less pronounced with the increasing of deformation temperature. This is caused by 

the relatively athermal CRSS exhibited by twinning [58] and by the strong 

temperature dependence of the CRSS for non-basal slip. Therefore, at elevated 

temperature transition from twinning-dominated to slip-dominated deformation 

occurs.  
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4. Precipitations. The controlled precipitations [66] can be extremely effective in 

inhibiting the twinning and increasing the strain to failure. Twins were found to 

engulf the precipitates, impinge on the precipitates and bypass the precipitates 

without shearing the precipitates. Stanford and Barnett [67] reported that the 

presence of second phase particles leads to an increase in the number density of 

twins, reduce the twin size and decrease the total twin volume fraction. In [68] it is 

reported that the α-Mn precipitates in Mg-1wt.% Mn single crystals are incapable of 

inhibiting twinning. The addition of Y can reduce the {10-12} twinning [67].  

 

 

1.2.3. Typical deformation texture and yield asymmetry 

The term “texture” is used for description the preferred orientation of grains 

within the material. The development of the preferred orientation would change the 

deformation behavior of the material. On the other hand, the deformation also can 

change the orientation of the lattice and leads to the development of a certain texture. 

Therefore, it is a combined effect between the deformation in creating the texture and 

the texture development in accomplishment deformation [69]. 

One of the most frequent methods used to measure the texture is X-ray 

diffraction. This method allows presenting the resulting texture in the form of the 

pole figure, which is the stereographic projection of the pole density as a function of 

the pole orientation. The inverse pole figure shows which crystallographic planes are 

preferentially perpendicular to the some sample direction. In this work partial 

inverse pole figures are used to represent the texture. The triangle unit is chosen from 

equivalent areas of full inverse pole figure (Fig. 1.2.3.1) and thereby presented the 

30° region from the full inverse pole figure. 
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Fig. 1.2.3.1. Equivalent regions of complete inverse pole figure for hcp system.  

 

Typically, in Mg and its alloys the extrusion orients grains in such way that 

the basal planes are parallel to the extrusion direction (Fig. 1.2.3.2). Therefore, such 

grains are unfavourably oriented for the basal slip [71] during loading parallel to the 

extrusion direction.  

  

 

 

 

 

Fig. 1.2.3.2. Typical extrusion texture of Mg and its alloys. 

 

Typical texture of rolled and extruded Mg alloys is shown by the basal pole 

figures in Fig. 1.2.3.3. In both cases, the c-axis typically aligns with the compressive 

direction during deformation as it aligns with the normal direction upon rolling and 

perpendicular to the extrusion direction. In [72] it was found that the development of 

strong basal texture is a result of the microstructure evolution during deformation 

and is not so dependent on the initial texture. 

presented region 
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Fig. 1.2.3.3. Typical basal pole figures of (a) rolled and (b) extruded Mg alloys; 

RD – rolling direction, TD – transverse direction, ED – extrusion direction. 

 

Strongly textured Mg alloys can exhibit a tension/compression asymmetry, 

i.e. the yield strength is different in tension and in compression tests. This asymmetry 

is also a function of the deformation temperature [73], because with the increasing 

temperature the CRSS for non-basal slip will decrease while that for twinning will 

remain constant.  

Improvement in formability and ductility of the wrought Mg alloys could be 

reached by the texture weakening. It is known that composition can significantly 

modify the texture and micro-alloying with some elements could weaken the 

extrusion texture.  

 

  

1.2.4. Work hardening in magnesium  

Deformation of Mg single crystals 

 Schematic example of single crystal deformation is presented in Fig. 1.2.4.1. 

At the beginning of deformation, elastic region governed by the Hooke's Law is 

observed. The initial elastic strain is caused by the simple stretching of bonds.  

The stage I begins at the yield point. The crystal could elongate at almost 

constant stress in this stage. The stage I is caused by a slip on one slip system (the 

primary slip system). The slip may begin on the second slip system when the 

resolved shear stress on the secondary slip plane reaches the critical value to move 

dislocations. The strain hardening coefficient is low, due to low dislocation density 

which is caused by the ability of the most of dislocations to escape from the crystal at 

the surface.  

The stage II is defined by a significant increase in the hardening coefficient. 

Thus, the crystal becomes more difficult to deform and the work hardening rate 
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depends on the temperature [74]. The essential feature of this stage is the increased 

dislocation density in the material which leads to a higher shear stress required to 

overcome additional barriers for further dislocation motion. The strain hardening is 

proportional to the dislocation density:  

           [1.2.4.1] 

where τ is the shear stress, G is the shear modulus, b is the Burgers vector and ρ is 

the dislocation density. The increase in hardness is caused by the activation of 

second slip systems, which limits the dislocations movement.  

 

 

Fig. 1.2.4.1. The relationship between the shear stress τ and the shear strain γ for a 

single crystal oriented for a single slip [74]. 

 

The stage III is known as dynamic recovery and characterized by the 

increasing strain hardening rate. The stress for the transition from Stage II to III (1) 

is proportional to the shear modulus, (2) decreases with increasing temperature and 

(3) decreases as the stacking fault energy increases. Unlike the stage II, the hardening 

rate during this stage is highly sensitive to the strain rate and deformation 

temperature [75]. As the applied stress increases, it becomes sufficient to overcome 

the obstacles and the work hardening saturates. During the Stage III dislocations start 

either mutually annihilate or form essentially stress-free dipoles of pairs of 

dislocations of the same Burgers vector magnitude but opposite sign. The stage III 

ends with the failure of single crystal. 
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Deformation of Mg polycrystals 

Plastic deformation of polycrystals is more difficult than the deformation of 

single crystals. The main difference is that the individual planes are positioned in a 

well-defined orientation in single crystals, but in polycrystalline metals single planes 

are positioned in a disordered way (Fig. 1.2.4.2). Texture free polycrystalline 

material usually has grains favourably and unfavourably oriented for deformation. In 

polycrystalline material each grain (single crystal) is surrounded by neighboring 

crystallites. Thus the deformation of favourably oriented crystallites is hindered by 

the unfavourably oriented ones. High local strains could be generated and initiate 

plastic deformation even in the unfavourably oriented crystallites. In addition, the 

grain boundaries act as strong barriers to dislocation motion. The result of all these 

factors is that the stress-strain curve for a polycrystalline material is different than the 

one for a single crystal and does not exhibit distinct stages characteristic for the 

single crystals. Depending on grain orientation with respect to the direction of the 

load applied to the material, some grains yield first, just when the resolved shear 

stress reach a critical value, and then other grains will follow progressively as the 

applied load increases. However, the yield point, at which plastic deformation begins 

across the whole sample, is often well-defined in the stress-strain curve of 

polycrystals.  

  

(a)      (b) 

Fig. 1.2.4.2. The structure of the polycrystalline material before (a) and during 

(b) the deformation [35]. 

 The process of strain hardening depends on the presence of hard non 

deformable particles in material. Such particles produce the internal stress that must 

be exceeded before further deformation can occur.  
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1.3. Introduction to the acoustic emission technique 

1.3.1. Definition, advantages and disadvantages of the acoustic 

emission technique  

 

Fig. 1.3.1.1. Generation and detection of acoustic emission in materials [76]. 

Acoustic emissions (AE) are transient elastic waves generated in materials 

due to sudden localized and irreversible structure changes (Fig. 1.4.1.1).  

The AE technique belongs to non-destructive techniques (NDT) because it is 

able to detect the structure changes in the material without destruction of tested part. 

Unlike to other NDT techniques, the detected energy is released within the test object 

rather than being supplied through the testing method.  

Advantages of the AE technique are: 

 the technique does not require a careful preparation of the test sample 

surfaces as it is required for scanning NDT techniques. Therefore, the 

results do not depend on surface condition and quality of its treatment; 

 it provides the detection and registration of growing defects that allows to 

define the degree of their danger (influence on strength) for the test 

sample; 

 it permits tracking of various processes and real-time evaluation of 

technical condition of object. 
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Disadvantages of the AE method are: 

 impossibility of unique definition of the beginning and the end of each AE 

impulse leads to difficulties in interpretation of the results; 

 extremely small AE signal cannot be distinguished from the noise of the 

background.   

The detection of AE is based on its physical nature. When the material is 

subjected to external force, in the AE source the released energy forms the stress 

pulse, which propagates through the material bulk as transient elastic waves. At the 

surface of the material it is transformed into a certain wave mode which corresponds 

to the geometrical configuration and the dimensions of the specimen. In other words, 

the material breakdown produces AE, which travels outward from the source, 

echoing through the body until it arrives at the sensor. The wave component 

perpendicular to the surface may be detected e.g. by piezoelectric transducers, which 

are coupled to the specimen surface either mechanically or through a waveguide. The 

sensor converts the sound energy into electrical signal (emission signal), which is 

passed to electronic equipment where firstly preamplified and then fed to the input of 

the measuring system, where it is filtered, amplified and analyzed. For comparison 

the AE signal from different measuring systems the AE systems must be calibrated, 

e.g. by so called capillary break test [77].  

 

The AE equipment typically consists of the sensor (transducer), amplifier 

(preamplifier), A/D converter, signal analyzer and computer with special software. 

The scheme is presented in the Fig. 1.3.1.2. 

 

 

 

Fig. 1.3.1.2. Schema of the typical AE equipment.  

 

The process of the AE measurements can be divided in two main parts: 

recording of the signals and their processing.  

 
    

Computer 
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1). The AE signal can be detected by the piezoelectric, electrodynamic, laser and 

capacity sensors. Piezoelectric transducers are usually produced using PZT (Pb (Zr, 

Ti) O3) ceramics. Such transducer can work in resonant or damped modes. Resonant 

mode is more sensitive but only in the vicinity of a given resonant frequency. The 

damped mode is less sensitive than resonant mode but ensure a flat response over a 

wide range of frequencies. Sensitivity of the transducer is defined in dB, where the 

reference voltage Ur = 1 µV is input on the transducer dBAE = 20log(U/Ur).  

The usage of piezoelectric transducers is also limited with the temperature 

(Curie temperature TC ) above which the transducer loses its properties.  

  The preamplifier is the most important unit in the AE signal amplification. It 

must be placed near the transducer to avoid the deterioration of registered signals. If 

the transducer does not have a built-in preamplifier it is necessary to use external 

preamplifier, which reduces the noise-to-signal ratio. The filter suppresses low 

frequency noises originated in the mechanical and electrical sources (i.e. from the 

deformation machine) from the AE signal.  

 The A/D converter transforms analog signal to digital.  

 

2). The processing software allows real-time evaluation of experimental.  

 

 

1.3.2. Terminology of acoustic emission 

AE signal is the electrical signal coming from the sensor (transducer) and 

passing through the subsequent equipment (amplifiers, frequency filters). Basic 

parameters and terminology of AE which will be used in further text is presented in 

this Section [78]. 

 

Physical origin of AE signal:  

AE event – the discrete structural change in material, which generates the AE. 

AE source – the physical origin of one or more AE events. 
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 Definitions and parameters of equipment used in measurements of AE are: 

AE amplitude – the largest voltage peak in the AE signal waveform. 

AE swing – the course of AE signal within one period of that at the frequency 

which corresponds to the maximal signal amplitude.  

Threshold level – a voltage level on an electronic comparator such that 

signals with amplitudes larger than this level will be recognized.  

Counts – the number of times the AE signal crosses the detection threshold 

level. 

AE count – part of emission swing, which exceeds a present threshold level. 

Duration – the time from AE signal’s first threshold crossing to its last one. 

Risetime – the time from AE signal’s first threshold crossing to its peak. 

Definitions and parameters used in processing of the AE signals are: 

Total number of emission counts NC – total sum of counts per defined time 

interval. 

Total number of emission events NE – total sum of events per defined time 

interval. 

Count rate CN  – number of emission count per time unit. 

Event rate EN  – number of emission event per time unit. 

 

Fig. 1.3.2.1. AE signal and its parameters [79]. 
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1.3.3. Microscopic origin of acoustic emission  

There are three main dislocation processes which can produce AE [80]:  

1) Relaxation of stress fields caused by the passage of dislocations. The stress 

field of a moving dislocation produces lattice displacements, the temporary 

part of which can be identified with AE. 

2) Annihilation of dislocation. The stress field energy of vanishing dislocations 

is radiated in form of AE.  

3) Acoustic radiation of accelerated (decelerated) dislocations, analogical to the 

electromagnetic radiation of a charged particle. 

 AE is a bulk effect, but usually it is detected as a displacement of the 

material surface ΔU. Scruby et al [81] studied the growth of a dislocation loop in an 

isotropic material and calculated the maximum displacement ΔU produced by the 

longitudinal wave arrival at the epicenter (the place on the surface where the front of 

the moving wave reaches the surface of the material). The maximum surface 

displacement ΔU for simple case of AE generated by the growth of n dislocation 

loops in an isotropic material can be derived 

3

2

L

T

Dc

nbrvc
U       [1.3.3.1] 

where b is the Burgers vector, cL and cT  are longitudinal and transversal wave 

velocities, r is the final radius of loop, v is the velocity of loop growth, D is the depth 

of loop below the surface             

A displacement, which can be detected by a piezoelectric transducer, is not 

less than 10
-13

 m. Movement of a single dislocation in polycrystalline Al produces 

the displacement of 10
-15

 m, which is not detectable [82]. Thus passage of a single 

dislocation under common experimental conditions can hardly be expected to 

produce a detectable AE. The energy released due to the slip is at 2-3 orders higher 

than that released due to annihilation [83]. The AE produced by the annihilation of a 

single dislocation pair seems hardly to be detectable. Consequently, the AE 

generated by an isolated dislocation could hardly be detected by the experimental 

technique, whatever its source mechanism. Nevertheless, the AE is detected during 

plastic deformation of metals and alloys and it suggests that the process of plastic 
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deformation is characterized by cooperative dislocation process. At least 100 

dislocations must move simultaneously to get a weak detectable AE signal.  

Twinning was the first reported source of AE (tin cry). Twin nucleation 

involves a simultaneous movement of at least hundreds dislocations and, therefore, it 

is an excellent source of AE. In [84] it was found an excellent correlation of one AE 

event per one twin during the compressive deformation. AE from twin thickening is 

negligible in comparison to that from twin nucleation. Calculations in [85] proved 

that for thickening of twins at least twenty million of simultaneously moving 

dislocations would be necessary to produce a detectable AE pulse but that is hardly 

possible. 

 

 

1.3.4. Types of acoustic emission signal  

Two basic types of the AE signal may be distinguished (Fig.1.3.4.1).   

Continuous emission has a random character and is characterized by low 

energy waves produced simultaneously by large number of sources. In case of the 

continuous AE the root mean square value of the signal voltage and the number of 

hits above threshold levels are evaluated during a certain adjustable period of time. 

Dislocation motion, i.e. activity of Frank-Read sources and piling up of dislocations 

at obstacles, dislocation annihilation, recrystallization and martensitic phase 

transformation could be the sources of such type of the AE signal.  

Burst emission has an avalanche character; the emission energy is extremely 

high and can be by 10-14 orders of magnitude higher than for continuous emission. 

In case of discontinuous AE each emission event is evaluated independently. Instable 

plastic deformation (Portevin-LeChatelier effect), twinning, crack nucleation and 

propagation are sources of the burst AE signal. 
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Fig. 1.3.4.1. Continuous emission (upper graph) and burst emission (lower graph). 

 

1.3.5. Influence of different material and experimental parameters 

on acoustic emission signal 

Several studies have shown [86-88] that the AE response depends on the 

strain rate, crystal structure, grain size and grain size distribution and distribution of 

precipitates, deformation temperature, as all these mechanisms influence the 

activation and size of dislocation avalanches and twins. 

1. Strain rate. An increase in the strain rate can change the proportion 

between dislocation slip and twinning, and may provoke twinning in materials which 

do not twin ordinarily [89]. It also influences the length and/or the density of moving 

dislocation and could increase of the AE activity.  

2. Crystal structure. Narrow peak located near the yield point was found in 

fcc, bcc, hcp polycrystalline metals. In hcp materials the AE activity was higher than 

in fcc and bcc materials [85]. 
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3. Grain size. The largest AE activity is observed in single crystals or coarse-

grained polycrystals. This result can be explained by the movement of large 

dislocations sections on long glide distances. With decreasing grain size the glide 

distance of dislocation decreases due to increasing density of grain boundaries, on 

the other hand the density of dislocation sources on grain boundaries is increased.  

4. Alloying elements. The solute atoms and second phase particles are the 

obstacles for moving dislocations and harden materials. The mobility of solutes 

results in aging effects which may initiate the occurrence of instable modes of plastic 

deformation accompanied by a large AE activity. The occurrence of cross slip or 

Orowan bowing is not favorable for formation of pile ups and results in a decrease of 

the AE. For the AZ series of Mg alloys (AZ31, AZ61, AZ80 alloys) it was found that 

the AE count rates decrease with increasing content of Al [90].   

5. Deformation temperature. The strong temperature dependence of the AE 

activity is very probably caused by the influence of thermally activated processes. 

Mathis et al. [91] found that the dependence of the AE count rate on the test 

temperature shows a distinct maximum at 200 °C (in the AM60 alloy). Above this 

temperature the decrease of the AE activity is connected with the change of the 

deformation mechanism. Non-basal slip becomes easier at high temperatures. AE 

activity is influenced also by dynamic recrystallization [92].  
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1.4. Deformation of Mg single crystals studied by acoustic emission 

technique 

Simulation of rolling process on Mg single crystals with various 

crystallographic orientations using channel die compression test with in-situ AE 

measurements could be useful for interpretation the deformation tests of polycrystals. 

Deformation behavior of the single crystal compressed along the c axis could be used 

for the explanation of the deformation behavior of extruded polycrystalline materials 

in tension. The single crystals with the basal planes parallel to the load direction 

could be related to the compression behavior of the extruded polycrystalline 

materials. 

The deformation mechanisms in three pure Mg single crystals with different 

orientations were studied by the AE technique. The single crystals were deformed in 

channel die compression at a constant strain rate of  = 1 x 10
-3

 s
-1 

at RT. The stress-

time curves correlated directly with the AE count rates measured at both threshold 

levels are given in [93]. It was suggested that the dislocation glide exhibited lower 

amplitude of the AE signal than twinning.  

 

1. Compression along the c axis. 

Ideally, compression along the c axis could not activate the basal, prismatic or 

pyramidal <a> slips or { 2110 } twinning, but some other deformation mode, i.e. 

hardly activated <c+a> slip systems. Sample loaded along the c axis exhibited low 

AE activity at the beginning of the deformation. The analysis showed that the AE 

signals had small amplitudes, so dislocation gliding occurs. With the further 

deformation, work hardening increased rapidly and increased number of sessile 

dislocations reduced the free path of moving dislocations and, therefore, almost no 

AE signal was found. The AE activity was also found short before the fracture. From 

[94] it could be suggested that {10-11} twinning was followed almost immediately 

by {10-12} twinning, thus the basal slip within the doubly twinned material 

happened before the fracture. 
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       (a) 

 

 

 

 

 

  (b)       (c) 

Fig. 1.4.1. Compression along the c axis. (a) orientation of the single crystal, (b) 

deformation curve (blue line) with the AE count rates 1CN  (black lines) and 2CN  

(red lines) in compression test, (c) the maximum amplitude of each emission count 

pointed on the stress-time graph [52]. 

 

  

2. Compression perpendicular to the c axis, load direction is <1-210> and constraint 

direction is <10-10>.  

It is known, that when compression is applied perpendicularly to the c axis 

the plastic deformation starts to be accommodated by the basal slip, which has the 

lowest CRSS from all slip systems in Mg. Deformation process of single crystals of 

such orientation can be considered as two stages process. At the first stage, the 

deformation curve was plateau-like and significant AE with different amplitude of 

signals was observed. The plateau on the deformation curve can be explained by the 

<a> slip and a small number of additional twins, which were observed in channel die 

compressed Mg single crystals with a similar orientation [94]. Probably, the 

activation of primary (1012) <10-1-1> twins occurred. At the end of the first stage 

the twinning nucleation was completed. Dislocations become immobilized and their 

density increases, which leads to a decrease in the free path of moving dislocations 

 Load direction Constraint direction 

<0001> <1-210> 

                             load 

 

       

     extension                       

 

                                            constraint 
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and to a reduction of the AE activity. During the second stage strong increase in 

engineering stress and slight decrease in the AE activity were observed. It could be 

explained by the activation of non-basal <c+a> slip.  

 

 

 

 

 

   

(a) 

 

 

 

 

 

 

 

  (b)      (c) 

Fig. 1.4.2. Compression perpendicular to the c axis, load direction is <1-210> and 

constraint direction is <10-10>. (a) orientation of the single crystal, (b) deformation 

curve (blue line) with the AE count rates 1CN  (black lines) and 2CN  (red lines) in 

compression test, (c) the maximum amplitude of each emission count pointed on the 

stress-time graph [52]. 

 

 

 

3. Compression perpendicular to the c axis, load direction is <10-10> and constraint 

direction is <1-210>.  

The single crystal with such orientation exhibited similar two stage 

deformation behavior as was described in previous case, however it revealed lower 

work hardening than previous one. Also, single crystal with such orientation 

exhibited more AE signals with high amplitude. It can be explained by the 

occurrence of tensile twins, which produce strong AE signals and also reorient the 

crystal lattice so that the <a> basal slip may become easier. 

Load direction Constraint direction 
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     extension                       
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  (b)      (c) 

 

Fig. 1.4.3. Compression perpendicular to the c axis, load direction is <10-10> and 

constraint direction is <1-210>. (a) orientation of the single crystal, (b) deformation 

curve (blue line) with the AE count rates 1CN  (black lines) and 2CN  (red lines) in 

compression test, (c) the maximum amplitude of each emission count pointed on the 

stress-time graph [52]. 
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2. Object of the thesis 

 

Understanding the links between the microstructure and deformation 

properties of Mg alloys can help to estimate the micromechanical mechanisms. Also 

this can lead to optimization of the fabrication process and to new applications of the 

alloys. In this thesis, properties of selected Mg alloys have been investigated by 

metallography, light microscopy, X-Ray diffraction and deformation tests with in-

situ AE measurements and the main investigated topics can be divided as: 

(i) study of the influence of solute alloying on the alloy microstructure after 

extrusion;  

(ii) study of the microstructure and its development during plastic deformation;  

(iii) study of the relation between properties after extrusion (microstructure and 

specifically  extrusion texture, influenced by addition of solute elements) and 

deformation mechanisms in novel Mg alloys during mechanical testing by the 

application of the AE technique;  

 

The first topic is focused on the influence of Al, Ca, Y, Ce, Nd alloying 

elements and different extrusion rates on the microstructure investigated by 

metallography. The second topic is focused on the investigation of the extruded 

microstructure evolution by X-ray diffraction, light microscopy and EBSD methods. 

The third topic includes AE study of the influence of microstructure of the Mg alloys 

on deformation behavior and, in particular, the comparisons of the activation of 

different slip systems and twinning mechanisms in tension and compression.  
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3. Materials under investigation and experimental procedure 

The alloys under investigation are based on the commercial Mg alloy M1, 

alloyed with calcium (Ca), aluminium (Al) and RE elements such as cerium (Ce), 

yttrium (Y) and neodymium (Nd). The alloys are denoted as: 

• M1 (Mg - 1 wt.% Mn), 

• MX10 (Mg - 1 wt.% Mn - 0.3 wt.% Ca),  

• AM11 (Mg - 1 wt.% Mn - 1 wt.% Al),  

• AM81 (Mg - 1 wt.% Mn - 8 wt.% Al),  

• ME11 (Mg - 1 wt.% Mn - 1 wt.% Ce),  

• MW11 (Mg - 1 wt.% Mn - 1 wt.% Y),  

• MN11 (Mg - 1 wt.% Mn - 1 wt.% Nd).  

All alloys for this study were fabricated in Helmholtz-Zentrum Geesthacht 

(Germany). The alloys for this study were gravity cast to billets which were 

machined with a diameter of 93 mm. The billets were homogenized at 350 °C for 15 

hours before further processing. 

 

3.1. Extrusion process  

Extrusion is one of the promising technologies for the production of long and 

thin-walled profiles with improved mechanical properties. These profiles exhibit 

frequently a pronounced texture (with basal planes mainly oriented parallel to the 

extrusion direction) resulting in a high asymmetry of mechanical properties. In the 

indirect extrusion (Fig. 3.1.1), also known as the backwards extrusion, the billet is 

upset first in the container and a dummy block locks the container from one side. The 

die moves from the other side pushing away against a hollow stem, into the 

container. The extrusion ratio is defined as a ratio of the starting cross-sectional area 

of the billet to the cross-sectional area of the final extrusion. The benefits of 

extrusion include the ability to produce products with large and complex cross 

sections or many products from a single billet in an economical and high-

productivity process. 

All billets were indirectly extruded at 300 °C and with an extrusion ratio of 

1:30 to round bar profiles. The ram speeds were 0.5 mm/s and 5.5 mm/s which 

correspond to extrusion rates (profile exit speeds) of 1 m/min and 10 m/min, 
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respectively. For simplicity, these two extrusion rates would be referred to as “slow” 

and “fast” extrusion in the following. Based on the initial billet temperature of 

300 °C, the temperature after the slow extrusion increases to 340 °C for M1, about 

370 – 385 °C for MX10, AM11, AM81 alloys and about 390 °C for the RE-

containing alloys. After the fast extrusion, temperatures were about 100 °C higher 

than after the slow extrusion, regardless of the alloy composition. After being 

extruded the profiles were air cooled.  

  

Fig. 3.1.1. Scheme of the indirect extrusion process. 

 

 

 

3.2. Metallography 

Metallography was used for revealing the microstructure changes caused by 

processing (heat treatment and cold working) and post-processing conditions, 

composition etc. 

After the extrusion, all samples were cut in longitudinal direction in order to 

observe the planes which are oriented parallel to the extrusion. A section from the 

centre of the extrudate was ground firstly using coarse SiC papers (800 grit) until the 

surface was completely flat. Further grinding was carried out using successively finer 

SiC papers (1200, 2000 and 3000 grit). 

After grinding, the samples were mechanically polished on a porous cloth of 

Neoprene (MD-Chem, Struers
TM

) using an oxide polishing suspension (OP-S, 

Struers
TM

) of Al2O3 (average particle diameter 0.05 µm) and distilled water. Finally, 

the samples were rinsed and cleaned in an ultrasonic-bath with pure ethanol. 

The polished samples were chemically etched for 5 seconds, with using a 

picric acid solution composed of 150 ml of ethanol, 40 ml of distilled water, 6.5 ml 

dummy block container 

ram 

extrusion 
billet 

die container 
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of acetic acid, 3-4 g of picric acid (98%).  After etching, a clear contrast of the grain 

boundaries was obtained.   

Microstructure characterisation has been carried out at the HZG-Magnesium 

Innovation Centre MagIC in Geesthacht with light microscope Leica
TM

 DMLM, 

where 1.6 to 1000 fold magnifications are available. Micrographs were taken using a 

Colour View camera DC500 connected to the microscope and were evaluated using 

an image-processing software “analySIS” version 5.0. The average grain size was 

determined by a linear intercept statistical method in accordance with DIN 50600.  

 

3.3. Texture measurements 

The texture of the extruded alloys was analysed by the X-Ray diffraction 

method (Fig. 3.3.1). In X-ray diffraction analysis, the texture is determined from a 

set of pole figures. These pole figures are measured by recording the intensity 

distribution of a single (hkl) reflection by tilting and rotating the sample over the 

orientation sphere.  

A Panalytical
TM

 X-ray diffractometer setup using CuKα radiation was used to 

measure pole figures on polished cross sections of the extrudates. Scanning step size 

of 5° was used for a sample tilting from 0° to 70°, and for a sample rotation from 0° 

to 360° (Fig. 3.3.2). The (00.2), (10.0), (11.0), (10.1), (10.2) and (10.3) pole figures 

were measured to calculate the complete orientation distribution, which allows for 

the recalculation of pole figures and inverse pole figures by using commercial 

software Panalytical-X Pert Texture
TM

.  
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Fig. 3.3.1. Scheme of the texture measurement. 

 

 

Fig. 3.3.2. Orientation of the sample during the measurement [70]. 

 

 

 

3.4. Deformation tests 

Samples with a diameter of 6 mm and a gauge length of 60 mm were 

machined for tensile tests. Cylindrical samples with a diameter of 11 mm and a 

length of 16.5 mm were fabricated for compression tests. Universal testing machines 

INSTRON
®
5882 and Zwick

®
Z050 (Fig. 3.4.1) were used to carry out tests with a 

constant strain rate of 1 x 10
-3

 s
-1 

at RT.      

All data were collected with rate 10 Hz and processed with the dedicated Blue 

Hill
® 

software by the INSTRON
®
 company or with the TestXpert

® 
software by the 

Zwick
®

 company. All received data were proceeded in the Origin
®

 program by 

OriginLab
®
 company and presented in the graph form. Each sample was tested at 

least twice to check reproducibility of results, which was confirmed. The average 

source of X-rays 

       

       

 

sample 

 

 

 

beam 

 

 

detector 
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values of tensile yield and ultimate strengths and elongation were calculated, the 

results are presented in Section 4.2.  

 

Fig. 3.4.1. A universal testing 

machine INSTRON
®
5882. 

 

 

 

 

 

 

 

 

 

 

3.5. Acoustic emission measurements  

A miniaturized MST8S piezoelectric transducer (diameter 3 mm, almost point 

AE detection, a flat response in a frequency band from 100 to 600 kHz, sensitivity 

55 dB ref. 1 Vef ) was attached on the specimen with the help of silicon grease and a 

spring.   

Two types of the AE equipment were used:  

1. DAKEL XEDO (Fig.3.5.1a). Discrete values of the signal parameters are 

registered and the time sampling is used. The sampling rate defines the 

number of values which are registered per second. The AE signal is then 

analyzed and evaluated in real time and the resulting data (AE parameters) 

are stored. The AE activity was measured on the basis of the two-threshold-

level detection accordingly to the ASTM E 1067-85, which enables simple 

amplitude discrimination. The threshold levels are set depending on studied 

material and experimental parameters. The threshold voltage for the total AE 

count 1CN  was set to 725 mV and for the burst AE count 2CN  to 1440 mV. 

To retain the signal quality, a 26 dB preamplifier was used and the total gain 
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was 90 dB. The AE signal sampling rate was 4 MHz and the entire range of 

the 8 bits A/D converter was ± 2415 mV.      

2.  DAKEL CONTI (Fig.3.5.1b). It features continuous data saving in computer 

memory with 12-bit synchronous sampling from up to 4 channels and with 

the rate of 2 MSample/s. The analog part of the AE system comes from the 

XEDO system. The sampled AE signal is continuously stored on a dedcated 

hard disk which is connected to the measuring unit via a high speed interface 

(USB2.0), i.e. high data transfer speed is ensured. Data saving ratio is above 

16 MB/s, thus for 1 hour measurement near 56 GB of free space are required. 

Consequently, the length of the measurement is limited by the disk space. The 

software allows both the evaluation of the individual AE events in a standard 

way (two-threshold-level detection recommended by an ASTM standard) and 

the analysis of the complete stored spectra based on statistical methods. This 

system allows simulation of measurements with different settings (threshold 

levels) and repeated processing of the experimental results. 

 

 

 

 

Fig. 3.5.1. Computer controlled AE system XEDO (a), CONTI (b). 

 

 

 

 

 

 

 

 

(a) (b) 
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3.6. Additional investigations 

EBSD measurements 

Orientation imaging was performed on longitudinal sections of the extruded 

bars using the electron backscatter diffraction (EBSD) technique in a field emission 

gun scanning electron microscope (SEM). An accelerator voltage of 15 kV and a step 

size of 0.2 µm were used. Sample surfaces were prepared in the same way as for 

metallography and were electropolished using an AC2 solution (Struers™). 

Slip trace analysis was performed on the fast extruded AM11 alloy. Flat 

tensile samples from the fast extruded AM11 alloy with a gauge length of 21 mm, a 

width of 3.5 mm and a thickness of 1.5 mm were prepared. After collecting the 

orientation image the samples were deformed up to the yield point. The second 

EBSD measurement was then carried out in the same area as before deformation and 

traces were inspected for each orientation.  

Annealing tests 

In order to examine the influence of the alloying elements on the stability of 

the microstructure, several heat treatments were carried out. Annealing treatments 

were conducted using an electric resistance furnace for 1 hour at temperatures 120, 

150, 200, 250, 350, 420, 470 and 500 °C. In all cases, the samples were afterwards 

cooled on air. After annealing, the samples for microstructure analyses were 

prepared.  
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4. Experimental results  

4.1. Microstructure and texture 

4.1.1. Alloys without addition of rare earths  

 The microstructures of the alloys after slow and fast extrusion are shown in 

Fig. 4.1.1.1. The average grain size data are summarised in Table 4.1.1.1. The slowly 

extruded M1, MX10 and AM11 alloys (Figs. 4.1.1.1a, c, e) exhibited bimodal 

microstructures with large elongated grains surrounded by small equiaxed grains, i.e. 

the microstructure was partially recrystallized. The average grain sizes of 

recrystallized part of microstructure were 8 µm for M1, 5 µm for MX10 and 10 µm 

for AM11. In contrast, AM81 (Fig. 4.1.1.1g) exhibited a homogeneous and fine-

grained, fully recrystallized microstructure with an average grain size of 10 µm after 

slow extrusion. However, after fast extrusion, all alloys (Fig. 4.1.1.1b, d, f, h) 

showed almost fully recrystallized microstructures. In MX10 a homogeneous grain 

size distribution with an average grain size of 10 µm was obtained. In the case of M1 

and AM11 a significantly coarser microstructure with average grain sizes of about 

70 µm and 65 µm, respectively, was found. The average grain size of AM81 was 

almost the same as after slow extrusion, i.e. 10 µm. 

Table 4.1.1.1. Average grain size of recrystallized part of the microstructure. 

 

 

 

 

 

The phase composition of samples after fast extrusion, i.e. in a fairly well 

developed microstructural condition, was studied by the SEM technique. It revealed 

precipitates of various kinds, as follows (Fig 4.1.1.2). Additional information on the 

precipitates was obtained from energy-dispersive X-ray spectroscopy (EDS) analysis. 

MX10 contained a broad distribution of fine particles in the entire volume of the 

sample as well as the larger particles agglomerated at the grain boundaries. The 

particles (most probably Mg2Ca phase) were rich in Ca (about 8 wt.%) and contained 

0,75 wt.% of Mn. By comparison, AM11 and AM81, showed a significantly smaller 

amount of fine particles most likely of Mg17Al12 and Al8Mn5 phases. These particles 

 Average recrystallized grain size [µm] 

M1 MX10 AM11 AM81 

extrusion speed: 1 m/min 

extrusion speed: 10 m/min 

8 

70 

5 

10 

10 

65 

9 

11 
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contained about 80 wt.% of Mn and about 15 wt.% of Al in AM11. In AM81, also 

larger particles especially along the grain boundaries were found. These particles 

contained up to 20 wt.% of Mn and up to 35 wt.% of Al. 

 
 

Fig. 4.1.1.1. Micrographs from longitudinal sections of extruded round bars: 

(a) slowly extruded M1, (b) fast extruded M1, (c) slowly extruded MX10, (d) fast 

extruded MX10, (e) slowly extruded AM11, (f) fast extruded AM11, (g) slowly 

extruded AM81, (h) fast extruded AM81. 
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EDS Quantitative Results 

 

 

 

EDS Quantitative Results 

  

   

 

 

EDS Quantitative Results

          

 

 

 

Fig. 4.1.1.2. SEM micrographs and composition of particles and the matrix alloy at 

grain boundaries and in grain interiors (a) MX10, (b) AM11, (c) AM81. Note 

varying magnification. 

 

In order to investigate the microstructure stability of the fine grained alloys, 

additional heat treatments were carried out for 1 h at temperatures 120, 150, 200, 

250, 350, 420, 470  and 500 °C on samples of MX10 and AM81. M1 and AM11 

were not considered for these experiments because of the significant grain growth 

already observed after fast extrusion. The maximum temperature of 500 °C 

corresponds to the exit temperatures of the profiles after extrusion. Fig. 4.1.1.3 shows 

the resulting average grain size as a function of the annealing temperature for both 

alloys. Up to 420 °C, the average grain sizes (i.e. 10 µm and 13 µm for MX10 and 

AM81, respectively) did not change significantly. At temperatures higher than 

420 °C the average grain size of MX10 increased and reached 20 µm at 500 °C. For 

AM81, annealing temperatures above 420 °C led to an even more rapid increase in 

 O 
 Wt%   At% 

Mg 
Wt%    At% 

Ca 
 Wt% At% 

Mn 
Wt%  At% 

1 0.51   0.80 90.42 93.63  8.32 5.23 0.75 0.34 

2 0.16          0.24 98.56 99.11  0.46 0.28 0.82 0.36 

 Mg 
Wt%     At% 

Al 
Wt%    At% 

Mn 
Wt%      At% 

1  2.97  5.46  17.55  29.16  77.91 63.57 

2  5.00  9.25  14.58  24.32  79.56 65.18 

3  98.76  99.08  0.74  0.67  0.44 0.20 

4  98.06  98.37  1.64  1.48  0.26 0.12 

 Mg 
Wt%     At% 

Al 
Wt%        At% 

Mn 
Wt%    At% 

1  42.69  50.57 35.86 38.27 18.35 9.62 

2  94.55       95.03 5.27        4.77 0.07        0.03 

3  94.23       94.69 5.64        5.11 0.00        0.00 

1 

2 

3 

2 μm 

10 μm 

1 

3 
2 

4 

1 

 
2 

 

2 μm 

(a) 

(b) 

(c) 

 

 
 

MX10 

 
 

 

 
 

 

AM11 
 

 

 
 

 

 

AM81 



41 

 

the average grain size which reached up to 40 µm at 500 °C. Higher concentration of 

second phase particles in MX10 than in AM81 was found in the entire annealing 

temperature range (Fig.4.1.1.4). 
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Fig. 4.1.1.3. Average grain size plotted as the function of the annealing temperature 

for fast extruded MX10 and AM81.  

 

 

 
 

Fig. 4.1.1.4. Micrographs from the annealing test. (a) MX10 after 1 h at 150 °C, 

(b) MX10 after 1 h at 350 °C, (c) MX10 after 1 h at 500 °C, (d) AM81 after 1 h at 

150 °C, (e) AM81 after 1 h at 350 °C, (f) AM81 after 1 h at 500 °C. 

 

The textures of all the extruded alloys are summarized in Fig. 4.1.1.5. Slowly 

extruded M1 alloy (Fig. 4.1.1.5a) showed the strongest fibre-type texture which 
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corresponds to the prismatic planes being mainly oriented perpendicular to the 

extrusion direction. Slowly extruded MX10 and AM11 reveal quite strong textures 

with a distinct <10.0> fibre component (Fig. 4.1.1.5c, e). Slowly extruded AM11 

showed the typical distribution of highest intensities along the arc between the 

<10.0> and <11.0> poles, while MX10 exhibited a distribution tilted away from the 

<11.0> pole. Slowly extruded AM81 exhibited extremely weak fibre-type texture 

with 2.9 times random intensity (Fig. 4.1.1.5g). 

Fast extruded M1 (Fig. 4.1.1.5b) exhibited intensities homogeneously 

distributed between the <10.0> and the <11.0> poles. The maximum intensity 

significantly decreased with decreasing extrusion speed (from 15.7 to 5.5 times 

random intensity). Fast extruded MX10 alloy (Fig. 4.1.1.5d) exhibited significantly 

lower texture strength than the slowly extruded one (the decrease was from 9.4 to 2.5 

times random intensity). In the fast extruded AM11 the high intensity remained and 

shifted towards the <11.0> pole (Fig. 4.1.1.5f) by comparison to the slowly extruded 

AM11. In contrast to MX10 and AM11, the textures of AM81 were weak and almost 

comparable for both extrusion speeds (Fig. 4.1.1.5g, h). The highest intensity was 

found between the <10.0> and <11.0> poles.  

To discuss the main features of the texture and its relation to the mechanical 

behavior, the intensity of the basal planes was plotted against the tilt angle with 

respect to the extrusion axis in Fig. 4.1.1.6. A strong preference for the basal planes 

to be oriented parallel to the extrusion direction was found in slowly extruded M1 

and AM11 and this effect became even more significant after fast extrusion. On the 

other hand, although the texture of slowly extruded MX10 was quite strong (Fig. 

4.1.1.5c) it showed a broad distribution of basal planes with the tilt angle. This 

distribution did not significantly change with extrusion speed. AM81 exhibited a 

broad angular distribution of basal planes with respect to the extrusion direction after 

both extrusion speeds i.e. very similar behaviour to that of MX10.  
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Fig. 4.1.1.5. Inverse pole figures of extruded round bars: (a) slowly extruded M1, 

(b) fast extruded M1, (c) slowly extruded MX10, (d) fast extruded MX10, (e) slowly 

extruded AM11, (f) fast extruded AM11, (g) slowly extruded AM81, (h) fast 

extruded AM81. Inverse pole figures refer to the extrusion direction. 

 

 

The various features revealed in the microstructural analysis in Fig. 4.1.1.1 

and 4.1.1.2 could be correlated with the crystallographic orientation by using EBSD 

orientation maps and inverse pole figures, as shown in Fig. 4.1.1.7. The results are 

shown for the partly recrystallized microstructures obtained after slow extrusion in 

order to allow different aspects of the microstructure to be separated. For all four 

alloys, the complete orientation maps were used as “all data” to verify the textures 

shown in Fig. 4.1.1.5. In [95] it was found that after nucleation, the nuclei grow at 

the cost of the deformed microstructure with its high dislocation density, thereby 
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forming new deformation-free grains. In [96] it was presumed that the recrystallized 

fracture of the microstructure had low grain orientation spreads, less than 1°. In 

contrast, grains with grain orientation spreads larger than 5° are considered to be 

unrecrystallized (for the latter no results were found for AM81 because of the fully 

recrystallized microstructure).  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 4.1.1.6. The intensity of the basal planes plotted as a function of the basal planes 

deflection from the extrusion direction for slowly (a) and fast (b) extruded M1, 

MX10, AM11, AM81 alloys.  

 

 

 

According to this analysis, the microstructure of the slowly extruded M1 and 

MX10 alloys (Fig. 4.1.1.7a, b) contained small recrystallized grains as well as 

unrecrystallized, deformed grains. The unrecrystallized grains were oriented close to 

the <10.0> pole and mainly determine the fibre texture. Interestingly, in M1 and 

MX10, the texture intensity was also revealed around the <11.1> pole. A very similar 
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result was also found for the unrecrystallized fraction of the microstructure of AM11 

(Fig. 4.1.1.7c).  

Small recrystallized grains in MX10 and AM11 exhibited a weak texture with 

the same two texture components at the <10.0> and the <11.1> poles. In MX10 no 

intensity around the <11.0> pole was found. In contrast, the highest intensities in the 

M1, AM11 and AM81 (Fig. 4.2.1.3d) were distributed along the arc between the 

<10.0> and <11.0> poles. In each case the <10.0> pole has the highest intensity. The 

recrystallized fraction of grains in AM11 alloy showed a higher tendency of 

orientation around the <11.1> pole. Additionally, EBSD analysis of AM81 showed a 

grain which appears to be completely reoriented with the c-axis parallel to the 

extrusion direction and a resulting low intensity at the <00.1> pole. It can be 

assumed that this is the result of the overall weak texture of this sample which is 

likely linked with a larger spread in orientations of the identified grains. 
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Fig. 4.1.1.7. Orientation maps and inverse pole figures of slow extruded (a) M1, 

(b) MX10, (c) AM11, (d) AM81. Note varying magnification. Extrusion direction for 

the microstructure is horizontal. Inverse pole figures refer to the extrusion direction. 
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4.1.2. Alloys with rare earths addition  

In the ME11 and MW11 alloys, partially and fully recrystallized 

microstructures after slow and fast extrusion, respectively, were found (Fig. 4.1.2.1). 

In spite of difference in slow and fast extruded microstructure, the average grain 

sizes were only slightly different (Table 4.2.1.1). The average grain size after both 

extrusions was 7 µm for ME11 and approximately 11 µm for MW11. The MN11 

alloy exhibited a fully recrystallized microstructure after both extrusions and the 

average grain size increased from 5 µm (after slow extrusion) to 10 µm (after fast 

extrusion). 

No difference in the average grain size of slowly and fast extruded ME11 and 

MW11 was observed. To characterize the grain size more precisely, the median grain 

size (the numerical value separating the upper half of a data from the lower half) was 

also calculated. The median grain size indicates that the fast extruded alloys have 

larger grains than the slowly extruded ones. The grains were also grouped according 

to their size: up to 5 μm and up to 20 μm, as shown in Table 4.1.2.1. After slow 

extrusion, all alloys contained 60-70% of grains smaller than 5 μm and 80-90% of 

grains smaller than 20 μm. After fast extrusion, MW11 contained the highest amount 

of grains smaller than 5 μm (60%), when ME11 contained only 27% of these grains. 

All RE-containing alloys consisted of 90-98% of grains smaller than 20 μm after fast 

extrusion.  

 

Table 4.1.2.1. Grain structure of the M1, ME11, MW11, MN11 extruded alloys.  

Alloy Extrusion 

speed 

Average 

grain 

size [μm] 

Median 

grain 

size [μm] 

Fraction of 

recrystallized 

microstructure 

[%] 

Fraction 

of grains 

up to  

5 μm [%] 

Fraction of 

grains  

up to  

20 μm [%] 

M1 1 m/min 

10 m/min 

8 

70 

6 

55 

65 

100 

54 

1.5 

90 

17 

ME11 1 m/min 

10 m/min 

7 

7 

3 

5 

60 

95 

61 

27 

80 

98 

MW11 1 m/min 

10 m/min 

11 

10 

3.5 

7 

58 

95 

67 

60 

90 

92 

MN11 1 m/min 

10 m/min 

4 

9 

4 

9 

100 

98 

65 

39 

92 

97 
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Fig. 4.1.2.1. Micrographs from longitudinal sections of extruded round bars: 

(a) slowly extruded ME11, (b) fast extruded ME11, (c) slowly extruded MW11, (d) 

fast extruded MW11, (e) slowly extruded MN11, (f) fast extruded MN11. 

 

 

For comparison with the alloys from previous section, RE-containing alloys 

were also annealed. In case of ME11, MW11, MN11 the grain sizes remained almost 

unchanged in the entire annealing temperature range (Fig. 4.1.2.2). 

 

 

 

Fig. 4.1.2.2. Average grain size 

plotted as a function of the 

annealing temperature for fast 

extruded ME11, MW11, MN11. 
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Fig. 4.1.2.3. Inverse pole figures from extruded round bars: (a) slowly extruded 

ME11, (b) fast extruded ME11, (c) slowly extruded MW11, (d) fast extruded MW11, 

(e) slowly extruded MN11, (f) fast extruded MN11. Inverse pole figures refer to the 

extrusion direction. 

Texture of the RE-containing alloys in the extrusion direction is presented 

in Fig. 4.1.2.3. The slowly extruded ME11 alloy exhibited the strongest texture with 

a distinct <10.0> fibre component, additional component appeared between the 

<00.1> and the <11.0> poles. After fast extrusion, intensity of the <10.0> pole was 

significantly lower than after slow extrusion. Intensities increase between the <10.0> 

and the <11.0> poles was found, however, the intensity increase was stronger 

towards an orientation between the <00.1> and the <11.0> poles. For the MW11 

alloy texture features were similar as for ME11, but the texture intensity was weaker 

and intensities between the <00.1> and the <11.0> poles were more pronounced. 

However, MN11 showed a completely different texture. After both extrusions the 

texture was weak with no significant intensity at the arc between the <10.0> and 

<11.0> poles. Basal planes were tilted away from the extrusion direction and it 

brought a new “rare earth component” to the texture. 
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EBSD orientation maps (with deformed and recrystallized regions shown 

separately) of slowly extruded ME11, MW11, MN11 are presented in Fig 4.1.2.4. 

Unrecrystallized grains are oriented around the <10.0> pole in all RE-containing 

alloys. Recrystallized grains have orientation between the <10.0> pole and pole tilted 

from the <11.0>, for example the <11.1> pole. Also in the case of MW11 and MN11 

there is a tilt from the <10.0> pole, e.g. to the <20.1> pole.  
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Fig. 4.1.2.4. Orientation maps 

and inverse pole figures of slow 

extruded (a) ME11, (b) MW11, 

(c) MN11. Extrusion direction 

for the microstructure is 

horizontal. 
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Fig. 4.1.2.5 showed a strong preference for the basal planes to be oriented 

parallel to the extrusion direction in slowly extruded ME11. Fast extruded ME11 also 

as MW11 and MN11 after both extrusions showed a broad distribution of basal 

planes with the tilt angle. In case of ME11 and MN11 the distribution of intensity did 

not significantly change with extrusion speed.  

 

 

 

Fig. 4.1.2.5. The intensity 

of the basal planes plotted 

as a function of the basal 

planes deflection from 

extrusion direction for 

slowly (a) and fast (b) 

extruded M1, ME11, 

MW11, MN11 alloys.  
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4.2. Mechanical properties and deformation mechanisms 

4.2.1. Alloys without addition of rare earths 

Deformation curves from tensile and compression tests for all investigated 

alloys are presented in Fig. 4.2.1.1 and mechanical properties are summarized in 

Table 4.2.1.1. For each alloy, the tensile yield stress (TYS) and the compression 

yield stress (CYS) were lower after fast extrusion than after slow extrusion, with the 

exception of the M1 alloy. Slowly extruded M1 exhibited nearly the same value of 

TYS and higher value of UTS than the fast extruded one. From the slowly extruded 

alloys, MX10 exhibited the highest TYS, whereas the lowest TYS and CYS were 

found for the M1 alloy. The fracture strain was comparable for all slowly extruded 

alloys, with the exception of the M1 alloy, which exhibited a significantly lower 

value. Slowly extruded AM11 and AM81 exhibited nearly twice as large fracture 

strain than the fast extruded ones, whereas there was only a slight difference in 

fracture strains of M1 and MX10 after both extrusions.  

Slowly extruded MX10 exhibited the highest CYS whereas slowly extruded 

AM11 exhibited the highest UCS. Interestingly, AM81 exhibited nearly the same 

CYS after both extrusions. Slowly extruded M1 had higher fracture strain in 

compression than in tension. Slowly extruded MX10, AM11 and AM81 exhibited 

app. two times lower fracture strain in compression than in tension. M1 and AM11 

exhibited same fracture strain after both extrusion speeds, whereas fast extruded 

MX10 and AM81 exhibited higher fracture strain than these extruded slowly. The 

maximum stress was always higher in compression test (UCS) than in tension test 

(UTS) indicating higher strain hardening in compression rather than in tension.  

For all alloys without RE elements a tension-compression asymmetry (ratio 

between CYS and TYS) smaller than 1 was found. The highest tension-compression 

asymmetry was found in M1 and AM11 which can mainly be attributed to a very 

significant drop of CYS with increasing extrusion speed. The fast extruded AM81 

alloy shows the lowest tension-compression asymmetry which also increases with 

decreasing extrusion speed. 
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Table 4.2.1.1. Average grain size and mechanical properties measured in straining 

parallel to the extrusion direction: tensile yield stress (TYS), ultimate tensile stress 

(UTS), compression yield stress (CYS), ultimate compression stress (UCS), fracture 

strain, tension-compression asymmetry (CYS/TYS). 

 

Alloy Extrusion 

speed               

[m/min] 

Average 

grain size 

[μm] 

TYS       

[MPa] 

UTS 

[MPa] 

Fracture 

strain  

[%] 

CYS 

[MPa] 

UCS  

[MPa] 

Fracture 

strain 

[%] 

CYS/

TYS 

M1 

 

1 

10 

8 

70 

183 

189 

243 

261 

6.1 

5.3 

126 

65 

386 

346 

11.0 

11.0 

0.69 

0.34 

MX10 1 

10 

5 

10 

241 

187 

265 

230 

21 

19 

177                     

98 

385 

323 

11 

14 

0.73 

0.52 

AM11 1 

10 

10 

65 

214 

171 

277 

279 

20 

9.5 

157                    

68 

423                         

366 

12 

12 

0.73 

0.4 

AM81 1 

10 

9 

11 

184 

165 

290 

278 

22 

12 

144                    

140 

391                     

426 

14 

17 

0.78 

0.86 

 

 

The deformation curves from tensile tests after both extrusions in Fig. 4.2.1.2 

are directly correlated to the AE count rates measured at both threshold levels. All 

samples exhibited a characteristic AE peak related to the macroscopic yield point. 

During the tensile tests of M1 after slow and fast extrusion (Fig. 4.2.1.2 a, b), the AE 

count rates increase to a peak value at the macroscopic yield point and, then, a 

relatively high AE response remains during the entire test. In the case of the fast 

extruded M1 alloy, the AE count rates are distinctly higher than in the case of the 

slowly extruded alloy. A strong decrease of the AE activity followed the AE peak in 

the MX10 alloy at both extrusion speeds (Fig. 4.2.1.2 c, d). The slowly extruded 

AM11 alloy (Fig. 4.2.1.2 e) exhibited only a small AE peak at the yield point. In the 

case of fast extruded AM11 (Fig. 4.2.1.2 f) the AE response was higher than in 

slowly extruded alloy and persisted during the whole test. In AM81 after slow and 

fast extrusion (Fig. 4.2.1.2 g, h), the AE count rates increased to a peak value at the 

macroscopic yield point and a considerable AE response remained also during the 

entire test. Again, a slightly more distinct decrease of the count rates in the slowly 

extruded alloy than in the fast extruded alloy was found. 

The deformation curves from compression tests concurrently with the AE 

count rates are presented in Fig. 4.2.1.3 for slowly and fast extruded materials.  
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Fig. 4.2.1.1. Deformation curves from (a) tensile tests for slowly extruded alloys, 

(b) tensile tests for fast extruded alloys, (c) compression tests for slowly extruded 

alloys, (d) compression tests for fast extruded alloys.  

The AE response during compression tests was significantly different from 

that observed during the tensile tests. The count rates 2CN  had almost the same peak 

values as 1CN . 2CN  represented signals of the burst type, whereas 1CN  involved all 

detected signals. In all compression tests, the AE response almost vanished in further 

course of plastic deformation (when distinct strain hardening took place). In the 

compression test (Fig. 4.2.1.3 a, b) of M1 only a single peak near the yield point 

occurred and almost the same AE activity after both extrusion speeds was found. In 

slowly extruded MX10, the first AE peak at the yield point was followed by a 

distinct second one. After fast extrusion only a single peak near the yield point 

occurred, which was followed by gradually decreasing AE activity with increasing 

strain. The slowly extruded AM11 alloy revealed a sign of the second peak, whereas 

this was not observed in the fast extruded alloy. In AM81 after both extrusion 

speeds, almost similar single AE peak was found. 

(a)           (b) 

 

 

 

 

 

 

 

 

 

(c)           (d) 
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Fig. 4.2.1.2. The deformation curves (broken lines) and the AE count rates 
1CN  

(black lines) 
2CN  (red lines) in tension tests. (a) slowly extruded M1 alloy, (b) fast 

extruded M1 alloy, (c) slowly extruded MX10 alloy, (d) fast extruded MX10 alloy, 

(e) slowly extruded AM11 alloy, (f) fast extruded AM11 alloy, (g) slowly extruded 

AM81 alloy, (h) fast extruded AM81 alloy. 
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Fig. 4.2.1.3. The deformation curves (broken lines) and the AE count rates 1CN  (black 

lines) 2CN  (red lines) in compression tests. (a) slowly extruded M1 alloy, (b) fast 

extruded M1 alloy, (c) slowly extruded MX10 alloy, (d) fast extruded MX10 alloy, 

(e) slowly extruded AM11 alloy, (f) fast extruded AM11 alloy, (g) slowly extruded 

AM81 alloy, (h) fast extruded AM81 alloy. 

 

(a)      (b) 

 

 

 

 

 

 

 

 

 

 

(c)      (d) 

 

 

 

 

 

 

 

 

 

(e)      (f) 

 

 

 

 

 

 

 

 

 

(g)      (h)

    

(a)      (b) 

 

 

 

 

 

 

 

 

(c)      (d) 

 

 

 

 

 

 

 

 

(e)      (f) 

 

 

 

 

 

 

 

(g)      (h) 

  M1 

 

 

 

 

 

 

 

 

 MX10 

 

 

 

 

 

 

 

 

 AM11 

 

 

 

 

 

 

 

AM81 



57 

 

4.2.2. Alloys with rare earths addition  

The values of the yield stress, the ultimate stress, the fracture strain for 

tension and compression tests are presented in Table 4.2.2.1.  

Alloy Extrusion 

speed               

[m/min] 

Average 

grain size 

[μm] 

TYS       

[MPa] 

UTS 

[MPa] 

Fracture 

strain  

[%] 

CYS 

[MPa] 

UCS  

[MPa] 

Fracture 

strain 

[%] 

CYS/

TYS 

ME11 1 

10 

7 

7 

288 

189 

300 

251 

15.6 

18.6 

181 

137 

386 

343 

8.1 

11.3 

0.63 

0.72 

MW11 1 

10 

11 

10 

204 

143 

248 

221 

21.0 

28.5 

156 

121 

389 

342 

10.0 

13.3 

0.76 

0.85 

MN11 1 

10 

4 

9 

151 

102 

214 

196 

36.0 

41.7 

159 

109 

342 

314 

18.3 

19.3 

1.05 

1.07 

Table 4.2.2.1. Average grain size and mechanical properties measured in straining 

parallel to the extrusion direction: tensile yield stress (TYS), ultimate tensile stress 

(UTS), compression yield stress (CYS), ultimate compression stress (UCS), fracture 

strain, tension-compression asymmetry (CYS/TYS). 

 

The deformation curves from tensile and compression tests are shown in Fig. 

4.2.2.1. In ME11 and MW11 the yield stress and also the fracture strain in tension 

are much higher than those measured in compression. For each alloy, after slow 

extrusion the TYS and CYS were higher than after fast extrusion, whereas in all 

deformation tests fracture strain was higher in fast extruded alloys than in slowly 

extruded. ME11 exhibited the highest TYS and CYS from all studied alloys. Slowly 

and fast extruded MN11 exhibited the highest fracture strain. No tension-

compression asymmetry was found in MN11 after both extrusions.  

All deformation curves are correlated to the time dependences of the AE 

count rates at both threshold levels, Fig. 4.2.2.2 and Fig. 4.2.2.3. During the tensile 

tests of slowly and fast extruded ME11, MW11 and MN11 (Fig. 4.2.2.2), the AE 

count rates increased to a peak value at the macroscopic yield point. No significant 

differences in AE activity between all slowly extruded alloys and all fast extruded 

alloys were found. The slowly extruded ME11, MW11 and MN11 alloys (Fig. 

4.2.2.2 a, c, e) exhibited an extremely weak AE activity during the test. In the fast 

extruded alloys (Fig. 4.2.2.2 b, d, f), the AE count rates were higher and persisted 

during the whole test.  
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Fig. 4.2.2.1. Deformation curves from (a) tensile tests for slowly extruded alloys, 

(b) tensile tests for fast extruded alloys, (c) compression tests for slowly extruded 

alloys, (d) compression tests for fast extruded alloys.  

 

In compression tests of ME11 (Figs. 4.2.2.3 a, b) and MW11 (Figs. 4.2.2.3 c, 

d), after slow and fast extrusions, the first AE peak at the yield point was followed by 

a distinct second one. The level of the AE activity was lower in the fast extruded 

alloys than in those extruded slowly. Fast extruded ME11 exhibited a slightly 

expressed step on the first peak. There were no distinct differences in the AE activity 

as a function of the extrusion rate for MN11, see Figs. 4.2.2.3 e, f. The AE activity of 

this alloy showed a single peak at both extrusion speeds. 

(a)         (b) 

 

 

 

 

 

 

 

 

 

(c)         (d) 
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Fig. 4.2.2.2. The deformation curves (broken lines) and the AE count rates 1CN  

(black lines) 2CN  (red lines) in tension tests. (a) slowly extruded ME11 alloy, 

(b) fast extruded ME11 alloy, (c) slowly extruded MW11 alloy, (d) fast extruded 

MW11 alloy, (e) slowly extruded MN11 alloy, (f) fast extruded MN11 alloy. 

 

 

 

 

 

 

 

(a)               (b) 

 

 

 

 

 

 

 

(c)               (d) 

 

 

 

 

 

 

 

 

(e)               (f) 

  ME11 

 

 

 

 

 

 

 

 MW11 

 

 

 

 

 

 

 

 

 MN11 

 

 



60 

 

 

 

Fig. 4.2.2.3. The deformation curves (broken lines) and the AE count rates 1CN  

(black lines) 2CN  (red lines) in compression tests. (a) slowly extruded ME11 alloy, 

(b) fast extruded ME11 alloy, (c) slowly extruded MW11 alloy, (d) fast extruded 

MW11 alloy, (e) slowly extruded MN11 alloy, (f) fast extruded MN11 alloy. 
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4.3. Additional investigations 

In spite of the similar microstructures and textures, fast extruded AM81 had 

systematically a significantly lower fracture strain in tension than that extruded 

slowly. To clarify the reason for this behavior, the fracture surfaces of slowly and 

fast extruded AM81 were investigated by SEM. Both samples exhibited a cup and 

cone fracture surfaces, which is shown in Fig. 4.3.1. High concentration of 

incoherent Mn particles, which can initiate the microvoids formation, was found at 

both fracture surfaces.   

 

 

EDS Quantitative Results 

 

 

 

 

 

 

 

 

 

 

EDS Quantitative Results 

 

 

 

 

 

 

 

 

Fig. 4.3.1. Microphotographs of the part of cup and cone fracture surface of tensile 

samples with quantitative composition of particles (a) slowly extruded AM81, 

(b) fast extruded AM81. 

To analyze the deformation behavior in detail, the fast extruded AM11, which 

had larger grains, was examined by slip line trace analysis (Fig.4.3.2). Even though 

the slip lines were not clearly expressed (because of relatively small strain), most of 

O 

  Wt%  At% 

Mg 

Wt%    At% 

Al 

Wt%    At% 

Mn 

Wt%    At% 

  1.25   3.94  10.22  16.08  22.06 31.28  64.79  45.12 

O 

 Wt%  At% 

Mg 

  Wt% At% 

Al 

Wt%    At% 

Mn 

Wt%      At% 

2.52  5.73  7.20   10.75   27.84   37.44   60.13   39.71 



62 

 

the grains showed slip lines suitable for the analysis. The analysis proved that basal 

planes were mainly oriented parallel to the extrusion direction, which means that 

twinning was not favored during tensile deformation. Consistently, only a few small 

twins were observed at the yield point. The activity of the basal slip in grains with 

tilted basal planes (Fig. 4.3.2) was observed. Interestingly, most of the grains showed 

a high activity of prismatic <a> slip. 

 

(a)       (b)    (c) 

 

 

Fig. 4.3.2. Slip line trace analysis of slowly extruded AM11. (a) EBSD analysis of 

initial state. (b) IQ map with boundaries after tensile test stopped at the yield point. 

Red lines are 86
O
 (-12-10) twins, green lines are 56

O
 (11-20) twins, yellow lines are 

38
O
 (11-20) twins. (c) deformation modes in each grains.  
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5 Discussion  

5.1 Effects of extrusion parameters and alloying on microstructure and texture 

Magnesium alloys undergo dynamic recrystallization (DRX) during the 

extrusion process and the recrystallized grains are much finer than the original ones 

in initial cast alloys [97]. It is believed that even at low temperatures, plastic 

deformation leads to increasing local temperature and the DRX can be activated. 

Deformation temperature affects the size of grains formed by DRX by influencing 

the deformation mechanisms and the amount of nucleation sites. At low strains, a 

necklace of recrystallized grains is formed at the boundary regions leaving the 

deformed centre unrecrystallized, while at high strain, the entire volumes of the 

grains are recrystallized. Higher strain and higher strain rate favour the activation of 

deformation twinning [98] and improve the deformation behaviour. 

The microstructure and texture after slow and fast extrusions provide 

information about the effect of alloying content on recrystallization behaviour and 

prove for a large influence of the alloy composition on the microstructure developing 

during extrusion. The extrusion ratio of 30 used in the forming procedure 

corresponds to large imposed strain, which is known to weaken the recrystallization 

texture [99]. Recent studies confirm that this effect is present in the Mg alloys with 

[100] and without RE additions [101]. It would, therefore, seem that if particle 

stimulated nucleation (PSN) were operative in all slowly extruded alloys, then the 

result would be a weak texture of these alloys. However, slowly extruded AM11 

showed a very strong basal texture, both in shape and strength similar to M1, 

moreover, MX10, ME11, MW11 showed a strong texture with a “rare earth texture 

component”. This strongly suggests that PSN, if operative, has a little effect in the 

present case.  

Slowly extruded M1, MX10, AM11, ME11, MW11 alloys had microstructure 

with recrystallized grains and elongated unrecrystallized regions, which means that 

the nucleation and growth of new grains was initiated in the original deformed 

microstructure. The unrecrystallized grains had mainly a very strong <10.0> fibre 

component. In MX10 and AM11 a small fraction of grains had other orientations 

which appeared to belong to the new texture component around the <11.1> pole. 

This texture component was not dominating the texture of the unrecrystallized 
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fraction of the microstructure. Since the fraction of the material underwent 

recrystallization during extrusion, the texture in the unrecrystallized fraction can be 

interpreted as a representation of orientations resistant to recrystallization. Texture 

intensity around <11.1> pole, which is so called “rare earth texture component”, 

stems from the recrystallized fracture of the material. However, in all cases the 

second peak at <11.1> was less intense than the main extrusion texture component at 

<10.0>. If we examine the strength of the texture in all slowly extruded alloys, it is 

obvious that all alloys with the exception of ME11 had a weaker texture than M1. 

This clearly demonstrates that small microalloying additions to Mg based alloys can 

significantly affect the strength of the extrusion texture. However, the reason for the 

extremely strong texture in slowly extruded ME11 still remains unclear.         

An interesting result of this work is also a remarkable difference in the 

microstructure and texture produced by the addition of 1 wt.% of Nd (MN11 alloy) 

and 8 wt.% of Al (AM81 alloy). It can be seen that the addition of 1 wt.% of Nd had 

the most significant grain refining effect and led to a fully recrystallized 

homogeneous microstructure with weak texture. The alloy with 8% of aluminium, 

which contained large particles in the range of 1-2 µm, showed similarly fully 

recrystallized microstructure and an extremely weak texture. The fully recrystallized 

grain structure suggests that grain nucleation and growth have been completed during 

cooling of the extruded samples. In the case of AM81 the material was highly 

alloyed and contained coarse particles, so the weakened texture resulted from PSN. 

Slowly extruded AM81 provides strong evidence that particles can significantly 

weaken the extrusion texture in Mg alloys. It has been suggested that texture 

modification in alloys that contain RE elements such as Nd can be attributed to PSN 

of recrystallization [102]. However, due to high solubility of Nd there were no 

particles in the MN11 alloy found. It, therefore, appears that Nd can weaken and 

modify the texture when in solution and that this effect is not the result of particle 

formation.  

It was already reported in [96] that increasing the extrusion rate results in an 

increasing degree of recrystallization. The reason can be seen in the significant 

temperature increase which occurs at higher extrusion rates. With an initial billet 

temperature of 300 °C, the temperature increased up to 340 °C for M1 and up to 370 

– 390 °C for other alloys during slow extrusion, whereas during fast extrusion, 
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temperatures in the range between 450 – 470 °C were measured. It can be assumed 

that these temperature rises affect the microstructure produced during the extrusion 

procedure, i.e. due to static recrystallization and/or grain growth. 

The microstructure of fast extruded M1, AM11 and MX10, AM81 revealed 

significant differences. MX10 and AM81 showed a homogeneous microstructure 

with a small average grain size of 10 µm, while M1 and AM11 showed a 

microstructure with a large distribution of grain sizes (the average grain size of 

70 µm and 65 µm, respectively) [103] as the result of recrystallization and grain 

growth due to increased temperature during fast extrusion. The works [104, 105] 

showed good solubility of Mn in high purity Mg and a sharp decrease in solubility 

with an Al addition of 2-10%. This can be used in explaining the difference in grain 

size between the fast extruded AM11 and AM81 alloys. Due to better solubility of 

Mn in alloy with lower content of Al, a higher amount of Mn  remains in the  solid 

solution, whereas the decreased solubility of Mn in alloy with higher content of Al 

might produce larger number and large size of intermetallic particles. The EDS 

analysis confirmed the composition of the intermetallic particles to be Mn-Al-Mg 

and the size of these particles was 1-2 µm. The precipitates could act as the 

nucleation sites for recrystallization and/or the prevention of grain growth by the 

pinning effect. Therefore, the alloy with precipitates showed finer grain structure by 

comparison to the alloy without (or with few) precipitates. Thus, well recrystallised 

homogeneous microstructure of AM81, even after slow extrusion, could be explained 

by a higher nucleation rate of grains during the extrusion process, which is likely to 

lead to a smaller grain size. It is noteworthy that a similar effect has previously been 

observed in Mg-Mn [96] and Mg-Zn [106] alloys containing Nd as an additional 

alloying element. Furthermore, no significant effect of the increasing extrusion rate 

on the grain size of AM81 was found, in spite of the fact that the same temperature 

increase occurred during extrusion as for the other alloys.  

Interesting results were found for fast extruded MX10, which does not 

contain any RE addition but contains Ca. The results suggest that the Ca addition has 

a potent ability to reduce the grain size in Mg-based alloys, almost as much as the RE 

elements. This is likely to be the result of the fine particle (0.5-1 µm) dispersion 

developed during extrusion. A similar influence of the Ca addition on the 

microstructure was reported in [16].  
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The addition of RE elements, i.e. Ce, Nd or Y, led to a decrease in the 

average grain size after fast extrusion by comparison to the base alloy M1. From 

[107] it can be seen that the RE elements show a much stronger segregation to the 

grain boundaries than non-RE elements. An increase in the extrusion temperature 

until 490 °C increase the RE solute concentration at the grain boundaries. The origin 

of grain boundary segregation behaviour is likely in the competing effects of 

temperature on diffusivity and grain boundary migration velocity [99]. Also from the 

observations of McKenzie et al. [100] it is known that alloying elements such as Ce 

could change the chemical composition of grain boundary, which in turn affects the 

recrystallization texture. Mishra et al. [108] have found that Ce-rich particles, 

distributed both at the grain boundaries and grain interiors, influence nucleation of 

grains. The particles are believed to hinder grain growth, which leads to smaller grain 

size observed in the RE-containing alloy than in M1.   

From annealing tests, it can be concluded that in fast extruded MX10 grain 

boundary pinning by Ca-rich particles (Mg2Ca, melting temperature Tm=714°C) led 

to a more stable microstructure by comparison to AM81.  In AM81, intermetallic 

phase particles (most likely Mg17Al12 and Al8Mn5) were found in the grain 

boundaries. It is supposed that (a) the fully recrystallised microstructure after slow 

extrusion, (b) the relatively small changes of the microstructure with increasing 

extrusion rate and (c) stability of the microstructure in an intermediate temperature 

range correspond to each other. The relative stability of the grain structure, which is 

confirmed by the annealing tests is in accordance with literature data [109], regarding 

softening and dissolution of the Mg17Al12 intermetallic phase (melting point 

Tm=437°C) in the Mg matrix after exposure to temperatures higher than 410°C. High 

thermal stability of the RE-containing alloys in the entire temperature range is caused 

by the presence of the thermally stable intermetallic particles. Specifically, the 

superior temperature stability of microstructure can be attributed to the thermal 

stability phases such as Mg12Ce, Mg12Nd and Mg24Y5 [110], which can stabilize 

grains and strengthen grain boundaries.  

It is commonly observed in Mg extrusions that partially recrystallized 

microstructures have strong textures, dominated by a <10.0> component [100, 111]. 

Slowly extruded M1, MX10, AM11, ME11, MW11 exhibited such a texture, 

whereas their fast extruded, fully recrystallised counterparts did not. Furthermore, the 
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recrystallised fraction of the microstructure in fast extruded MX10 exhibited a 

texture which was comparable to those of RE-containing Mg extrusions. The RE-

containing alloys showed significantly weaker textures in the fully recrystallized 

state, while the M1 alloy showed a relatively strong texture even after considerable 

grain growth. In [108] a clear stepwise change from a weak texture with “rare earth 

texture component” typically observed in RE-containing alloys to a strong texture 

obtained from the extrusion of a conventional alloy was found with increasing 

extrusion temperature to 500°C. Such change in the recrystallization texture 

corresponded to the change in solute segregation behaviour, which occurs at ~ 

500°C. In our case the change of the position of maximum intensity on the inverse 

pole figure of ME11 and MW11 occurred with increasing extrusion rate, which 

caused the temperature growth.             

The microstructural development in fast extruded MN11 with regard to grain 

size and texture was consistent with the other fast extruded RE-containing alloys. It 

remained unclear why even after slow extrusion the degree of recrystallization was 

significantly higher and the specific weak texture was developed. It is noteworthy 

that the increase in the profile temperature during extrusion of this alloy was 

comparable to the other RE-containing alloys. A mechanism involving grain 

boundary pinning can be considered to restrict the preferential growth of grains with 

certain orientations and/or grain boundary characteristics and thus enable grains with 

other orientations to grow. Such texture weakening with grain growth was observed 

in fast extruded M1, but the resulting texture of MN11 cannot be explained by grain 

boundary pinning effect. An increase in the number of grain nuclei during the fast 

extrusion can lead to an increased fraction of recrystallized microstructure in the case 

of RE-containing alloys. Also the segregation of solutes to grain boundaries 

contributes to the texture modification effect [108] which was observed after fast 

extrusion. Solute segregation could weaken the texture by increasing the strain at 

which dynamic/static recrystallization begins, thereby (1) increasing the range of 

orientations that can nucleate, (2) modifying the preferred microstructural features at 

which recrystallization nucleates, such as grain boundaries, (3) changing the relative 

mobility of boundaries with different misorientation axis/angle characteristics. Grain 

boundary segregation could be the major contributor to the recrystallization texture 

effect in RE-containing alloys.  
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5.2 Effects of microstructure and texture on mechanical properties  

5.2.1 Effects of microstructure and texture on yield stress  

The change in the extrusion microstructure and texture due to the addition of 

different elements obviously influences the deformation behaviour in tension and 

compression. It has been shown in [87, 88] that the asymmetry in the yield stresses in 

tension and compression is linked with the texture of the material. The extrusion 

texture developed in Mg alloys is characteristic of the basal poles oriented 

perpendicular to extrusion direction, consequently, the majority of the grains is 

poorly aligned for basal slip during tensile deformation in the extrusion direction. All 

the alloys without RE addition showed such a texture although the degree of the 

alignment varied. In compression along the extrusion axis, twinning is favoured in 

textured materials, which explains the lower yield stress as well as the different work 

hardening behaviour (effective hardening by twin boundaries results in higher UCS 

than UTS). This is also consistent with the different fracture strains observed in 

tension and compression.  

In works [112, 113], the effect of grain size has been discussed in terms of the 

Hall-Petch type strengthening, i.e. the yield stress increases with decreasing grain 

size. In accordance with [114], the bimodal grain size distribution can lead to lower 

yield strength, as would be expected from the Hall-Petch relation. For bimodal 

microstructure commonly observed the grain size distribution with two peaks and, 

therefore, it could explain the observed anomaly.  

The highest measured TYS values among alloys without RE additions are 

found in slowly extruded MX10. This behaviour might indicate an additional 

strengthening effect which will be linked with precipitates present in this alloy [103]. 

Besides of small, sub-micrometer particles visible in Figs. 4.1.1.1 d and 4.1.1.2 even 

smaller precipitates were reported in these alloys [16]. Especially if the weaker 

texture of slowly extruded MX10 in comparison to slowly extruded AM11 as well as 

a comparable average grain structure of these two alloys are taken into account an 

additional strengthening effect is emphasised. After fast extrusion, the distinctly 

stronger texture of AM11 may explain the relatively high TYS although the grain 

size is large. In compression testing, the large average grain and the strong texture 

lead to a high twinning propensity of the material and thereby to the low CYS [103].  
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The slowly extruded ME11 alloy had the highest TYS and CYS from all 

alloys, although it has similar average grain size and texture as M1. Weakening of 

the texture and change in the type of microstructure contribute to a decrease in the 

tensile yield point in fast extruded ME11. In compression, yielding is dominated by 

the activation of {101-2} twins. Strong conventional textures with <11-20> parallel 

to the compression direction align the microstructure for prolific <10-12> twinning, 

so yield stress drops significantly in compression in the case of strong textured fast 

extruded ME11.  

Also, the fracture strain in both alloys is different. These differences have to 

be related to second-phase particles in ME11. These particles were distributed at 

grain boundaries and in grain interiors and acted as obstacles to dislocation motion.  

A moderately higher fracture strain and a higher CYS/TYS ratio were found 

in MW11. The fast extruded MW11 alloy had the same average grain size as the 

slowly extruded one. Nevertheless, from the median grain sizes it was visible, that 

the recrystallized grains were larger in fast extruded MW11 than in slowly extruded 

one. The slowly extruded MW11 showed a wider distribution of the basal plane 

orientation than ME11 [115]. Thus, in MW11 there were more grains preferably 

oriented for basal slip. 

The different TYS and CYS values after slow and fast extrusion of MN11 are 

related to the increase in the average grain size. One can notice the lack of tension-

compression asymmetry in the MN11 alloy after both extrusions. Such unique 

mechanical property is related to the small average grain size in a fully recrystallised 

microstructure and to the weak texture after both extrusion speeds. Although the 

average grain size of MN11 was comparable with that of other materials, the grain 

structure was much more homogeneous than in the case of the all other alloys.  

 

5.2.2 Yield point plateau    

Fast extruded MX10 and ME11 both showed a well-defined upper and lower 

yield point and a consistent yield elongation zone (Fig. 4.2.1.1b). This phenomenon 

is associated with locking of dislocations by solute atoms [116], and in this case it is 

likely that the increased temperature during fast extrusion allowed the Ca and Ce 
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solute to effectively lock the existing dislocations. The well-defined yield point 

elongation evident in the tensile curves indicates that these dislocations remained 

locked and further multiplication of new mobile dislocations accommodated 

deformation in these specimens. There is a growing body of evidence in the literature 

[8, 11, 13, 22] that RE elements and Ca restrict dislocation movements. 

 

5.2.3 Effects of microstructure and texture on ductility  

There have been some reports in the literature that the solute additions can 

increase the ductility of Mg [16]. In our study all alloys with solute additions had 

higher ductility than M1, especially in tension. If we examine the effect of texture on 

ductility it can be seen that there is a strong, but non-linear, relationship between 

texture and ductility.  

In Ca-containing alloy the increased ductility could result from a smaller 

grain size (in fast extruded alloy) or more recrystallized microstructure (in slowly 

extruded alloy). It is known that grain size is a critical parameter in the mechanical 

behaviour of Mg-based alloys. The origin of the increase in ductility in MX10 also 

could be the result of the weaker texture produced in this case. 

The significant decrease in ductility of AM11 with increasing extrusion speed 

could be correlated with the coarser microstructure and strong basal planes alignment 

in extrusion direction. Strong texture limits both basal slip and {10-12} twinning, 

and promotes {10-11} twins, these factors are likely to reduce the ductility. No such 

changes were visible in AM81 but a decrease in the ductility was also observed. This 

might be related to a change in the precipitate distribution as a result of the increased 

heat at higher extrusion speed.  

Additions of RE improves the ductility in such way that in all cases fast 

extruded alloys had higher ductility than slowly extruded alloys. This could be 

attributed to their highly recrystallized microstructure and weak texture with broad 

spread in orientations, thus there are more grains aligned for basal slip. The effect of 

Ce on the flow stress of different slip systems has yet to be precisely determined. 

MW11 exhibited similar microstructure as ME11 but weaker texture which could be 

one of the reasons which leads to the lower yield stress and significantly higher 
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ductility after both extrusions. From our experimental observations it can be 

concluded that grain refinement is not responsible for the observed enhanced activity 

of non-basal deformation modes. Other mechanisms which could lead to higher 

activity of certain deformation modes are: 

(1) changes in the c/a ratio. It has been reported that the addition of Ce to Mg [117] 

and Mg-Mn [118] alloy produces the almost negligible change in the c/a 

ratio. The difference in c/a ratio between pure Mg and Ce-containing alloy is 

less than 0.001, for the Y-containing alloy the difference is only about 0.0008 

[119]. Such slight reduction of c/a is not enough to activate non-basal slip 

[120]. This indicates that there is no direct connection between changes in the 

deformation mechanisms and the c/a ratio in Mg-Ce, Mg-Y alloys. 

(2) modified Peierls potentials, which describe the energy required to move a 

dislocation from one stable position to the other. The enhanced activity of 

pyramidal dislocation slip in Y-containing alloy could, in principle, be a 

result of a decreased Peierls potential on the pyramidal planes or increased 

Peierls potential on the basal planes through the addition of Y [119]. 

Nevertheless the increased activity of compression twins cannot be caused by 

changed Peierls potentials because their activation is related to the activation 

of partial and twinning dislocations, whose are only unsignificantly 

influenced by the Peierls potentials. 

(3) it must, therefore, be assumed that the addition of Ce and Y also changes the 

stacking fault energy (SFE). The SFE is another factor which could affect the 

texture development during deformation. The SFE determines the extent to 

which a dislocation dissociates into partial dislocations. Solute atoms 

preferentially segregate to the stacking faults in extended dislocations. Such 

segregation in fast extruded Ce- and Ca-containing alloys became apparent by 

evidence of yield point plateau observed in Fig. 4.2.1.1.  

Changes of SFE on either basal or pyramidal planes would also change the CRSS for 

the corresponding deformation mechanisms and would influence their relative 

activity. This suggests that not only the basal slip, but also more non-basal slips were 

activated during the deformation of ME11 (and MX10). Activation of the prismatic 

<a> slip in addition to the basal <a> slip has been reported in the Mg-Ce alloy [120]. 
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Therefore, it could be suggested that Ce addition affect the SFE of Mg and reduces 

the anisotropy of the CRSS for different slip systems [108] and increases the amount 

of dislocation storage in the material during deformation. As a result, other slip 

systems along with basal slip have been activated and ductility was enhanced by 

comparison to M1. TEM studies in [119] proved a large amount of stacking faults 

and wide splitting of the partial dislocations indicated low SFEs in the MgY alloy. 

The improved ductility of Y-containing alloy now appears to be clear from a 

phenomenological point of view. It could be assumed that RE elements influence the 

SFE of certain types of dislocations and, therefore, lead to a change in the relative 

CRSS for <c> and <c+a> dislocations. 

 

5.3 Relationship between microstructure and deformation behaviour  

The activity of the various deformation mechanisms can be derived from the 

stress-strain curves in combination with the characteristics of the AE response. It is 

clear from Figs. 4.2.1.2, 4.2.1.3, 4.2.2.1, 4.2.2.2  that with increasing applied load the 

AE activity rises significantly and reaches a local maximum in tension as well as in 

compression in the vicinity of yielding (i.e. at the beginning of plasticity). This is 

attributed to (1) a sudden increase of the amount of dislocation movement, (2) 

massive dislocation multiplication, and (3) deformation twinning (if present) [121, 

122]. It stands to reason that this is due to the strong effect of the deformation 

twinning in compression on the AE signature [103].  

After an initial rise in the AE activity close to the yield, the AE signal 

subsequently declines rapidly at strains >2.5%, before reaching a more-or-less 

continuous low-level (in tension) or extinction (in compression) at strains >5%. This 

post-yielding decrease in the AE activity was previously attributed to (1) the 

increasing number of dislocations and thus decreasing “flight path” and free length 

for dislocation movement [87] and (2) exhaustion of twinning activity. In [56] it was 

found that observed decline in the AE activity can be attributed to the exhaustion of 

twin nucleation activity, as only twin growth and thickening continue to operate at 

higher strains. The AE measurement is known to be much more sensitive to twin 

nucleation than to the twin growth and thickening [123, 124]. It is evident from the 

present AE results that, in all compressed samples, most of the twin nucleation 
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occurs at strain <5%. Therefore, the subsequent twinning occurs preferably through 

twin growth which produces continuous very low if any (dislocation-like) AE 

activity. Supposedly, yielding and immediate post-yielding plasticity in compression 

tests is governed primary by twin nucleation, whereas plastic deformation at higher 

strains is more likely accommodated by twin growth and thickening, and dislocation 

slip. The rapid rise in twinning activity at yielding can be understood in part by the 

fact that twins can be autocatalytic in their formation. That is, twins in one grain can 

lead to the nucleation of twins in another via an increase in the local stress at the 

grain boundary due to twin impinging on the grain boundary. Therefore, the drop in 

twin activity (the twin nucleation frequency) with strain following yielding, as 

detected by AE, is more likely because of the consumption of easily activated 

nucleation sites. The stress required to initiate twinning can be expected to vary over 

the grains in a sample, the grains in which twinning is easiest will twin first. With 

continuation of twin nucleation, the stress needed to activate subsequent sites 

becomes progressively greater. In [103] it was shown by repeated compressive tests 

to respective values of strain, with subsequent electron backscattering diffraction 

(EBSD) analysis that (10-12)-twins preferentially appear in large grains and only 

with increasing strain smaller grains also tend to twin. Thus, two AE peaks could be 

observed in samples with bimodal microstructure.  

The direct quantitative comparison of the AE activity in alloys is complicated 

because of the potential effects of grain size, grain size distribution, preferred 

orientation, character and distribution of precipitates etc. on the AE signals - as all 

these mechanisms influence the activation and size of dislocation avalanches and 

twins [86, 87, 88, 125, 126].  

The following discusses in detail the deformation behaviour on each alloy.  

In [127] it was found that in slowly extruded M1 in tension twinning appears 

to be inhibited, so the accommodation of plastic strain by this deformation mode is 

difficult. It was also shown that the suppression of twins in slowly extruded M1 was 

the result of submicron particles distributed over the microstructure. Higher AE 

activity in fast extruded alloy, than in slowly extruded one correlates well with the 

significantly larger average grain size of the fast extruded alloy (i.e. larger 

dislocation avalanches), in accordance with previous findings [88, 103, 112, 128]. It 

is particularly interesting that in spite of the significant difference in the amounts of 
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very large grains (Table 4.1.2.1), the AE activities in the compression tests were 

similar. Consequently, twinning occurring in large grains (unrecrystallized, 

favourably oriented grains in the case of the slow extrusion and large recrystallized 

grains in the case of the fast extrusion) was obviously responsible for the strong AE 

activity. In compression of the slowly extruded M1 alloy, in spite of the bimodal 

microstructure, only a small step on the AE peak appeared. This step can be 

explained by overlapping of two closely localized AE peaks resulting in one slightly 

elongated peak. 

In tension, in spite of the different average recrystallized grain size in slowly 

and fast extruded MX10 a comparable level of AE activity was found. The 

explanation should be based on a significant effect of the bimodal grain structure and 

second phase structure. Firstly, even a few very large grains could obviously produce 

large AE signals. Secondly, precipitates present in extruded MX10 were likely to act 

as obstacles to dislocation movement. As it is known [86] a high concentration of 

non-coherent precipitates leads to decreasing AE activity. Despite the similar 

partially recrystallized microstructure, slowly extruded MX10 exhibited higher AE 

intensity, TYC and CYS than slowly extruded AM11. These differences can be 

explained by stronger alignment of basal planes in the extrusion direction which is 

favourable for twinning in slowly extruded AM11. Although the average grain sizes 

of AM81 after both extrusions, slowly extruded AM11 as well as fast extruded 

MX10 were similar, different AE activities were observed in these conditions in 

compression. In slowly extruded AM11, an elongated peak, probably stemming from 

the overlapping of two closely localised AE peaks corresponds again to the bimodal 

microstructure and the strong texture. From the lower AE activity in AM81 than in 

fast extruded MX10 it is straightforward to conclude on a more homogeneous 

microstructure of the AM81 specimens which was fairly visible from reviewing the 

micrographs. In compression, in MX10 and AM11 the AE activity was corresponded 

to bimodal and recrystallized microstructure after slow and fast extrusion 

respectively.  

A significantly high AE response in tension in fast extruded AM11 correlates 

well with coarse microstructure. Thus, in fast extruded AM11 the effect of strong 

texture on the AE activity was overshadowed by a microstructure coarsening effect.  
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The AE response in the AM81 alloy was consistent with its homogeneous, 

recrystallised microstructure and the weak texture for both extrusion rates. Although, 

in fast extruded MX10 similar texture and average recrystallized grain size to AM81 

were found, however the AE activity was different. The higher AE activity in the 

case of AM81 can be explained by the different particle distribution. In MX10 a 

broad distribution of particles throughout grains could act as obstacles for dislocation 

motion whereas this was not likely for particles in AM81 which were concentrated at 

grain boundaries. Extremely low AE activity in AM81 in compression is explained 

by a combined effect of the homogeneous grain structure and the weak texture, 

which is assumed to be less favourable for twinning. 

The AE activity in the RE-containing alloys was consistent with its 

microstructure. Higher AE activity was found in alloys with higher fraction of larger 

grains. In the compression tests of ME11 and MW11 after both extrusion speeds, the 

AE count rates form two separate peaks, the first AE peak can be ascribed to 

twinning in large grains. The second AE peak is then due to twinning in smaller 

grains [103].  

The AE response in MN11 after both extrusion speeds is consistent with its 

completely homogeneous and fully recrystallized microstructure, i.e. a single AE 

peak occurs at the yield point and the AE response is higher after the fast extrusion 

(higher fraction of larger grains).  
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6 Conclusions   

Six alloys based on binary Mg-Mn were studied after slow and fast indirect 

extrusion. On the basis of the microstructural analysis, the concurrent mechanical 

testing and AE measurements the following can be concluded: 

Microstructure  

 An increase in extrusion speed led to a more significant temperature increase 

during the extrusion which allowed enhanced microstructure development.  

 As a result of partial recrystallization slowly extruded MX10, AM11, ME11, 

MW11 alloys exhibited a bimodal grain structure and a strong texture, whereas 

AM81 and MN11 underwent full recrystallization.  

 In AM81 particle stimulated nucleation and high nucleation rate result in fully 

recrystallized homogeneous microstructure and weak texture after both 

extrusions. 

 Addition of Nd (MN11 alloy) has the most significant grain refining effect and 

extremely weakens the texture even without formation of particles.  

 Small additions (0.3 wt.%) of Ca reduce the grain size of the Mg-Mn alloy almost 

as much as RE elements.   

 High temperature stability of microstructure of fast extruded MX10, AM81, 

ME11, MW11, MN11 could be attributed to the thermal stability of phases 

(Mg2Ca, Mg17Al12, Mg12Ce, Mg24Y5, Mg12Nd respectively), which stabilize 

grains and strengthen the grain boundaries.  

 Change from strong fibre texture (after slow extrusion) to weak texture (after fast 

extrusion) corresponds to the change in solute segregation behaviour, which 

occurs near 500°C. 

 In MX10 a similar texture component as in RE containing alloys was observed 

which became even more significant after fast extrusion. This indicated that 

related mechanisms of texture development such as grain boundary pinning by 

particles might be active. Interestingly, a very comparable distribution of basal 
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planes was also found in AM81 which exhibited particles concentrated at the 

grain boundaries.  

Mechanical properties 

 All alloys with additional solutes exhibited lower grain size, higher ductility and 

better mechanical properties than the initial Mg-1wt.% Mn. 

 The mechanical properties, especially the yield and work hardening behaviour in 

tension and compression are related to the microstructure and texture. A stronger 

texture with alignment of basal planes parallel to the testing direction favoured 

twinning in compression and decreasing the CYS and increasing the TYS.  

 Addition of Ce led to the most significant increase in tensile and compression 

yield stress. Slowly extruded ME11 alloy exhibited the highest TYS from all 

alloys. In tensile test, slowly extruded ME11 exhibited the lowest AE activity 

from all alloys. It could be explained by the strongest alignment of the basal 

planes (strong texture) and by the formation of the second phase particles. 

 The asymmetry in the yield stresses in tension and compression is linked with the 

texture of the material in such way, that the weakest texture leads to the lowest 

asymmetry. MN11 exhibited the absence of the tension-compression asymmetry. 

All other alloys exhibited a tension-compression asymmetry of different extent.  

 The yield point plateau phenomenon reveals that RE elements and Ca could 

restrict the dislocation movement.  

 The AE signal is very sensitive to the grain size distribution, thus giving rise to 

double peaks of count rate during twin-controlled compression tests. A small 

number of large grains can determine the overall AE count rates.  

 In tensile tests, it was found that the significance of the AE peak was also related 

to the microstructural homogeneity, thus making AE measurements a tool which 

is very sensitive to microstructural inhomogenities.  

The AM81 and MN11 alloys extruded at 10m/min are promising candidates 

for stable processing and optimization of mechanical properties. In the case of AM81 

the attention should be focused on improvement of strength and ductility. 
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