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Abstract: Titanium grade 2 was treated by multiple passes of the continuous equal-

channel angular pressing technique (CONFORM ECAP) and, after each pass, 

additionally by rotary swaging. The residual strain field in samples processed by only 

CONFORM ECAP was studied by neutron diffraction strain scanning. In order to 

elucidate the microscopic background and calculate the related residual stress field, 

the local microstructure was thoroughly investigated by various experimental 

techniques. The microstructure and the deformation behavior of the rotary swaged 

samples was studied by transmission electron microscopy and by in-situ neutron 

diffraction during compression. 

The results of the analyses indicated that microstructural gradients were present in 

the material as the result of the inhomogeneous deformation during the CONFORM 

ECAP treatment. These gradients were identified as the main reason of the presence 

of residual stress fields. The distributions of stress fields calculated based on 

microstructural parameters were in correlation with simulation results. The additional 

rotary swaging treatment resulted in a nanocrystalline grain structure with increasing 

homogeneity as the number of previous CONFORM ECAP passes increased. 

Deformation twinning was identified as a major deformation mechanism whose role 

was gradually reduced by the decreasing overall grain size. 
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Abstrakt: Titan grade 2 byl zpracován vícery průchody kontinuální metodou 

protlačování lomeným kanálem stejného průřezu (CONFORM ECAP) a po každém 

průchodu navíc rotačním kováním. Pole zbytkové deformace ve vzorcích zpracované 

pouze CONFORM ECAP-em bylo studované skenem neutronové difrakce. Za 

účelem objasnění mikroskopického pozadí a vypočítání souvisejícího pole 

zbytkového napětí byla lokální mikrostruktura podrobně prozkoumaná různými 

experimentálními technikami. Mikrostruktura a deformační chování rotačně 

kovaných vzorků byly zkoumány transmisním elektronovým mikroskopem a in-situ 

neutronovou difrakcí během stlačení.  

Výsledky analýz naznačili, že gradienty mikrostruktury byly přítomny v materiálu 

jako důsledek nehomogenní deformace během CONFORM ECAP-u. Tyto gradienty 

byly identifikovány jako hlavním důvodem přítomnosti zbytkových napěťových polí. 

Rozložení napěťových polí vypočítané na základě mikrostrukturních parametrů byla 

v korelaci s výsledky simulací. Dodatečné rotační kování mělo za následek 

nanokrystalickou strukturu zrn s rostoucí homogenitou odpovídající zvyšujícímu se 

počtu předchozích CONFORM ECAP průchodů. Deformační dvojčatění bylo 

identifikováno jako jedno z hlavních deformačních mechanismů, jehož role se 

postupně snižovala podle zmenšování celkové velikosti zrn. 

Klíčová slova: Titan, intenzivní plastická deformace (SPD), zbytková napětí, 

neutronová difrakce, deformační dvojčatění 
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Preface 

 

The excellent properties of titanium and its alloys, such as corrosion 

resistivity, nontoxicity in biological environment, low density and high strength 

enables its extensive use in many industrial fields. Owing to its biocompatibility 

combined with high strength, the role of titanium as structural material in body 

implants is essential in the biomedical industry [1]. However, in some cases, the 

strength needs to be further increased, which can be conventionally achieved by 

alloying. It has been shown that some of the extensively used alloying elements can 

be potentially harmful if they are released in human body which in the end sets 

boundaries for biocompatible use. Therefore, there is an increased scientific demand 

for new approaches by which the desired mechanical properties of titanium can be 

obtained. 

Through grain refinement and increased lattice defect concentration, severe 

plastic deformation processes have been proved as very successful techniques to 

prepare ultra-fine grained polycrystalline materials with enhanced mechanical 

properties [2]. Among these techniques, the most widely used method is the equal-

channel angular pressing (ECAP). In this method, the material is severely deformed 

by pressing through two intersecting channels. The advantage of using ECAP is that 

the geometrical integrity of the billet is kept in contrast to other processes like 

extrusion [3]. Nevertheless, the limited dimensions of specimen and the limited 

industrial scale application of ECAP can be classified as a main disadvantage. This 

can be overcome by CONFORM ECAP (C-ECAP) technique [4]. This is a 

combination of the continuous forming and the conventional ECAP, where the billet 

is pressed through a curved die by friction forces. At the exit of the die, the regular 

ECAP process is applied as the specimen is forced to turn to leave the die channel. A 

study shown that after the application of C-ECAP, a heterogeneous microstructure 

with distorted and defect free grains was achieved [5]. This can indicate an in-

homogeneous deformation in the samples volume which leads to the rise of residual 

stress fields in specimens [6].  

The presence of residual stresses may be responsible for many negative 

changes in engineering components during their service time, such as distortion or 

even crack initiation and premature failure. Therefore, their study is inevitable in 
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cases where the replacement of components is problematic such as implants in 

human body.  

Diffraction based techniques, such as neutron or synchrotron radiation, turned 

to be as successful probes in the mapping of residual stress field in bulk specimens 

due to their large penetration depth in materials [7]. However, the accurate 

representation and elucidation of the origin of these stresses requires additional 

experimental methods.  

In some applications, C-ECAP processed materials can be considered as 

semi-finished products. Therefore, wire drawing methods, like rotary swaging can be 

applied to achieve the desired shape. This further treatment often results in 

nanocrystalline structured materials, which deformation response can be different 

compared to coarse- or fine-grained counterparts [8]. Therefore, the study of their 

deformation mechanism is of key importance in the further potential applications. In-

situ neutron diffraction can help in this since it provides representative information 

about the microstructure from the whole bulk in contrast to microscopic methods.   
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1 Theoretical background 

 

1.1 Basic properties and applications of titanium 

 

 Titanium is a shiny, silver colored metal which is the 9th most abundant 

element on Earth. It can exist in the form of mineral sands which contain ilmenite 

(FeTiO3) or rutile (TiO2). Some basic physical properties of high purity Ti at 25°C 

are listed in the Table 1.1. Ti was discovered by William Gregor in 1791 and it was 

first isolated in pure form by Matthew Albert Hunter in 1910. The invention of the 

industrial production of Ti belongs to Wilhelm Justin Kroll, who developed the so-

called “Kroll process” in 1932 [9].   

 

Density 4.51 g/cm3 

Elastic modulus 105 GPa 

Shear modulus 44 GPa 

Poisson ratio 0.33 

Thermal expansion 

coefficient 

8.36 10-6 K-1 

Thermal conductivity 14.99 W/mK] 

Specific heat capacity 523 J/kgK 

Electrical resistance 564.9 [10-9 Ωm] 

 

Table 1.1 Basic properties of Ti 

 

 Ti and its alloys belong to the lightweight structural metals. Their strength is 

comparable to some of the commonly used types of steels, but they possess much 

lower density [9]. They can reach even 200 MPa/gcm-3 at room temperature. This 

property enables Ti alloys to be used in engineering areas where weight reduction is 

required while keeping mechanical performance high. Ti has also high melting point 

(1670 °C) as compared to other lightweight structural metals like aluminum (660°C) 

or magnesium (650°C). Thus, Ti has advantage over the mentioned metals in higher 

temperature structural applications. However, oxygen is highly reactive with Ti and 
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because of this the maximum use temperature cannot exceed more than 550°C.  

Beyond this temperature, oxygens diffusion is accelerated, and the oxygen enriched 

part of the material becomes brittle [10].  On the other hand, the thin Ti oxide layer 

formed on the surface during the oxidation process at ambient temperature protects 

the rest of the material in various environments. Thanks to this layer, this material is 

excelling with corrosion resistance for example in human body or sea water. 

 These excellent properties make Ti and its alloys a widespread used structural 

material. Their commercial use is concentrated mainly in the aerospace industry, but 

automotive, chemical, power, sport, and jewelry industry together with medicine 

could find their application also. 

 

1.2 Titanium equilibrium phases and alloy classification 

 

 Pure Ti has two stable structural modifications: a hexagonal (hcp) α phase at 

lower temperatures and a body-centered β phase at higher temperatures (Fig.1.1). 

The lattice parameters of the α phase are a=2,95 Å and c=4,68 Å at room temperature 

[11]. The resulting c/a ratio is 1.586 which is smaller than the ideal value for hcp 

structure . In the case of BCC β phase the lattice parameter is a=3.31 

Å at 1000°C [12]. The α and β phase has space group  and , 

respectively. 

 

Fig. 1.1 HCP and BCC unit cells of Ti 
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 At atmospheric pressure, the allotropic transformation of pure Ti occurs at 

temperature 882°C. By adding so called α/β stabilizing elements, this temperature 

can be shifted. Elements like Al, O, C, N, Ga, Ge belong to α stabilizers and they 

shift the transformation temperature upwards while β stabilizers are decreasing it. 

Two family of β stabilizers exist depending on the nature of the resulting binary 

phase diagram. Mb, V, Nb, Hf and Ta are parts of β-isomorphous stabilizers. β-

eutectoid stabilizers include e.g. Fe, Cr, Si, Ni, Mn and Cu. Elements like Sn, Zr and 

Hf have no or very small effect on the transformation temperature. Depending on the 

alloying element concentration and the resulting phases at room temperature, 

generally, Ti alloys are divided into α, β and α+β alloys.  

 

1.2.1 Commercially pure titanium 

 

 Commercially pure (CP) Ti belongs to α alloys, since they contain only 

limited amount of alloying elements and the α phase dominates the microstructure at 

room temperature. According to American Society for Testing and Material (ASTM) 

CP Ti is divided into four grades depending on O and Fe content (table 1.2) [10]. The 

presence of Fe can be surprising since it belongs to β stabilizers. It can be added 

deliberately, or it can be diffused during the preparation process. Nevertheless, due to 

low solubility in α phase, Fe forms dispersed β phase particles, which prevent the 

grain growth of the α phase during recrystallization [10].  

 

 Grade 1 Grade 2 Grade 3 Grade 4 

O [wt.%] 0.18 0.25 0.35 0.40 

Fe [wt.%] 0.20 0.30 0.30 0.50 

 

Table 1.2 Grade classification of CP Ti 

 

 CP Ti is primarily used in industrial fields, where its excellent corrosion 

resistance and good general workability can stand out.  Therefore, their main usage is 

focused primarily in chemical and petrochemical industry as tubing material. 

Nevertheless, novel processing techniques enables to increase mechanical properties 

of CP Ti almost on the same level of the famous Ti-4Al-6V alloy [13]. This makes 
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CP Ti an attractive material in fields where increased mechanical properties are 

required also. 

 The mechanical properties of CP Ti can be controlled by slight altering of the 

composition or by thermo-mechanical processing. In the first case, for example the 

increasing O content (higher grades) increases the yield strength, however, the 

ductility is reduced [14, 15, 16]. The yield strength of CP Ti grade 4 can be almost 

three times higher (from 170 MPa to 480 MPa) than of CP Ti grade 1 while the O 

content is doubled (from 0.18 wt.% to 0.4 wt.%) [10].  

 The processing methods involve various thermomechanical treatments, which 

enable to control the texture formation and/or the grain size. This can be achieved by 

application of severe plastic deformation processes without any change in the 

chemical composition (see chapter 1.4). As a brief introduction, it is worth to 

mention in a few words which mechanisms are essentially responsible for changed 

mechanical properties of CP Ti in this case.  

It is well-known that textured hcp metals possess mechanical anisotropy due to their 

hcp lattice and its limited deformation mechanisms [17, 18]. The mechanical 

response is strongly connected with the mutual orientation of loading axis and the  

direction of the hcp crystallites, as it was shown for the textured CP Ti also [19, 20, 

21].  

 The second thermomechanical processing approach to control CP Ti’s 

mechanical properties leads through grain boundary strengthening. Grain boundaries 

of a polycrystalline material are obstacles for dislocation motion which is responsible 

for plastic deformation of materials.  

 More detailed explanation of these mechanisms will be given in later chapters 

(chap. 1.3 and 1.4). 

 

1.3 Deformation mechanisms in hcp metals and in pure α titanium 

 

 The mechanical behavior of metals is very closely related to their deformation 

mechanisms occurring at microscopical scale. In hcp metals, dislocation slip and 

twinning are the effective plastic deformation carriers. 
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1.3.1 Dislocation slip modes in α titanium and other hcp metals 

 

 In hcp structure, the most closely packed direction is the  and the most 

densely packed planes, which contain this direction, are basal , prismatic 

 and pyramidal . These three planes with a given type of burgers 

vector altogether give 12 slip systems: three from basal, three from prismatic and six 

from pyramidal slip system. However, if considering the independence of each slip 

system, this number can be further reduced to only 4 independent slip systems.   

 Taking into account the Von Mises criterium [22], which states that at least 5 

independent slip systems are needed for homogenous plastic deformation of 

polycrystals, then at least, one of the non-basal burgers vector needs to be active. 

This can be a  or a  type. The latter type is favorable since it can provide 

deformation in  and in  direction too. This type of dislocations has been observed 

experimentally in various α titanium alloys [23, 24] and also in other hcp metals like 

Zn, Cd and Mg [25]. The possible slip planes containing  type burgers vector 

are the  and  planes. The basic characteristics of the main slip systems 

are summarized in the Table 1.3 and schematically they can be seen in Fig. 1.2. 

 

Table 1.3 Basic parameters of main slip systems in α-Ti 

Name Slip plane Burgers vector 

type 

Total number 

of slip systems 

Number of 

independent 

slip systems 

Basal   3 2 

Prismatic   3 2 

Pyramidal    6 4 

1st Pyramidal    12 4 

2nd Pyramidal   6 5 
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Fig. 1.2 Possible slip systems in hcp metals. ,  and  slip planes 

with Burger’s vector  are shown on a, b and c, respectively.  and 

 slip planes with Burger’s vector  in d and e 

 

 Generally, the c/a ratio of a given hexagonal structure has a large effect on a 

given mechanism of the plastic deformation due to the longer or shorter distances 

between atoms in a particular plane. In materials like Ti, Zr, Gd, Y where the c/a 

ratio is significantly lower than the ideal, the principal slip plane for  and 

 type dislocations are the prismatic  and pyramidal  

planes, respectively. While in materials like Zn, Cd which possess larger c/a ratio, or 

in materials with almost the ideal c/a ratio like Mg, Co, the principal slip plane for 

the same types of burgers vectors are basal  and 2nd order pyramidal  

planes, respectively [26]. 

 As it was mentioned earlier, to fulfill the Von Mises criterium, the activation 

of slip systems with  type of burgers vector is needed. However, at the ambient 

temperature, the critical resolved shear stress (CRSS) of these systems are generally 

much higher than for slip systems with  type burger vector [27]. Therefore, in a 

texture free polycrystalline material, the  slip will be activated only a limited 

number of grains. Nevertheless, due to thermal activation at higher temperatures or 

due to the presence of alloying elements, the difference between CRSS of the two 

types of slips can be reduced [28].  
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1.3.2 Mechanical twinning in α titanium and other hcp metals 

 

 The additional deformation mechanism, which provides deformation in 

direction  is mechanical twinning. In the meaning of crystal lattice geometry, 

twinning is a phenomenon when a part of a lattice flips to mirror symmetrical 

position with respect to the original crystal. From the deformation point of view, it is 

a homogeneous simple shear of the parent lattice. The twinned part is basically 

identical to the parent lattice, just it has different orientation. Furthermore, the parent 

and twinned part of the crystal shares a common plane, which is called twin or mirror 

plane.  

 According to their origin, generally three types of twins can be distinguished 

in materials: 

• During crystal growth, growth twins may appear 

• Recrystallization or heat treatment can cause annealing twins in the material 

• In the loaded material, mechanical twins can nucleate 

 To uniquely characterize each twinning mode, certain crystallographic planes 

and directions can be selected. These are called invariants and they give the 

geometry description of twinning shear: κ1, η1, κ2, and η2 (Fig.1.3). κ1 is the twinning 

plane, or mirror plane. This plane also contains the shear direction η1. The second 

invariant plane is κ2 and it is denoted as conjugate plane. This plane holds the so-

called conjugate shear direction η2. Normals of planes κ1 and κ2 with η1 defines the 

plane of shear S. During twinning, κ2 is rotated to κ2
’ together with η2 to η2

’. κ2 and 

κ2
’ are inclined to κ1 by θ. From these four invariants, only two are independent, κ1 

and η2 or κ2 and η1. The shear magnitude  is function of , precisely  

[29]. 

 

Fig. 1.3 Geometric description of twinning shear. Taken from [30] 
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 During twinning, the magnitude of the displacement of atoms is dependent on 

the atoms position from the twinning plane and generally it is not an integer number 

of interatomic distances (Fig. 1.4). To recover the original lattice after twinning, both 

shear and small displacement of atoms are needed. These small displacements are 

called shuffles. Thus, twinning is a qualitatively and quantitatively different 

mechanism than in the case of dislocation slip, where the displacement is 

characterized by burgers vector, which is exactly one interatomic distance in a 

certain plane. Moreover, twinning involves sudden, coordinated movement of atoms 

in the three-dimensional volume while during slip the changes in the lattice occurs 

only in a certain crystallographic plane. Another important feature of twinning is its 

polarity. This means that for a given orientation of a crystal different twinning modes 

are activated in uniaxial compression or tension. The amount shear g, carried by a 

certain twinning mode, can be expressed as a function of . 

 

 

 

Fig. 1.4 Displacements of atoms during twinning [29] 

 

 In hcp metals, mainly four twinning modes are observed experimentally 

(Table. 1.4). However, the number of predicted twinning modes in hcp metals is 18 

[31].  
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κ1 η1 κ2 η2 S g 

     

 

     

 

     

 

     

 

 

Table 1.4 The four main twinning modes with their invariants and induced shear 

deformations g 

 

 Twinning modes can be classified into two groups depending on their effect 

in the  direction of the crystallites. If a particular twinning mode causes shortening 

in this direction, then it is called contraction twinning. The opposite effect, i.e. 

lengthening in the  direction, is caused by the activation of tensile twinning. The 

classification of each twinning mode for a certain hcp material is dependent on 

materials c/a ratio, as it can be seen in Fig. 1.5 or in tab. 1.4 in the last column. 

Twinning mode  acts as tension twinning mode in materials like Ti, 

Mg, Co, Zr ( ) and in materials Zn and Cd ( ) acts as contraction 

twinning mode. The rest twinning modes have the same character for every 

mentioned hcp materials, i.e.  is tension twinning, while 

 and  are contraction twinning mode. 

 

 



 

12 

 

Fig. 1.5 Twinning shear as function of the c/a ratio. Negative slope represents tension 

twinning [32] 

 

 For α Ti, all of the above listed twinning modes have been reported. They are 

schematically shown in Fig. 1.6 together with the calculated shear g and the angle 

between  direction of the original and twinned lattice for α Ti. According to 

Backofen and Paton [33],  compression twins are dominantly 

active in the temperature region between room temperature and 300°C while 

 twins are active above 400°C. Glavicic et al [34] estimated the 

relative proportion of ,  and  

twins during cold rolling of CP Ti at 20°C as 40%, 30% and 30% respectively. 

However, the volume fraction of twins decreased rapidly as the rolling temperature 

increased. S. Zaefferer studied the active deformation systems of Ti with different O 

content and found that with increasing presence of O, the twinning activity is 

suppressed [35]. This is also true for Al addition, as it was showed by Williams et al 

[28]. In both cases, the twinning was substituted by activation of  type 

dislocation slip. 

 

 

Fig. 1.6. Twins in α Ti. Blue is the parent lattice, yellow is the twinned lattice 
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1.4 Metal forming processes: CONFORM ECAP and Rotary Swaging  

 

 Metal forming processes are widespread used bulk forming tools to produce 

structural parts having particular geometry. Concurrently, alternation of the 

mechanical properties can be achieved. A subset of metal forming processes, so 

called severe plastic deformation (SPD) processes, are highly effective methods to 

produce bulk ultra-fine grained (UFG) materials. This SPD processed materials 

exhibits higher strength, crack initiation and fatigue resistance. However, their 

ductility is often limited [36, 37]. During the SPD process, very large plastic strain is 

imposed on the material and large number of crystal defects are generated [38]. The 

rearrangement of the dislocation structure to low energy configurations, such as low 

angle grain boundaries, takes place.  

 Consequently, the UFG structure has an in increased density of grain 

boundaries. These serve as obstacles for dislocation propagation during straining and 

hence strengthening occurs. The relation between the yield strength  and the 

mean grain size  is the well-known Hall-Patch equation (1) [39, 40]:  

     (1) 

 and  are the friction stress and a material constant, respectively.  

 The most widely used SPD methods are the Equal-Channel Angular Pressing 

(ECAP), High Pression Torsion (HPT) and Accumulative Roll Bonding (ARB). The 

ECAP process was introduced by Segal V. M. [41] and further developed by Valiev 

[42]. The beginnings of HPT can be dated to 1943 when Bridgman published its 

finding that a bar could bear more torsion in the presence of longitudinal 

compression than without it [43]. Nevertheless, HPT has been used as SPD method 

for grain refinement only in the last 30 years [44]. The ARB process developed by 

Saito is basically a repeated rolling process [45]. After every rolling session, the 

sheet is cut half and stacked together. The next rolling session is fed by the stacked 

sheet. 

 The above-mentioned processes are the conventional methods which form the 

basic principles of other advanced techniques. These can be combinations of 

standard metal forming processes like extrusion with conventional SPD techniques, 

or a combination of two kinds of basic SPD processes[46]. 
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 In the next chapter the principle of the conventional ECAP will be discussed 

in detail because it gives the basic principle of a more advanced technique, called 

CONFORM ECAP which is relevant for the present thesis.  

 

1.4.1 ECAP and CONFORM-ECAP 

 

 CONFORM ECAP is a relatively novel technique, which enables to produce 

UFG materials in industrial scale. It is based on the conventional ECAP thus first this 

is discussed. 

 During the ECAP process, a billet is pressed through two intersecting 

channels with the same cross section (Fig.1.7 a). In the most cases, the inner angle  

between the two channels is 90° or 120°. Since the channels have the same cross 

section, the process on the same billet can be repeated many times. The outer 

curvature angle  represents the sharpness of intersection at the bottom part.  

 

 

Fig. 1.7 a general scheme of the ECAP die design, b scheme of the shear 

deformation in a die with  and  

 

 When the sample passes through the channels, it deforms by shear on a plane 

which is inclined from the cross-section plane by half angle of the inner angle of 

channels intersection (i.e. by 45° if  Fig.1.7 b). The equivalent imposed 
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strain  after N passes through the ECAP die depends on the die parameters and can 

be calculated by the following equation (2) [47]: 

  (2) 

Between each passes the sample can be rotated around its longitudinal axis which 

also changes the shear plane in the sample (Fig. 1.8). Route A corresponds to state 

when no rotation is applied. If route BC is applied, then sample is rotated by 90° in 

the same direction between each pass, while if the 90° rotation has alternating 

direction, then it is called route BA. When the sample is rotated by 180° then it is 

referred by route C. 

 

 

 

Fig. 1.8 Scheme of different routes with indicated shear planes in the work-piece 

after the first and second pass 
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 Since its invention, the conventional ECAP was successfully applied on many 

different materials at different processing temperature resulting in UFG 

microstructure [48, 49, 50, 51]. Even though it is capable to produce bulk UFG 

materials for structural applications, the conventional die design has some dimension 

limitations. The length to diameter ratio of the sample is upper limited by a critical 

value otherwise it will not pass through the bended channel. The increasing diameter 

of the sample increases also the force required to press the sample through the die. 

However, the maximum applicable force is limited by die which can bear without 

breaking. Moreover, a significant part of both ends of the sample is not utilizable due 

to the present macro-crack and non-uniform microstructure. This makes conventional 

ECAP a discontinuous process and not applicable in commercial use. 

 These limitations were overcome by introduction the so-called CONFORM 

ECAP (C-ECAP) technique developed by Raab and his colleagues [52]. This 

technique combines the continuous extrusion, introduced by Etherington, with the 

principle of ECAP (Fig 1.9 a). During the C-ECAP process, a long rod is driven 

forward in a curved die by friction forces until it reaches the abutment. At this 

position the principle of the ECAP is applied since the work-piece is forced to turn 

an angle by shear. The length of the rod in this die design can be even several meters 

which is a huge improvement compared to the conventional ECAP. 

 The die concept by Raab was slightly modified at company COMTES FHT 

a.s. (Fig. 1.9.b). In their die design, the feedstock is fed from the top of die, while in 

the original design it was fed from the bottom of the die. They successfully applied 

this method on CP-Ti grade 2 and 4, producing UFG microstructure in both materials 

[13, 53, 54]. 
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Fig.1.9 a Scheme of CONFORM ECAP by Raab [52] and b by COMTES FHT a.s. 

[53] 

1.4.2 Rotary Swaging 

 

 C-ECAP-ed rods can be considered as semi-finished products, which often 

require further manufacturing process to achieve the desired geometry or even more 

increase their mechanical properties. One of these processes can be rotary swaging 

which is used for precision forming of tubes or wires [55]. It is an open forging and 

net-shape forming process. During rotary swaging, dies arranged uniformly around 

the circumference of the rod are simultaneously stroking the work-piece with high 

frequency in radial direction. At the same time, they are revolving around axial 

direction (Fig. 1.10). The number of stroking dies can be three, four or eight. 

 

 

 

Fig. 1.10 Rotary swaging dies around the rotating work-piece (grey) 
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 Thanks to this processing, local uniform necking of the rod takes place, which 

finally leads to an overall reduction of the diameter of the whole rod. The true strain 

 imposed on the work-piece during this process can be calculated as following: 

      (3) 

where  and  represents the initial and final cross section area, respectively. 

 If the rotary swaging is provided below the materials recrystallization 

temperature, additional work hardening occurs which increases the material strength 

[55]. Moreover, thanks to its post C-ECAP application, CP Ti rods with 

nanocrystalline microstructure and unique mechanical properties can be produced 

[13, 56]. 

 

1.5 Residual stresses 

 

 In previous chapters, the benefits and properties of plastic deformation 

applied during metal forming processes were discussed. However, plastic 

deformation can also give rise of residual stresses in the workpiece, if 

inhomogeneities of the deformation appear during the process. Based on their nature, 

these stresses can influence either positively or negatively the brittle fracture, fatigue 

life, distortion, dimension stability, corrosion resistance and even yield strength of 

materials or engineering components [57, 58]. Therefore, understanding their origin, 

their measurement and analysis play an important role in the optimization of the 

manufacturing processes, and in the design of the engineering parts and structures. 

 

1.5.1 Definition and classification of residual stresses 

 

 Residual stresses can be defined as self-equilibrating stresses locked-in a 

solid body which is free of any external load or thermal gradient. They are present 

almost in all solid-state materials, engineering components, however with different 

magnitude and length scale.  

 The self-equilibrating property of residual stresses can be expressed with the 

following equation (5): 

     (5) 



 

19 

 

where  represents the unit normal vector to the are A depicted in Fig.1.11. This 

equation says that residual stresses must balance across arbitrary cross section area of 

the body. 

 

 

Fig. 1.11. Normal stresses  averages to zero over any cross-sectional area A within 

a body in static equilibrium 

 

 Residual stresses can be categorized into three main groups according to 

length scale on which they are observed, or they self-equilibrate [59].  

Type I stresses 

 These kinds of stresses self-equilibrate on the macroscopic scale, which is 

comparable to the sample size (i. e. mm to cm range). They are generated by non-

uniform plastic deformation, welding or quenching of a hot sample. Since they vary 

continuously over macroscopic distances, often they are assigned by name 

macrostresses.  

Type II stresses 

 Type II stresses are present on the grain size scale and they self-equilibrate on 

the length scale comparable to grain structure (in μm range). In a single-phase 

polycrystalline material, they are almost always present due to the different thermal 

and elastic properties of the neighboring grains with different orientation. They can 

be more significant in the case of multiphase materials, especially in composite 

materials where the elastic misfit between the strengthening phase and the matrix, 

and often the difference between the thermal expansion coefficients, is obviously 

large. 

Type III stresses: 
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 These stresses can vary on a subgrain level and self-equilibrate over distances 

smaller than a grain. They are caused by crystal defects, like dislocations, vacancies, 

interstitials, etc. which stress fields act on the atomic scale.  

 Type II and III stresses are sometimes treated together as microstresses. Each 

types of residual stresses are schematically depicted in Fig. 1.12. 

 

 

Fig. 1.12. Different types of residual stresses with their typical length scales 

 

2 Experimental methods 

 
2.1 Measurement and calculation of residual stresses 

 

Measurement of residual stresses is not straightforward. Since there is no 

technique, which is able to directly measure the stress state of the body at a given 

point, other stress-related parameters are measured. Usually, this parameter is the 

strain .  

Measurement techniques can be divided into three groups (non-destructive, 

semi destructive and destructive) depending on the extent of the destruction of the 

specimens during the measurement [60]. The last two methods are also known as 

mechanical methods [61], and include techniques as hole drilling, deep hole method, 
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sectioning, and contour method. They are based on the measurement of the 

deformation produced by stress relaxing phenomena which occurs after removing a 

part of a material from the workpiece or after cutting to pieces the investigated 

sample. 

The most popular non-destructive methods are Barkhausen noise method, 

ultrasonic method, and the diffraction methods, which include neutron diffraction 

(ND), high energy - synchrotron radiation and laboratory X-ray diffraction. 

The Barkhausen noise method is based on a phenomenon which appears as 

jumps or discontinuous changes of the magnetization in a ferromagnetic sample. 

From the microscopical point of view, this noise is generated by the discontinuous 

movement of domain walls inside the sample. Its intensity is dependent on the 

materials microstructure and stress state. Surface residual stresses can be evaluated 

by this technique. Nevertheless, it is limited only to ferromagnetic materials. The 

principle of the ultrasonic method or refracted longitudinal wave technique is based 

on the acoustic-elasticity effect, i.e., the velocity of longitudinal and shear waves 

depends on the mechanical stress. More detailed information about the former two 

methods can be find in [60] and [61]. In the next chapter, the diffraction methods are 

discussed. 

 

2.1.1 Residual stress measurement by diffraction methods  

 

The basic aim of diffraction-based techniques of residual stress measurements 

is to determine the change of the interplanar distance  of a given crystallographic 

plane  in the sample.  

The physical phenomenon, which stands behind these measurements is the 

diffraction of X-ray photons or thermal neutrons. Due to particle-wave duality 

neutrons can be treated also as waves. When a solid material is irradiated by X-ray 

photons or neutrons, the atoms composing the material interact with them and beside 

absorption, the atoms also scatter the radiation. Since the atoms in a crystalline 

material have regular spatial distribution, under special circumstances, the elastically 

scattered coherent waves can undergo constructive interference which in the end 

results in a diffraction peak of the radiation. These special conditions are given by 

the Bragg’s equation (6) [62]: 

     (6) 
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where  is the wavelength of photons or thermal neutrons,  is an integer which is 

called as the order of the diffraction,  is interplanar distance or lattice spacing of 

a crystallographic planes with Miller indices h, k, l and  is the Bragg angle 

between the incident beam and the crystallographic planes on which the diffraction 

occurs. It is worth to note that the wavelength   must be comparable to the lattice 

spacing. In the case of monochromatic radiation, the incident and diffracted beams 

can be characterized by unique wave vectors  and , respectively. Since dealing 

with elastic scattering, the magnitudes of wave vectors are equal. The angle between 

the incident beam and the diffracted beam is . The difference  defines 

the diffraction vector  which is perpendicular to the diffracting planes hkl and the 

magnitude of  equals to the reciprocal value of the interplanar distance of these hkl 

planes. The schematic representation of the diffraction is shown in Fig. 2.1.  

 

 

 

Fig. 2.1. Scheme of the vector representation of diffraction on a crystal lattice 

 

In the presence of mechanical stress perpendicular to a hkl plane, the  is 

changed compared to stress free state . From the Bragg’s equation (6) comes that 

the Bragg angle  is also deviated for a given constant wavelength. Then, by 

differentiating equation (6), the lattice strain  can be determined as a function of 

shifted Bragg angle : 

  (7) 
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It can be seen, that beside measurement of the  shifts, also the accurate 

stress free  or  determination is needed for reliable lattice strain 

determination. This is a quite problematic task, because in polycrystalline material, 

an ideal stress-free state almost never exists due to the mutual interaction of the 

neighboring grains. According to the recommendation of VAMAS (The Versailles 

Project on Advanced Materials and Standards) [63], the determination of  in ND 

residual stress measurements can be done by the following methods: 

• Measurement in the material at position/time with negligible stress 

• Measurement on a representative powder sample 

• Measurement on stress relaxed small coupon, cut from the examined work-

piece 

• Calculating  from force and moment equilibrium 

• Calculating  with the assumption of zero stress perpendicular to a free 

surface. 

The above discussed fundamental principle gives the core of both X-ray and 

ND measurements. The qualitative difference between X-ray diffraction and ND lies 

in the fact that X-ray photons interact with the electron cloud of atoms while 

neutrons interact with nuclei of atoms (the magnetic scattering of neutrons is not 

considered in this discussion). The quantitative difference can be seen on the 

“photon/neutron scattering power of a single atom” which is often called scattering 

amplitude. In the case of X-ray scattering, it is dependent on the scattering angle and 

increasing with increasing atomic number Z while in the case of coherent neutron 

scattering it is angular independent and varies from nucleus to nucleus or even 

between isotopes of the same element [64]. From the former statement comes that 

study of structures composed by lighter elements in the presence of heavier elements 

can be easier with ND. Moreover, the penetration depth of X-rays and neutrons is 

also not a negligible factor since there are large differences between soft and hard X-

rays, and thermal neutrons from this point of view. This can be clearly seen if the 

attenuation lengths in Fe of the three types of radiation are compared: for laboratory 

X-rays, synchrotron hard X-rays and thermal neutron with energies 8.04 keV 80 keV 

and 25 meV, respectively, the attenuation lengths are 4 μm, 2.18 mm and 0.8 cm 
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[64]. Therefore, residual stress measurement provided by laboratory X-ray 

diffraction is limited only to subsurface. In contrast, ND and synchrotron X-ray 

diffraction gives information about residual stresses from a significantly larger 

sample volume. 

 

2.1.2 Calculation of residual stresses from the measured strain 

 

From continuum mechanics it is known, that generally, stress  and strain  

are second order tensors, which can be expressed as: 

 and   (8) 

where diagonal elements of stress tensor represent the stresses on planes normal to 

the direction of the axes of the coordinate system (normal stresses), the non-diagonal 

elements are shear stresses. In the case of  the diagonal elements are strains along 

the axes of the coordinate system and the off-diagonal elements are the shear strains 

between axes. They are symmetrical tensors, thus  and .  

The fundamental relationship between stress  and strain  in an anisotropic material 

is given by the generalized Hook’s law (9): 

 or    (9) 

where C and S (  and  in suffix notation) are elastic stiffness and elastic 

compliance tensors, respectively. They are fourth-rank tensors with 81 components, 

however only 36 are independent owing to symmetry reasons. In the case of single 

crystals, the number of independent components of  and  can be 

reduced due to symmetry groups.  

In the most engineering calculations, the isotropic continuum mechanics 

approach is adopted which enables to express C as two independent components: the 

bulk Young’s modulus E and the bulk Poisson’s ratio ν. In this case, equation (9) can 

be written in the form: 

   (10) 

where  is the Kronecker delta. 

In equation (10) the continuum elastic strains  can be replaced by the 

measured  with condition that  and  are also replaced by the appropriate 
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values, by the so-called Diffraction Elastic Constants (DEC)  and . The 

reason why the bulk isotropic values cannot be used is that the strain is measured on 

hkl planes of grains, which properties are obviously anisotropic. However, the single 

crystal values  and  of specific hkl planes derived from elastic tensor 

components of single crystals ( ), also cannot be used due to the interaction 

between grains. The real values of DEC lie between bulk and single crystal elastic 

constants. 

There are two ways to determine DECs. First approach is to measure them in 

situ during uniaxial deformation tests in elastic regime. The second approach is using 

theoretical models and calculate the DECs. Several models, such as Voigt, Reuss or 

Kröner were proposed.  

The Voigt model is based on the assumption that all grains experience the 

same uniform strain. Then the DECs are calculated by averaging the elastic stiffness 

of all grains [65]. This can be considered as a relatively simple model, and basically 

hkl independent. In contrary, the Reuss model expects that all grains experience the 

same stress. The calculation is then done by averaging the contribution of all grains 

with hkl planes perpendicular to the applied uniaxial stress [66]. In the Kröner model 

(later complemented by Eshelby), the strains and stresses can vary from grain to 

grain, but it is assumed that the polycrystal is exposed to a specific homogeneous 

average stress or strain. Every grain with ellipsoidal shape is considered to be 

embedded in an infinite, elastically isotropic matrix. Furthermore, Kröner model 

assumes linear relationship between the average stress of the polycrystal and the 

strain of individual grains or vice versa, in the same manner as the general Hook’s 

law. However, the single crystal elastic stiffness or compliance tensors in this case 

are modified by a perturbation part, which takes into account the grain interactions 

and grain shapes [67]. After this point, the DECs calculation follows the Reuss 

model’s averaging step. This model gives the most realistic approximation of DECs, 

while Reuss and Voigt models gives upper and lower limit of these values, 

respectively. It is worth to mention that none of these models, in their original form, 

takes into the account the texture of polycrystals if it is present. This shortcoming can 

be overcome if the preferred orientation and shape of the grains is included at the 

averaging step [68]. 
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2.1.3 Remarks on the stress/strain state of a solid body 

 

The exact form of the stress and strain tensors in equation (8) depends on the 

defined coordinate system in the solid body. It can be shown that there is a special 

coordinate system, in which these tensors have only diagonal elements (11): 

 and    (11) 

The axes of this special coordinate system are called principal axes with 

corresponding principal stresses/strains. It must be noted that sum of the diagonals is 

invariant, i.e., it holds in arbitrary coordinate system with nonzero off-diagonal 

elements of stress/strain tensors. A second note is, if the strain is not measured in 

principal directions but in some mutually perpendicular directions, the normal 

components of stress tensor  in the measurement directions still can be calculated 

by (10) since these components does not depend on shear strain components of the 

strain tensor.  

When a solid body under load is in a static equilibrium, then the stress 

distribution inside the body is restricted by the following equation (12): 

 in suffix notation     (12) 

Practically, these equations mean that if some gradient of a normal stress is 

measured, let’s say , then  which means that gradient of shear 

stresses are also present. Thus, the stress tensor cannot be diagonal, the 

measurements were not performed in principal directions. 

 

2.2 Neutron diffraction instrumentation  

 

Residual stress measurements by ND can be accomplished by three principal 

types of neutron sources with neutron flux enough for strain measurements: nuclear 

reactor with continuous source, pulse reactors and spallation sources. The first case, 

continuous reactor source will be discussed in this chapter. 

The neutron flux in uranium-fueled nuclear reactors is produced by the 

nuclear fission of 235U isotopes. From a single nucleus fission, approximately 2.5 

neutrons are generated beside gamma radiation and other fission fragments. At the 
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core, the neutron flux can reach 1018 n.m-2.s-1 with energy 1 MeV/neutron [64]. This 

kind of reactor (LVR-15) operates for example at Nuclear Physics Institute of the 

Czech Academy of Science (NPI) in Řež, Czech Republic  

Neutrons with energies in MeV range are too fast to maintain the fission 

process and their wavelength is too short (hundreds of nano Angströms) for studies 

of crystalline materials. Therefore, they need to be moderated to lower energies.  

During the moderation, the speed of neutrons is reduced by colliding with the 

atoms of the moderator medium. To increase the neutrons kinetic energy dissipation, 

the mass of the moderator atoms should be as close to neutrons mass as it is possible 

thanks to the properties of the elastic collision. Thus, the most commonly used 

moderator is “light water”.  In equilibrium with the moderator of temperature T, the 

neutrons velocity distribution follows the Maxwell-Boltzmann distribution. At 330 

K, neutrons have energies approximately 28 meV with wavelength 1.7 Å, which is 

now suitable for diffraction experiments [64]. Moderated neutrons are transported 

out of the reactor shell by guiding tubes. The neutron beam is still polychromatic 

because of the spread of the peak of the Maxwell-Boltzmann distribution at T=330K. 

Monochromatic neutron beam is achieved by employment monochromators. There 

are two basic types of monochromators based on the physical principle which they 

use. The first one is the velocity selector where only neutrons with a certain velocity 

can pass through the selector and the others are absorbed. The second possibility is 

based on ND and Bragg’s law (eq. 6). The polychromatic beam is diffracted on a 

large flat perfect single crystal where according to eq. 6: the fulfilled diffraction 

condition on some hkl plane selects a beam component with a certain wavelength λ 

which is diffracted by an angle ( ) with respect to single crystal surface. However, 

using flat perfect single crystals results in very low intensity of the monochromatized 

beam. Thus, so called mosaic crystals are often applied. Mosaicity means that the 

imperfect crystal is composed by small perfect crystal blocks rotated to each other by 

few tens of arcminutes. By this, the intensity can be increased however the 

wavelength of the diffracted beam is more spread which results in worse resolution 

of the wavelength. Another approach is using a bent perfect single crystal. By 

bending, an effective mosaicity is introduced into the perfect crystal [69]. This can be 

imagined as mosaic blocks with infinitesimal size were aligned perpendicular to the 

bent radius. Moreover, the bent perfect crystal serves as a beam focusing tool, in the 

similar manner as the focusing spherical mirrors in light optics [70]. The material 
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used for monochromators are mostly Germanium, Silicon, or Highly Oriented 

Pyrolytic Graphite. 

Neutron detection is based on its nuclear reaction with an absorbing nucleus. 

After neutron absorption, the nucleus is releasing charged particles with energies in 

the MeV range which can be then detected. Either a gas counter acting in the 

proportional mode or a scintillation detector of the produced photons can be used as 

the charged particles detector. 10B, 3He and 6Li nuclei react most likely with thermal 

neutrons (and of course 235U). The most commonly used gas in counter detectors is 

3He, although BF3 is less sensitive to  rays but its toxicity is a very limiting factor. 

The nuclear reaction of 3He with a thermal neutron is the following [30, 64]: 

 

 In scintillation detectors 6Li-loaded glass containing a Ce activator or bound 

powders of 6LiF mixed with ZnS doped with Ag are employed. 

ND measurement in this study were carried out in NPI on horizontal channels 

HK4 and HK9. The layout of the whole reactor hall with horizontal channels is 

schematically depicted in Fig. 2.2. 

 

 

 

Fig. 2.2. LVR-15 reactor hall with horizontal channels layout at NPI [71] 

 

  The diffractometers at HK4 & HK9 are double axis diffractometers SPN-100 

and TKNS-400, respectively, with bent Si perfect single crystal monochromators. 
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The take-off angle of monochromators can be varied, therefore different wavelengths 

can be set. SPN-100 diffractometer at HK4 can operate at wavelengths between 1 Å 

and 2.3 Å while TKSN-400 at HK9, between 1 Å and 3.7 Å. Both diffractometers are 

equipped with two-dimensional (2D) position sensitive detectors (PSD) filled with 

3He as neutron converter and with active area 23x23 cm2. The complete description 

of the detector can be found in [72].  

X-Y-Z translation stage is a standard equipment to manipulate with samples 

position at both diffractometers. At SPN-100, six-axis robotic arm is installed to have 

more flexibility of positioning of samples with complex shape. At TKSN-400, 

Eulerian cradle can be placed. 

The unique feature of the TKSN-400 instrument is that deformation rig or 

furnace can be placed there, which enables to perform in situ ND experiments.  

A uni-axial loading rig with maximum forces in tension/compression ±20 kN 

was used at the in-situ measurements during compression. The measurements could 

be performed only in axial setup, i.e., the diffraction vector parallel to loading axis, 

due to the limited space. The HK9 setup is schematically depicted in Fig. 2.3 a and 

the deformation rig can be seen in Fig. 2.3 b 

 

 

   a      b 

Fig. 2.3 a HK9 strain diffractometer setup, b the deformation rig [71]  
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2.3 Laboratory X-ray diffraction: pole figure and dislocation density 

measurements 

 

For the calculation of residual stresses from the measured strains is essential 

to determine also the DEC. As it was mentioned earlier (chap. 2.1.2), the texture of 

the material can be included in the calculation of the DEC. Moreover, if local texture 

measurements are performed, then the texture gradient (if present) can explain the 

formation or residual stress field, since it relates to deformation inhomogeneities in 

the sample during the plastic deformation process. Furthermore, plastic 

inhomogeneity in the sample can be shown by dislocation density distribution. 

Therefore, its measurement and determination give another approach to study 

inhomogeneities in microscopic scale in the sample.  

The basic physical principles of X-ray diffraction were discussed in section 

2.1.1. During pole figure measurement of a hkl plane, the incident and diffracted 

beam angle  (given by eq. 6) and the angle between the sample surface and the 

incident beam, , is set to constant. The varied parameters are the angle 

between the sample surface normal and the scattering plane  as well as the samples 

rotation  around the surface normal. The configuration is schematically depicted on 

Fig 2.4. The measured intensity is then plotted in polar coordinates for each  

pair. 

 

 

 

Fig. 2.4. Geometry of the pole figure measurement 
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Diffraction methods (neutron or X-ray) are capable to also determine the 

dislocation density  in the crystalline solid. For this purpose, the so-called 

Momentum method was used in the current study. In this technique, the 2nd and 4th 

order restricted moments of the measured intensity is analyzed based on their 

asymptotic behavior [73]. The mth order restricted moment of the intensity 

distribution  is defined as: 

   (7) 

where ,  is the X-ray wavelength,  and  are the 

diffraction and Bragg angle, respectively. Then, the asymptotic form of the 2nd order 

for large enough  can be written in functional form as: 

   (8) 

 is the average coherent domain size,  and  are the Scherrer constant and the so-

called taper parameter (depending on the rate of decrease of the cross section area of 

the crystallites), respectively,  is the average dislocation density, and  is a fitting 

parameter without physical meaning.  is a geometrical constant which includes the 

dislocations Burgers vector , the X-ray diffraction vector , the contrast factor  

(for detailed explanation see [74]) and holds that . 

The 4th order restricted moment  in asymptotic form is better to express 

as divided by : 

   (9) 

where  is the average of the square of the dislocation density and  is a fitting 

parameter without any physical meaning. 

This method is relatively simple since it needs the measurement of only one 

Bragg diffraction peak. On the other hand, this measurement must be taken using 

high resolution equipment with negligible instrumental broadening and with small 

beam divergence. 

 

2.4 Electron Microscopy: SEM, EBSD and TEM 

 

Microstructural observation is the basic part of the characterization of the studied 

materials. It can provide valuable information about the grain structure and shape, 

local micro-texture, structure of secondary phases, etc. It can also help to determine 
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the deformation mechanisms responsible for plastic deformation. Thus, to 

characterize the microstructure and determine any inhomogeneities in the 

microstructure, electron microscopy investigations were performed on the samples. 

 

2.4.1 Scanning Electron Microscopy (SEM) 

 

  The main part of the microstructural observations was carried out by SEM. 

As a quick reminder, the basic principles of SEM will be discussed in a few words. 

The image in the SEM is formed by scanning the surface spot by spot of the sample 

by accelerated focused electron beam. These electrons interact with the electron 

cloud of the atoms composing the surface layer of the sample and generates various 

types of signals which are then detected, processed, and combined from each 

scanning point to form an image.  

The three most important signals generated by the beam-sample interaction 

are the emissions of the following types: 

• Secondary electrons (SE) - they are the result of the inelastic interaction of 

the beam with the weakly bounded electrons of the outer shell of atoms. SE 

are produced in the very thin layer of the sample, few tenth of nm, thus they 

carry information about the topography of the examined surface. Tilted 

surfaces with respect to the incident beam tend to emit more SE thus steep 

ledges are detected with higher intensity of SE. 

• Back-scattered electrons (BSE) – This kind of emission is basically composed 

by the backscattered primary beam electrons. The backscattering process is 

usually accompanied by a very little energy loss of primary electrons 

therefore, generally the BSE signal can be detected from few tens of microns 

beneath the sample surface, however, it depends on the material and the 

accelerating voltage of the primary beam. The intensity of BSE is increasing 

with increasing atomic number owing to the higher probability of 

backscattering from larger atoms. This is called Z-contrast and enables to 

distinguish regions with different composition. The local orientation of 

crystallites also influences the intensity since the lattice can serve as 

“channels” for primary electrons. This is called channeling contrast. 

• X-ray photons – high energy primary electrons can also cause vacancies in 

the inner electron shells of the atoms which is then occupied by electrons 
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from outer shells. During this process, X-ray photon emission occurs. The 

energy of X-ray photons is characteristic for every element, thus by 

measuring the energy spectra, analysis of the local chemical composition of 

the sample can be done. X-ray photon emission volume is larger than for 

BSE. Each characteristic volume for different signals is schematically depicted in 

Fig. 2.5. 

 

Fig. 2.5. Characteristic volumes of the emissions generated by electron beam 

 

2.4.2 Electron back-scatter diffraction (EBSD) 

 

The inelastically backscattered electrons of the primary beam can undergo 

diffraction on the local crystal lattice which results in the formation of the so-called 

Kikuchi patterns (Kikuchi bands) on the detector. These patterns are dependent on 

the orientation of the lattice thus their analysis provides valuable information of the 

local crystal orientation in each scanning point. Consequently, grain orientation maps 

can be constructed which makes the EBSD technique a highly effective tool for 

determination of the texture, grain-size distribution, grain boundaries, etc. of the 

scanned area.  

SEM measurements were performed by SEM FEI QuantaTM FX200 electron 

microscope at accelerating voltage of 15 kV. EBSD measurements were conducted 

with step sizes 50 nm. The working distance was 13 mm in every case. To increase 
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the interaction volume and the contrast of the backscatter electron diffraction pattern, 

samples were tilted by 70° from the horizontal position towards the EBSD detector. 

This configuration can be seen in Fig. 2.6. 

 

 

Fig. 2.6 EBSD measurement setup [75] 

 

2.4.3 Transmission electron microscopy (TEM) 

 

In TEM, high energy (hundreds of keV) electron beam is led through the thin 

foil sample and their interaction forms the TEM image. The beam is controlled by 

electromagnetic lenses that are placed at different positions along the beam path. 

TEM has two basic operation modes: imaging mode or bright field mode and 

diffraction mode or dark field mode (Fig. 2.7.). 
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Fig.2.7 Scheme of TEM 

 

TEM can operate also in scanning mode (STEM), where the convergent 

electron beam scans the defined area and the resulting signals are detected spot by 

spot. The image is then reconstructed from scanning points in the same manner as in 

standard SEM. This mode is used by the Automated Crystal Orientation Mapping in 

TEM (ACOM-TEM) [76] method which is a technique to map grain orientations and 

phases in the sample. In ACOM-TEM, electron diffraction patterns are collected by a 

camera spot by spot and these measured patterns are compared to the precalculated 

patterns of a given phase, structure, and orientation [77]. Then the best match is 

assigned to the measured point. By this procedure, crystal orientation map of the 

scanned area can be created, very similar to inverse pole figure map from EBSD 

measurements. This method is especially useful tool in the case when the grainsize of 

the material reaches tens or hundreds of nm. At this grain structure, the interaction 

volume of the electron beam of the conventional EBSD can be same as the grainsize, 

or even larger magnitude. This causes a mixture of Kikuchi bands from neighboring 

grains and thus it disables their unique identification. 
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2.5. Material conditions and experimental parameters 

 

2.5.1 Ti grade 2 prepared by CONFORM-ECAP 

 

Ti grade 2 samples were prepared in COMTES FHT, as. by C-ECAP 

technique described in chapter 1.4.1. 2 m long cylindrical rods having diameter of 10 

mm were subjected up to three passes of C-ECAP on route A. The die angle at the 

abutment was 90°. The operation temperature was set to 220°C. However, the 

simulations showed that the actual temperature of the feedstock can reach 600°C at 

the shear zone [13,56]. After that the C-ECAP processing part of samples were 

further subjected to rotary swaging (chapter 1.4.2), during which the rods diameter 

was reduced from 10 mm to 4,5 mm.  

Based on the geometry of the C-ECAP process, we defined a sample 

reference system (see Fig. 2.8). This designation is used throughout the text.  

 

 

 

Fig. 2.8. Scheme of the sample reference system of C-ECAP treated samples 

 

2.5.2 Ti grade 2 prepared by CONFORM-ECAP and Rotary Swaging 

 

C-ECAP treated Ti grade 2 samples were further processed by rotary swaging at 

room temperature, which resulted in diameter reduction from 10 mm to 4.6 mm. The 

process was briefly described in chap. 1.4.2. 
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2.5.3 Neutron diffraction experiments 

 

The ND residual strain scan was performed with two instruments, TKSN-400, 

and SPN-100.  

The neutron wavelength at TSKN-400 instrument was 2.4 Å and the 2D PSD 

detectors were situated at . At SPN-100 the same parameters were 2.13 Å 

and , respectively These detector set-ups allowed to detect  and 

 diffraction peaks. The instrument gauge volume (IGV) was set by Cd slits 

placed in front of and behind the sample. The IGV limits the detection of diffracted 

neutrons to a particular volume. Thus, scanning of various part of the samples is 

possible. At TKSN-400, the slit dimensions were 2 mm in width and 3 mm in height, 

while at SPN-100, square slits of 3 mm side lengths were used.  

The cross-section of the specimen was scanned in the middle part of the C-

ECAP rod* (Fig. 2.9). At each measurement points, three scans were done, in axial, 

hoop and radial, which refer to the mutual orientation of the diffraction vector  

 (thin arrows in Fig. 2.9) and the main axes of the sample.  

 

 

Fig. 2.9 Scheme of the line scan at HK4 with sample reference frame and the 

directions of diffraction vectors [54] 

 
* We assumed that the in the longitudinal direction the gradients in the microstructure are 

negligible 
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In the case of TKSN-400, the scheme of residual strain measurement points in 

each direction, and the corresponding IGVs are shown in Fig. 2.10. The scanning 

procedure was the follows: first, a scan in transversal direction (TD) took place (5 

measurements points, step-size 2 mm). In the next step, the sample was rotated by 

45° and the same procedure was repeated. For the scanning of the whole sample 

volume, 4 rotations (0° = TD, 45°, 90°,135°) were necessary (cf. Fig. 2.10). The 

alignment of samples was carefully checked by laser pointers in the first place. After 

that, short (3 minutes data acquisition) ND scans were done near the edges of 

samples in order to eliminate a possible neutron beam misalignment.  

 

 

 

Fig. 2.10 Scheme of IGV’s and their positions during the neutron diffraction scans at 

HK9 

 

The scan at SPN-100 was performed only one in transversal direction, with a 

step-size of 1 mm.  

The data acquisition time for one scan was 1h at TKSN-400 and 40 min at 

SPN-100, respectively. During the data processing, the data from 2D detector were 

converted to 1D Intensity -  angle plots.  The intensity profiles of the diffraction 

peaks were fitted by a Gaussian function. 

In-situ ND experiments were carried on during compression of RS samples. 

An uniaxial loading rig with a 20 kN load cell was used for compression tests. The 
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measurements could be performed only in axial setup, i.e., the diffraction vector 

parallel to the loading axis, owing to the limited space. The experimental setup is 

schematically depicted in Fig. 2.3 a and the deformation rig can be seen in Fig. 2.3 b. 

1 mm wide slits were used without vertical limitation. The deformation rate 

was  s-1 - at every sample. The deformation was measured with extensometer 

placed on the sample. The deformation was stopped, and the ND measurements were 

done at 0.2, 0.5, 1, 1.5, 2, 2.5, 3, 5, 8, 12, 16, 20, 25 % applied strains (or until 

fracture). The data acquisition time in each measurement point was 1 h. The initial 

state was scanned for 2 h. 

 

2.5.4 X-ray measurements 

 

X-ray texture measurements were done on PANalytical XPert MRD 

diffractometer using CuKα radiation with polycapillar optics in the primary beam 

was employed for acquiring the , , ,  and  pole 

figures.  pairs were measured by 5° step in ranges  and 

. Measurement results were further processed by MTEX 5.3 free and 

open-source software toolbox for MATLAB in order to determine the orientation 

distribution function (ODF) and subsequently complete the pole figure to the whole 

 range. 

In the X-ray dislocation density measurements, a rotating-anode Cu double-

crystal diffractometer with 1,5405 Å wavelength was used. The diffraction from 

 planes with  was detected by 1D DECTRIS 1K detector with 

pixel size of 0,05 mm. The measured profiles were analyzed then by m_v08.11.2014 

software. 

 

2.5.5 SEM & EBSD measurements and sample preparation 

 

For microstructure investigation by SEM and EBSD technique, the samples 

were first grinded on SiC papers from P500 to P4000. This was followed by 

electrochemical polishing in LectroPol-5 with voltage of 45 V for 70 s, in the 

solution of 300 mL CH3OH + 175 mL 2-butanol + 30 mL HClO4 at −20 °C. 

Different parts of the same sample were investigated by SEM or EBSD. C-

ECAP-ed Ti grade 2 cylindrical samples were investigated in four different areas 
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within the same specimen. Their arrangement can be seen in Fig. 2.11. They are at 

upper, lower and a side-long periphery, and in the center. Each surface was 

perpendicular to TD. 

 

 

 

Fig. 2.11. – Scheme of areas of interest investigated by SEM and EBSD for Ti Grade 

2 samples 

 

EBSD measurements were analyzed by TSL OIM software and by M-TEX 

toolbox (version 5.5) of MATLAB (version R2020.a) software package. Only points 

with confidence index (CI) higher than 0.1 were accounted for the analysis Half 

quadric filter denoising procedure was used for de-noising in the IPF maps [78]. 

 

2.5.6 Microhardness measurements 

 

Microhardness measurements were conducted on the polished surfaces in 

cross section on a Q10 microhardness device. The indentation force was 50 N and 

the indentation time 10 s. The step size between indents was 0.6 mm. Measurements 

were done in the circular cross section of samples. The investigation covered circular 

surface with radius 3.6 mm, i.e., the very near edges of samples were not examined. 

 

2.5.7 TEM and sample preparation 

 

A JEOL 2200 FS TEM microscope with accelerating voltage of 200 kV was 

used in this study for ACOM TEM investigation of the RS samples. Thin foil 

samples with a diameter of 3 mm were prepared in two steps. First, they were 

mechanically grinded down to 150 μm thickness, then electrochemically thinned in a 
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Tenupol 5 device using a solution of 300 mL CH3OH + 175 mL 2-butanol + 30 mL 

HClO4 at −20 °C and a voltage of 40 V until a hole appeared. 
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3. Aims of the thesis 

 

The main goal of the present thesis is to investigate SPD Ti by ex-situ and in-situ 

neutron diffraction and by several complementary methods in order to elucidate the 

residual stress state of the bulk and its microstructural background. Residual stresses 

can influence the lifetime of the work-piece, thus their study can play a key role in 

planning of further material processing steps.  

The dominant deformation mechanism during straining of the material determines 

the deformation behavior of the bulk. The in-situ neutron diffraction technique 

enables to investigate the materials during deformation tests, which provides 

valuable information about the internal stresses and deformation mechanisms. 

Therefore, by application this method, the study of the deformation mechanism of 

the materials after the final processing step is also the part of the thesis’s goal. 

Partial goals of the present work can be summarized in the following points 

separated by studied materials:  

• Commercial Ti grade 2 processed by CONFORM-ECAP method 

o To investigate the residual stress state and its spatial distribution in the 

bulk samples with respect to the different levels of processing  

o To characterize the gradient of the microstructure and texture of 

samples after corresponding passes of the CONFORM-ECAP 

• Commercial Ti grade 2 prepared by CONFORM-ECAP and Rotary Swaging 

o To characterize the microstructure of the processed material 

o To investigate the evolution of the internal stresses and deformation 

mechanisms in compression 
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4 Experimental results and discussion 

 

4.1 Initial state 

 

The microstructure of the initial state, this is before the C-ECAP processing, 

was investigated by EBSD (Fig 4.1). Two areas were examined perpendicular to the 

axial direction of the sample: near to the periphery and in the center.  

 

 

 

 

Fig.4.1. Microstructure of initial state of Ti grade 2 sample 

 

The microstructure mainly consists of equiaxed grains with high angle grain 

boundaries (HAGB). The mean grainsize is around 5-6 μm at both areas. The only 

difference between the center and periphery is in the micro-texture. At the periphery, 
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fiber texture is present, where  basal planes are aligned with the axial 

direction. At the center, there is no preferred orientation of grains, the micro-texture 

is rather random. 

The distribution of the    peak position shifts with respect to the 

 value measured in the center of the sample is shown in Fig 4.2. The error of 

the measurement was approx. 1%. 

 

 

Fig. 4.2 The distribution of the   peak position shifts  with respect to the 

 value measured in the center of the sample for axial, radial and hoop direction 

in three mutually perpendicular directions of the diffraction vector 

 

It is worth noting that these peak shifts are partially include artifacts, given by 

the shape of IGV. As it is obvious from Fig. 2.10, during the measurement at the 

edges in axial and hoop directions a relatively large portion the IGV is larger than the 

corresponding sample volume (see also Fig.4.3). This results in anomalous peak 

shifts, which are not related to the stress states in the sample. Therefore, we defined 

the so-called Sample Gauge Volume (SGV) – see red bordered are in Fig. 4.3 - in 

order to correct this issue. It can be assumed that the center of gravity of the 

diffraction peak is directly related to the center of gravity of SGV’s [64]. As it can be 

seen in Fig.4.3 such a correction leads to shifting of diffraction peak positions to 

higher or lower 2θ angles, depending on the ratio of SGV/IGV and their mutual 

position.  
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Fig. 4.3. Schematic representation of peak shift due to the partially filled gauge 

volume 

 

There are several ways for the calculation of the correct 2 positions. One 

approach simulates the paths of neutrons using Monte-Carlo algorithm [79]. Another 

way is to analytically calculate the peak shifts. [80]. The latter approach is assuming 

sample symmetry originating in its deformation history. Since in our samples there is 

an axial symmetry caused by extrusion, we can assume that the correct peak 

positions can be calculated as the average 2 values of the opposite measurement 

points at the periphery (R=4mm, 0°-180°, 45°-225°, etc.). The corrected  

peak position shifts distributions for the three directions are shown in Fig. 4.4. It is 

obvious that in axial and radial directions the peak shifts are small, whereas in Hoop-

direction significant gradients are present. Since the peak shifts are linearly related to 

the lattice strains (chap. 2.1.2. eq. 7) it may be expected that the largest residual 

strain gradient is present in the hoop direction. 
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Fig.4.4 The Corrected distribution of the  peak position shifts   with 

respect to the  value measured in the center of the sample for axial and Hoop 

direction for initial Ti grade 2 sample. 

 

4.2 Ti grade 2 CONFORM-ECAP treated  

 

In the next chapter the following sample notation will be used: C1 - one C-

ECAP pass, C2 - two passes, and C3 - three passes.  

 

4.2.1 Microstructure 

 

C1 microstructure 

 

The inverse pole figure (IPF) maps for C1 sample in different areas are 

presented in Fig. 4.5.  The microstructure is bimodal. It contains large, elongated 

grains as well as small, equiaxed grains. The latter has formed by dynamic 

recrystallization during the extrusion process. However, the large grains are also 

severe deformed – see the low angle grain boundaries (LAGB), represented by 

yellow line in the insert of Fig. 4.5.   
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Fig. 4.5 IPF map on four different surfaces (indicated bottom left), perpendicular to 

TD, in the C1 sample, with IPF color key orientation triangle 

 

It is noteworthy that the fraction of fine grains is higher at the bottom and side 

part than that at the center and top part of the sample. Fig. The average grain sizes 

(diameter) are between 1 and 2 µm. Owing to the bimodal distributions of the 

microstructure, we also calculated the areas of the grains. Their distribution is shown 

in Fig. 4.6.  
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Fig. 4.6 Grain size (area) distribution in the four investigated areas of the C1 sample 

 

Since the fraction of the elongated grains is relatively large, it is worth to 

characterize them in more detail. In the first step we approached the shape of all 

grains by ellipses, based on the fitting procedure described in Ref. [81].  

In Fig. 4.7 the aspect ratios of the fitted ellipses (ratio of the major and minor 

axes) in the particular areas are presented.  

 

 

 

Fig.4.7. Distribution of aspect ratios of longer and shorter axes of grains in the four 

investigated areas of the C1 sample  
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From top to bottom, the aspect ratios are getting lower, which means that 

grains are becoming more and more equiaxed. At the side part, the almost equiaxed 

grains gives the largest fraction. 

Another interesting geometric aspect, connected to elongated grains, can be 

noticed in Fig. 4.8., where the distribution of angle orientation of major axes with 

respect to longitudinal direction is shown. The major axes tend rotate towards the 

same direction. This can be associated with material flow during the ECAP process 

[82]. This analysis contains only grains with area larger than 4 μm2 and angles are 

measured counterclockwise from horizontal direction. 

 

 

Fig. 4.8 Orientation of major axis of elliptic grains in the four investigated areas of 

the C1 sample 

 

It can be seen that in upper part of the sample, elongated grains tend to be 

oriented in longitudinal direction, while in the other parts, a larger fraction is tilted 

towards to normal direction.    

The microstructure after the first pass is heterogeneous. In the bottom part the 

fraction of the fine grains is higher than that on the top, which indicates that neither 

the strain nor the temperature is evenly distributed during the C-ECAP process. This 

assumption has been proved by finite element simulation of Mertová et. al [56]. They 

have found that there is a significant temperature and deformation gradient in the 

sample during the C-ECAP process ([56], figure 2). The has shown that the bottom 
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part of the sample undergoes higher deformation at higher temperature. 

Consequently, at the bottom the dynamic recrystallization is significantly enhanced. 

 

C2 microstructure 

 

 

Fig.4.9 IPF map on four different surfaces (indicated bottom left), perpendicular to 

TD, in the C2 sample, with IPF color key orientation triangle 

 

The microstructure of C2 sample is presented in Fig.4.9. It can be seen that 

the large grains are still present. However, their fraction is smaller than after first 

pass. Concurrently, the overall fraction of fine grains increased in every area, 

(Fig.4.10). The center position has the smallest fraction of fine grains with 0,15 %. 

However, this value is still four times higher than that for the C1 sample. It The 

gradient in fine grain fraction is also significantly reduced. The highest difference 

between fine grain fractions in different areas is 0,06 % in C2, whereas it is 0.12% in 

C1 sample.  
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Fig.4.10 Grain area distribution in the four investigated areas, in the C2 sample 

 

This change can be ascribed to the application of route A (chap. 1.4.1). 

During the second pass the sample’s bottom part became its upper and vice versa.  

Consequently, the small grains will be distributed more evenly throughout the 

microstructure.  

It is worth to mention that from the point of view of homogeneity of upper 

and lower part, the shortcomings of the previous orientation are not fully overcome 

by changing the sample orientation. This can be seen in Fig. 4.11. where the 

distribution of aspect ratios of longer and shorter axes of fitted ellipses to grains are 

depicted, with respect to the position. In down part of the sample, higher fraction of 

ratios near to 3 remained from the previous C-ECAP pass, beside the increased 

fraction with ratios between 1 and 2. On the other hand, the positive effect of sample 

orientation change can be noticed also in center position, where the fraction of higher 

ration than 2 is decreased almost by factor 2 with respect to previous C-ECAP pass. 

In the side part apparently, there is no changes change. 
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Fig.4.11 Distribution of the aspect ratios of grains in the four investigated areas of 

the C2 sample 

 

The distribution of orientation of the major axes of larger grains, indicates 

that in upper and center part of the sample, the grains are further rotated towards the 

normal direction-to 150° (Fig.4.12). However, in the bottom and side part the 

maximum of the distribution is around 160°. 

 

 

 

Fig.4.12 Orientation distribution of longer axes of larger grains with respect to LD, 

in the four investigated areas of the C2 sample 
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In overall, the second pass brings more homogeneity into microstructure by 

removing some of the gradients present after the first pass. The grain structure is 

becoming more uniform, with higher fraction of equiaxed fine grains. 

 

C3 microstructure 

 

 

 

Fig.4.13 IPF map in four different areas (indicated bottom left), perpendicular to TD, 

in the C3 sample, with IPF color key orientation triangle 

 

The microstructure of Ti grade 2 sample after the third pass is shown in 

Fig.4.13. It can be seen on the first sight that the grain structure became more 

homogeneous. Especially at the side part, with larger, elongated grains are not 

present. Significant area reduction of large grains takes place in the top part as well. 

This is quantitatively depicted in Fig.4.14. Grains larger than 10 μm2 have practically 

disappeared from the grain size distribution in the two above mentioned regions.   
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Fig.4.14 Grain size (area) distribution in the four investigated areas, in the C3 sample 

 

The fine grain fraction is above 0,20 % everywhere, while in C2 sample, only 

the side part exceeds this threshold. It can be noticed that the lowest fraction of fine 

grains is still located in the center of the sample. An interesting point can be 

observed in the for the side area.  The maximum of the grain area distribution is 

shifted towards the highest values, which indicates a moderate grain growth. 

The homogenization process can be noticed also in the Fig.4.15, where the 

distribution of the aspect ratios is plotted.  In all examined areas the maximum of 

distribution is near to value 1. 
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Fig.4.15 Distribution of aspect ratios of longer and shorter axes of grains in the four 

investigated areas of the C3 sample 

 

The repetitive application of C-ECAP method showed the positive effect on 

the grain refinement., Similar conclusions were drawn by many authors [83, 84, 85, 

86]. However, the majority of investigations was and is focused only to the center 

area of the processed billets and the overall degree of homogeneity remained 

unanswered. This problem was investigated in aluminum alloys by Xu et. al [87] 

processed by conventional ECAP and by Procházka et al. [88] on C-ECAP. Xu’s 

investigation showed that the highest scatter in the microhardness is present after the 

first ECAP pass, and the lowest hardness values are at the bottom area. Procházka’s 

group studied two areas: bottom part and central part. They showed that in bottom 

part, the grain size is smaller compared to central part. Furthermore, the fraction of 

elongated grains was higher at the central part after one C-ECAP pass. Our findings 

on Ti grade 2 correspond with his results. 

Based on the EBSD investigation result, several conclusions can be drawn: 

• Large gradient in grain size distribution is present after the first C-ECAP 

pass, where the finer grains are at side part while significant number of coarse 

grains is present in center region. 

• After the second C-ECAP pass, the gradient between the peripheral regions is 

reduced but in the center region, coarse grains are still present. 

• After the third C-ECAP pass the microstructure homogenization continued. 

Furthermore, a slight grain growth occurred at side regions 

  

4.2.2 Crystallographic texture 

 

Local textures are presented by the means of Pole Figures (PF) of , 

 and  crystallographic planes. The spherical projections are equal area 

projections. The angle  - altitude is measured from the center of PF, and  - 

azimuth is measured from “east” direction (chap. 2.3) counterclockwise. PF from 

EBSD measurements were rotated by 90° clockwise around ND to match their 

orientation to PF from X – ray measurements. 
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  The projection of the sample reference frame from TD and LD view on the 

PFs, supplemented with the theoretical shear plane (SP) and its normal (SPN) is 

shown in Fig. 4.16.  Since the inner angle in the C-ECAP setup was 90°, the SP and 

SPN is theoretically inclined by 45° from ND (LD).  

 

 

 

Fig. 4.16 Projection of ECAP treated sample reference frame on pole figure together 

with shear geometry. LD-longitudinal direction, ND-normal direction, TD-transverse 

direction, SP-shear plane, SPN-shear plane normal 

 

C1 local EBSD & X-ray texture 

 

The local EBSD-textures of the investigated positions in C1 sample are 

depicted in Fig. 4.17. From Fig. 4.18 a. it is obvious that the basal poles tend to align 

between the theoretical SPN and the ND. From the spread of basal poles maxima in 

Fig. 4.17 b. it can be concluded that, at top and side positions, more pronounced 

rotation of basal planes around an axis occurs. The direction of this axis is near to the 

location of the maxima of prismatic PF. 

 



 

57 

 

 

 

Fig. 4.17 Local EBSD-texture distribution by means of PF, measured by EBSD in C1 

sample in a-TD and b-LD view 

 

Local X-ray-textures in the mean of PF are depicted in Fig. 4. 18. The 

measured positions in the sample are depicted in the left bottom corner. In contrary 

to EBSD experiments, both side parts were examined in this case.  
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Fig. 4.18 Local X-ray texture distribution by means of PF diffraction of C1 sample in 

a-LD and b-TD view 

 

If the PF resulted from the two experiments are compared, it is seen that 

results of both texture measurements are in good agreement. The same main features 

can be seen in X-ray PFs as in the case of EBSD PF, i.e., the main maxima of both 

type of PF are in coincidence within few degrees.  Although, few differences can be 

spotted. The intensity distributions of X-ray textures are more continuous thanks to 

the larger investigated area. Moreover, a local maximum can be recognized between 

the LD and the ND pole in each X-ray basal PF (Fig. 4.18. a) except the top position. 

This component appears at the edge of the PF from TD view (Fig. 4.18 b.), between 

LD and ND, at the opposite side of the main maxima. But their overall intensity is 

lower than the main maxima and it is slightly above the random distribution. 

 



 

59 

 

 

 

Fig. 4.19 Schematic representation of shear texture components represented in 

 and  PF’s 

 

These textures can be described in terms of fibers and orientations. Toth et. 

al. [89] identified the ideal fibers and orientations, together with their positions in 

PFs (Fig. 4.19) of hcp structure subjected to simple shear deformation. Although, 

they calculated with ideal c/a ratio, which is the most suitable for Mg, their findings 

can be applied in the description of ECAP textures of Ti also [90, 91]. 

In the reported literature dealing with ECAP-ed or C-ECAP-ed Ti textures, in 

the experimental PF, the clearly visible B fiber  and the P fiber 

 appear in a slightly shifted position with respect to ideal fiber and 

orientation positions of the ideal hcp structure. These fibers can be partially 

identified in our case also. The earlier mentioned additional local maxima of basal 

PF, near to ND pole of the X-ray textures may be identified as C2 fiber 

. 

The PF maxima show similar features and positions with the reported ones 

[90, 91]. The most similar PF to the reported PF in the literature can be find in the 

center position, obviously, since the authors carried out their measurements in the 

center of the samples. The texture inhomogeneities in the sample can be explained by 

a potentially curved shear plane and by the inhomogeneous shear deformation 

through the sample cross section, as it was shown in [92]. Besides the strain field, 

this influences the texture formation in particular positions in the sample also. The 

shear process during C-ECAP is mirror symmetric along the ND direction in ideal 

case. Thus, mirror symmetry can be expected in texture formation also, with some 
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deviation from it. This is clearly seen if both side part of X-ray PFs are compared in 

LD view (Fig. 4.18. a.). It seems that main texture components at side positions 

(indicated in purple and red frame) are rotated by few degrees around ND (each with 

opposite direction). The top, center and bottom parts exhibit very similar maxima 

positions in PF’s. Only a minor rotation around LD can be spotted. 

 

 

 

Fig. 4.20 Local EBSD texture distribution by means of PF in C2 sample in a-TD and 

b-LD view 

 

In fig. 4.20, local EBSD-textures of the C2 sample are presented. If it is 

compared to the previous pass, it is seen, that the shear textures are getting more 

continuous with clearly defined global maxima. The intensities around the maxima 

are spread. The X-ray textures of the C2 sample have similar attributes. Also, it is 

seen that B fiber dominates the texture mainly at center and bottom parts (lack of the 

sign of P fiber in the surroundings of the center of the basal PF). The symmetric 

orientations of texture components between the two side parts are more pronounced, 

as it is seen in Fig. 4.21 b. (compared to Fig. 4.18 b) at side parts. Thanks to route A, 

the axial symmetry with respect to ND axis is kept since the rotation of the sample 

before reinserting to the C-ECAP should not change this symmetry. 
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Fig. 4.21. Local X-ray texture distribution by means of PF, measured by X-ray 

diffraction of C2 sample in a-LD and b-TD view 

 

The texture properties of the second pass can be explained by the more 

pronounced grain refinement process. As in the previous section, the C1 sample 

contains more non-refined grains than the C2 sample, this is more grains contribute 

to the observed texture, which became more continuous. Furthermore, the 

reorientation of finer grains with respect to the shear direction in the local shear 

plane is easier. Thus, the noticed rotation of texture components at side parts is more 

significant even more in this case.  
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 Fig. 4.22. Local EBSD-texture distribution by means of PF in C3 sample in a-TD 

and b-LD view 

 

The measured textures from EBSD and X-ray diffraction experiments on C3 

sample are presented in Fig. 4.22 and 4.23. Compared to previous passes, the texture 

became even more continuous in general. Shear textures with more spread character 

are still present; however, a texture component has been appeared clearly in X-ray 

textures at top and side parts (Fig. 4.23. a.), where the basal planes are near to 

parallel orientation to LD. This texture change can be a result of a slight grain growth 

[93], as it was presented in the previous chapter or a result of the formation of a 

strong P1 orientation. As it was shown above, the curved shear plane plays important 

role in the reorientation of texture components at side positions. 
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Fig. 4.23. Local X-ray texture distribution by means of PF in C3 sample in a-LD and 

b-TD view 

 

4.2.3 Dislocation density by X-ray diffraction 

 

Dislocation densities at particular positions were determined by x-ray 

diffraction method described in chapter 2.3. The investigated positions were the same 

as in the case of texture measurements. The second order restricted moment of the 

 diffraction peak intensities were analyzed by fitting eq. 8 on the  vs. 

 data. In this form, eq. 8 is linear with slope . By determining , the 

average dislocation density can be calculated. As we already know, this parameter 

depends on the diffraction vector , dislocation’s Burgers  vector and on the so-

called dislocation contrast factor . Since there is no restriction on the possible 

dislocations, the average value of  of all possible dislocations in hcp structure was 

used. The dislocation densities of all three C-ECAP samples are summarized in Fig. 

4.24. 
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Fig. 4.24 Dislocation density distributions in C1, C2 and C3 samples 

 

The values of dislocation densities are in order of , which is 

roughly in accordance with values found by Gunderov et.al. [94]. The slight 

difference can be accounted for different processing conditions, like higher 

temperature than in their case, which enables the faster rise of the recovery 

processes. 

As it is seen on Fig. 4.24. a slight gradient of dislocation density towards the 

edges of the sample can be observed in C1 specimen. The maximum is at top 

position while the edges, i.e top, bottom and side parts show almost the same 

dislocation density. The C2 and C3 samples exhibits almost identical distribution of 

dislocation densities. The generation and annihilation of dislocations are equilibrium. 

It is worth to note again, that simulations showed [56] temperature and strain 

gradients during C-ECAP process. The top position exhibits higher strains and lower 

temperatures than everywhere else. This is, the highest dislocation density can be 

expected in top positions. This can be observed at C1 sample on Fig. 4.24. However, 

after subsequent passes, central part exhibits the maximum dislocation density, and 

the top position has only the second highest value. This can be explained by the poor 

thermal conductivity of Ti. During the second and third pass, the edges of the 

cylindrical sample are heat treated while they reach the abutment, where the ECAP 
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process happens. The bar shortly after this exits the whole machine and it is not 

exposed to further heat anymore. Thus, the sample after first pass exhibits dislocation 

density distribution corresponding to the strain distribution. As Ti has reduced heat 

conduction, the time, until the abutment is reached, is not enough to homogenize the 

temperature in the whole cross section.  

This unwanted heat treatment may be responsible for reduced dislocation 

density in C2 and C3 samples, for slight grain growth and for additional texture 

component in C3 sample.   

 

4.2.4 Microhardness measurement results 

 

Microhardness measurements were conducted in the manner presented in 

chap. 2.5.6. Contour plots of measured values in the cross-section of samples are 

shown in Fig. 4.25. These HV values can be understood as the relative local yielding 

property of specimen since the indentation is a local plastic deformation process.  

 

 

 

 

Fig. 4.25 Measured microhardness map of C1, C2 and C3 samples cross-section 
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In general, the C1 sample seems the hardest in general since its HV values are 

between 236 and 258, while C2 and C3 samples have values between 210 and 238. 

These values are in good agreement with HV values of conventional ECAP 

processed Ti in other work [95]. If we take a closer look, some harder and softer 

regions can be identified within samples. In C1 specimen, the near the edge region, 

between 90° and 180° is the hardest, it is followed by region near at the edge, 

between 225°and 270° and finally the region near 0° of the sample. In such a way, a 

“Y” shaped, softer region outlines in the surface. A vertical symmetry of the HV 

distribution can be found here also. 

The C2 sample is the hardest around the central region towards 180°. Softer 

parts can be found in the upper semicircle of the cross section. The vertical symmetry 

is less pronounced in this case.  

Higher HV values can be seen in the upper semicircle, mainly at left side, 

towards the center of C3 sample. Equivalently, the bottom part of the semicircle of 

the cross section is the softer region.  

The variation of HV values can have several reasons based on the local 

microstructure properties and stress state [96, 97]. One of this reason is the grain size 

variation within the sample according to the citated literature. However, drastic 

changes in grain size were not observed, as it was seen in chapter about 

microstructure. Therefore, the distribution of residual stress acting only parallel to 

the surface affects mainly the microhardness distributions. 

 

4.2.5 Neutron diffraction residual strain/stress scan  

 

In the first part, ND scan results in the whole cross-section of the samples will 

be presented. In the second part, line scan results are given. In the first case 2 mm 

steps and 45° rotations were applied in the whole cross section of samples, while in 

the second case, 1 mm in line steps in TD direction of samples were used. Details of 

these experiments can be found in chapter 2.5.3. 

For calculation of residual stresses from a the measured  Bragg diffraction 

angles/interplanar distances, it is needed to estimate the diffraction elastic constants 

 (chapter 2.1.2) and the stress-free  or  for determination of strains. The 
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latter is dependent on  since the stress-free reference was not available in our 

case. Therefore, the self-equilibrating property of residual stresses was used for 

estimation of the stress-free  of the  diffracting planes. It is assumed, that 

these planes represent well the macro-residual stress state of these samples. 

As it was explained before, there are several approaches to calculate . In this 

work, the modified Eshelby self-consistent method for polycrystalline materials was 

used [98]. The elastic tensor  can be expressed as: 

 (a) 

Where r is the number of grains,  and  is the volume fraction and elastic 

tensor of r-th grain, I is a fourth order identity tensor and  is the Eshelby 

tensor as function of  and orientation f of the r-th grain. The  is basically the 

orientation distribution function (ODF) evaluated at some orientation f in Euler space 

corresponding to the orientation of the r-th grain. The ODF was calculated from X-

ray texture measurements. The Eshelby tensor depends also on Hill’s polarization 

tensor, and their analytical form can be found in [98] and [99]. 10000 individual 

grain orientations with their volume fractions  was used based on the calculated 

ODF. The calculation of  was done by an iterative approach in a MATLAB 

program written by the author of this work, the ODF estimation from texture 

measurements was made by MTEX software package in MATLAB.  was 

calculated for each texture measurement positions for all C-ECAP processed 

samples.  

The results of the strain scan in the C1 sample cross section perpendicular to 

cylinders axis are shown in Fig. 4.28. The maximum error is 29 µε for all strains in 

this chapter. The distributions show that in axial direction, mainly strains with 

compressive character are developed while in hoop direction, tensile strains are 

dominant. In radial direction, tensile character of strains slightly exceeds except 

regions near bottom and near the side edges. The highest values of compressive and 

tensile strains in axial and hoop directions, - 320 and 220 με respectively, are 

concentrated mainly between the top and central position.  
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Fig. 4.26. The measured residual strain distribution in C1 sample cross-section 

 

In axial direction a local maximum of compression strain is present, while in 

hoop direction, in the same position as in axial direction, two peaks of tensile strain 

evolved. An interesting distribution of residual strains is present in the radial 

direction. The upper part of the sample has nearly homogeneous distribution of 

strains, but the bottom part contains the maxima of local compression and tensile 

strains. 

If we recall again the simulation results [56], surrounding of top part exhibits 

the largest deformation. Furthermore, the symmetry around vertical central line, i.e., 

around ND, is obvious. This is the result of the symmetrical behavior of ECAP 

process. These strain distributions and symmetry attributes are in agreement with 

previous results of texture and dislocation density. 

The calculated residual stress distribution is presented in Fig. 4.27. the 

maximum error in stresses is about 9 MPa for all stress calculations in this chapter. 

The residual stress differences in the sample are 90 MPa, 34 MPa and 40 MPa for 

axial, hoop and radial directions, respectively. It is obvious, that the vertical 

symmetry is still present with some deviations. In axial direction, in central 
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horizontal line compressive residual stress is developed. The area with largest 

compressive stress is between top and center positions. Two maxima of tensile 

stresses are present, in opposite position near 90° and 270°. The difference between 

magnitude of these local maxima is about 12 MPa. It is obvious from figure, that 

near these positions, tensile stresses are present also in hoop and radial directions, but 

with a more equal magnitude, 12-14 MPa. In hoop direction, stress gradients are 

concentrated mainly in the bottom part of cross section because above the central 

horizontal line, the sample has relatively homogeneous stress state. In the radial 

direction, near the top position, another local tensile maximum is developed. It can 

be concluded that it has also a vertical symmetry in the residual stress distribution in 

C1 sample. 

 

 

 

Fig. 4.27. Calculated axial, hoop (tangential) and radial residual stress distributions 

of C1 sample cross-section 

 

There are only few articles which deals with residual stress/strain 

measurement with neutron diffraction technique in ECAP processed materials.  
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The numerical analysis of ECAP process is mainly focused on the behavior of 

plastic deformation during the treatment [100, 101]. Residual stresses were analyzed 

by finite element method (FEM) in various technical workpieces [102, 103]. The 

combination of ND technique with FEM to study conventional ECAP induced 

residual stresses in high purity copper can be found in [104]. It is worth to mention, it 

seems that authors of the latter citated work ignored the self-equilibrating property of 

residual stresses in their simulation. Nevertheless, similar trends of residual stress 

distributions can be spotted between our work and their work, even though Cu is an 

FCC structured material with different deformation characteristics than our HCP 

structured Ti. The axial stress distribution in Fig. 9. of [104] shows similar behavior 

to the present results, except the vertical central part.  

 

 

Fig. 9 from [104] 

 

In their unloaded state, compressive stresses dominate the region near to the 

top and bottom part in axial direction. In regions near 90° - 135° and 225° - 270° at 

edges in our case and in their equivalent region, tensile stresses are developed. The 

texture plays an important role in the deformation properties of hcp materials, 

especially the orientation with respect to c direction, while in fcc metals texture is 

less important due to the equivalency of slip systems. Therefore, the differences in 

the development of residual stress distribution between the Cu and Ti results, 

respectively, are comprehensive. 
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Fig. 4.28. The measured residual strain distribution in C2 sample cross-section 

 

Residual strain distribution of C2 sample can be seen in Fig. 4.28. 

Compression strains still dominate in axial direction. In contrast to previous pass, 

mainly tensile strains developed in the radial direction. In hoop direction, tensile and 

compression strains are equally present. Furthermore, it can be noticed, that the axial 

strain difference between the maximum of compression and tensile strains is reduced 

by at least 300 με, but on the other hand, it is increased in hoop direction in contrast 

to C1 sample. Considering the local extreme values of strain distributions, in axial 

direction a tensile strain maximum is near to the bottom, and a compression strain 

maximum is at the center. In hoop direction, tensile strain is concentrated in the 

central vertical part, where two maxima are formed. These maxima are placed at 

opposite position to each other. In the radial direction, top region has a wide 

compression strain character. Furthermore, two localized tensile strain maxima can 

be found between the center and the side edges. 
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Fig.4. 29. Calculated axial, hoop (tangential) and radial residual stress distributions 

of C2 sample cross-section 

 

The residual stress distributions of C2 sample are shown in Fig. 4.29. 

Compared to the previous sample, a noticeable different stress distribution is 

developed in every direction. Tensile stress maxima are mainly concentrated in the 

bottom semicircle of the cross section of the sample in every direction. The upper 

semicircle has mainly compression stresses in axial direction and exhibits slightly 

compression stress character in hoop direction. In radial direction, a local tensile 

maximum is developed between center and top positions. Nevertheless, the overall 

distribution became more homogeneous if it is compared to the C1 sample. The 

largest difference between C1 and C2 sample is in axial direction where the stress 

difference is reduced from 90 MPa to 47 MPa. It seems, that vertical symmetry of 

stress distribution is kept after the second pass although with some deviations near 

the edges. 
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Fig. 4.30. The measured residual strain distribution in C3 sample cross-section 

 

In Fig. 4.30. the residual strain distributions of the C3 sample are presented. 

Compression strains are dominant in axial direction and at side parts of hoop 

direction. Radial direction exhibits mainly tensile strains. Two local maxima of 

tensile strains are present in upper semicircle in axial direction. In hoop direction 

also two tensile maxima are present but one in top part and another in bottom part. 

The residual strain distribution with mainly tensile character in radial direction has 

tensile maximum right below top and two maxima of compression strain near the 

upper side parts. A misalignment can be seen in axial direction, which interrupts the 

symmetry around vertical axis. Nevertheless, if we allow some deviation and 

misalignment, symmetry is present in every direction. It is worth to note that strain 

gradients are increasing in hoop direction by every C-ECAP pass while they are 

decreasing in axial direction.  
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 Fig. 4.31. Calculated axial, hoop (tangential) and radial residual stress distributions 

of C3 sample cross-section 

 

The residual stress distribution of C3 sample is shown in Fig. 4.31. All three 

distributions shears similar features, namely a tensile stress maximum near top 

positions and extended compression region below it. The stress distributions became 

more homogeneous with respect to previous passes. 

It was mentioned above, the residual stresses can affect the HV distribution. 

Radial and hoop stresses should be considered in our case, since microhardness 

measurements were done in the circular cross-section of our samples and the shape 

of the indentation is mainly dependent on the stresses acting parallel to the surface. 

Of course, cutting the sample in a plane interrupts the actual stress state of the bulk, 

however, it can be expected that similar distributions of radial and hoop residual 

stresses are acting in the measured surface as in the bulk. If some regions exhibit 

larger tensile stresses in the sum of hoop and radial stresses, then they should have 

higher average hardness values also, since the indentation process locally compresses 

the material mainly in direction parallel to the surface. In the same manner, a higher 

compression stress results in larger HV values. Strictly speaking, if somewhere is 

gradient of stresses, inevitably microhardness gradients appear also (beside other 
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parameters kept constant). In Fig. 4.32, hoop + radial distributions are compared to 

microhardness results (Fig.4. 25).  

In Fig. 4.32. in microhardness part, regions with coherently different HV 

values are separated by dark blue lines, i.e. where gradients are present. In C1 

sample, three regions show higher tensile stress values: top region between 315° and 

0°, and near the edges at 225° and 135°. Therefore, the region without these higher 

tensile is “Y” shaped. Basically, the same region with lower HV values can be 

spotted in microhardness map of the C1 sample. Maximum tensile stress values are 

located between the center and side part the C2 sample. The microhardness map 

shows similar behavior; however, it seems that higher HV values occupy a bit larger 

region. In the C3 sample, the correlation between tensile stress regions and higher 

HV values also correlates. The top part of the sample suffers from tensile stresses as 

well as from increased microhardness. It is worth to note that microhardness maps 

were done with 0.6 mm steps, while ND scan steps with 2 mm. That is why 

microhardness maps look “noisier” compared to stress distribution maps. However, 

even with this step difference, stress maps correlate well with HV maps if we 

consider the averages.  
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Fig. 4.32 Comparison of the sum of hoop and radial stresses with microhardness 

results. The regions with higher average HV values are bounded by dark blue lines 

 

Von Mises yield criterion relates the yielding of the material in the presence 

of multiaxial loading. Mathematically  can be expressed as: 

  (b) 

where , , are stresses in their corresponding directions in 

our sample reference system. This concept enables us to determine the overall 

residual stress state of samples by a single parameter for each measurement point. 

Von Mises stresses also shows the regions where material is closer to the yielding 

stress, i.e., it is a precursor for non-homogeneous plastic deformation [105].  
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Fig. 4.33 Calculated Von Mises stresses in samples cross-section 

 

The Von Mises (VM) stress distribution of all samples is depicted in Fig. 

4.33. In all samples, the top region exhibits the highest VM stresses. In C1 sample, 

minima can be spotted in two locations, between the center and the edge at 135° and 

225°. In C2 sample, minima are located in almost at the same position as in C1. The 

C3 sample exhibits an extensive minimum at the bottom semicircle of the cross 

section. C1 sample shows the largest VM stress maximum (40 MPa) and the C3 

sample the lowest maximum (16MPa).  

Again, we can recall the simulation in [56], the top part of samples exhibits 

the highest deformation. Therefore, it is straightforward that the overall residual 

stress has the largest magnitude in these regions although some of their components 

have different character than others. It can be seen, that with increasing C-ECAP 

passes the overall residual stresses became more and more homogeneous, i.e., with 

less local extremes with lower magnitude. Also, the average VM stresses are 

decreasing with increased number of passes. The average VM stresses are 24.7, 12.7 

and 9.5 MPa for C1, C2 and C3 samples, respectively.  
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These variations in residual stresses can be explained by microstructure and 

process condition changes as we saw in previous chapters. Gradients related to 

microstructure are responsible for the rise of residual stresses mainly in materials 

with noncubic crystal symmetry for the following reasons. For example, neighbor 

regions with different textures attempt to strain differently each other when they are 

subjected to temperature changes due to the anisotropic thermal expansion 

coefficients of Ti [11]. In our case, this happens when the workpiece reaches the 

main deformation zone in the C-ECAP die where temperature gradient in time and 

space is present. Further, the material response for straining is different for different 

microstructures, which includes grain size (through Hall-Petch relation), texture 

(through elastic modulus tensor) and dislocation density (through Taylor formula) 

variations. As we saw earlier all these dispose spatial gradients in our samples which 

are gradually reduced with increasing number of C-ECAP passes. On the other hand, 

the imposed strain by C-ECAP process alone has gradient in the sample which is 

present in every passes. Thus, residual stresses can be expected after the fully 

homogeneous microstructure, although, their magnitude is decreased. The same 

overall behavior can be noticed in the VM stress distribution evolution as the 

function of the number of C-ECAP processes, as it was noted before. 

 

Comparison of measurements on instruments HK9 and HK4 

 

ND measurements on HK4 on SPN-100 instruments were done according to 

the description in chap. 2.5.3. The ND scan was performed only along a line in the 

TD direction, and the stress balance condition could not be applied in the whole cross 

section. Thus, the initial state ND data measured in axial direction were taken as the 

stress-free reference. Consequently, the residual strain values are related to this initial 

state, this is the effect of C-ECAP processing with respect to the initial state can be 

rele on samples relative to the untreated material. 

The results of the experiments at horizontal channel HK4 on SPN-100 instrument are 

presented in Fig. 4.34. It is obvious that the C-ECAP treatment resulted in overall 

compression strain in each sample and each direction with respect to to initial state. 

Furthermore, it can be seen that the residual strain is gradually reduced in axial 

direction with increasing number of passes at the center of the samples, while the 

opposite tendency can be seen at the edges. In hoop direction, the second pass 
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resulted in very similar strain distribution as in previous pass, only an additional 

compressive strain appeared. In radial direction, the strain distribution is quite 

homogeneous after the first and second pass. A relatively larger difference can be 

spotted only at the periphery.  After the first and second pass, all strain distributions 

show a relatively similar character with some deviations. However, after the third 

pass, this symmetry is broken. The reason can be a misalignment during C-ECAP 

treatment and during the ND scan as well. 

 

 

 

Fig. 4.34 Residual strains in axial, hoop and radial direction with respect to the axial 

direction of the initial state, for C1, C2 and C3 samples, measured at HK4 [54]. 

 

In the previous section, the full cross section ND scans measured at HK9 on 

TKSN-400 instrument were presented. As it was shown there, some deviation from 

the symmetric distribution of residual strains is present at every samples. In order to 

compare the results in TD of the two instruments (Fig. 4.35) and check the possible 

misalignment in measurements at HK4, results at HK9 were recalculated relative to 

the axial direction of initial state. More precisely, following the same approach as at 

HK4, the average of the measured Bragg diffraction angles   or interplanar distances   
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in axial direction of initial state, measured at HK9, was taken as stress free reference 

for calculation of residual strains. 

It is obvious that the results of both instruments are in good agreement for C1 

and C2 samples. Even the results of C3 sample in axial direction matches in both 

instruments. Only hoop and radial directions show larger differences between the 

two instruments. This can be explained by misalignment of C3 sample during these 

measurements. The axial direction measurements are done on samples in horizontal 

position with respect to cylindrical axis, while in radial and hoop direction 

measurements, the samples are in vertical position. This means, samples must be 

reoriented from horizontal to vertical position by the instrument operator and thus, 

misalignment is likely the reason of the mismatched results. Most probably, the line 

scan in these cases did not pass the sample center, therefore measurement points at 

the sample edges suffer from spurious strains due to the partially filled instrument 

gauge volume. 

 

 

 

Fig. 4. 35 Comparison of results of experiments conducted on HK4 and HK9 
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4.3 Ti grade 2 CONFORM-ECAP and rotary swaging treated  

 

As it was shown in chapters before, after the third C-ECAP treatment the 

grain refinement, various mechanical properties and the generation of crystal defects 

by means of dislocation density became saturated. Therefore, the C-ECAP processed 

Ti grade 2 was further treated by rotary swaging method at room temperature (cold 

working process) in order to produce a nanocrystalline microstructure. However, this 

has a cost in diameter reduction of cylindrical samples from around 10 mm to 4.6 

mm which, according to eq. 3 in chapter 1.4.2., means approximately    

deformation. 

 

4.3.1 Microstructure 

 

Microstructure of the three samples were studied by transmission electron 

microscopy, especially in the ACOM TEM mode described in chapter 2.4.3. The 

microstructure can be seen in Fig. 4.36. where crystal orientation maps, similar to 

inverse pole figure maps, are presented for each sample. 

As it can be seen, the microstructures consist of heavily distorted grains with 

large amount of low angle grain boundaries (red lines) in all three states. This is a 

result of the exposition to the large deformation. During the process low angle grain 

boundaries are formed. It can be noticed also that with increasing C-ECAP pass with 

combination of rotary swaging, the microstructure is becoming more homogeneous. 

The RS process was applied on series of specimens with decreasing grain size 

resulted from subsequent C-ECAP treatment.  

In the C1+RS sample, the grains have grain size around 1 µm similarly to the 

1x C-ECAP sample. However, several nanocrystalline grains with sizes around 100 

nm can be spotted.  The number of refined grains is increased in C2+RS and C3+RS 

samples. The C3+RS sample shows higher fraction of LAGBs.  

Two types of dislocations can be distinguished: statistically stored and 

geometrically necessary dislocations (GND) [106, 107]. The latter type can cause 

significant local lattice curvature which can be identified in high resolution electron 

microscopy (SEM or TEM) [108]. Therefore, the analysis of orientation maps can 

provide valuable information about the GND content. The exact procedure behind 
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the analysis can be find in [108]. This analysis was performed in our samples too and 

the results can be seen below. 

 

 

 

Fig.4. 36. Crystal orientation and grain boundary maps (HAGB-black lines, LAGB-

red lines) 
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Fig. 4.37 GND density [m-2] maps with HAGB (black lines) and LAGB (red lines) 

 

In Fig. 4. 37., the distributions of GND are presented for each C-ECAP and 

RS processed samples. It is seen, that GND density configuration is not 

homogeneous, but they tend to form dense networks within grains. Regions with the 

highest densities are places where potential further LAGB’s can form (yellow lines). 

The sizes of sub-grains are between few tens to few hundreds of nm. At the first 

sight, there is no difference between samples from the GND point of view. The 

estimated mean GND densities are 5.6, 5.6 and 6.5 x 1015 m-2 for C1+RS, C2+RS 

and for C3+RS samples, respectively. These values seem a bit overestimated, 

however, the already highly deformed C-ECAP processed material was treated with 

even higher deformation process at room temperature, so there was a less possibility 

for recovery processes to happen. The role of GNDs increases with the increasing 
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deformation and with the increasing non-homogeneity of deformation [109]. The 

ratio of statistically stored dislocations to GNDs is estimated to 2:1 in small to 

medium strains, however it can be even higher at larger strains. In our case,  

is quite large and the geometry of samples requires non-homogeneous deformation. 

Therefore, the mean GND values may be realistic considering these facts.  

 

4.3.2 Textures 

 

Crystal orientation maps allowed us to estimate the micro-texture of the 

samples too. The evaluated PFs are basal , prismatic  and 1st order 

pyramidal . The results are shown in Fig. 4. 38. 

 

 

Fig. 4.38 Texture of C1+RS, C2+RS and C3+RS samples by means of PF with the 

processing direction indicated in the left bottom corner 
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As it can be noticed, strong  fiber texture evolved during the 

process, in accordance with [13] and other works in [110, 111]. This type of texture 

is typical for pure Ti [112, 113] and also for Mg alloys [114, 115] after hydrostatic 

extrusion.  

The C1+RS and C2+RS samples have almost identical texture while the 

C3+RS sample shows a slightly weaker preferred orientation. This could be deducted 

also from crystal orientation maps in Fig. 4.36. This can be the consequence of 

previous C-ECAP treatment, as it was discussed in the geometrical aspects of the 

grain structure. 

 

4.3.3 In-situ neutron diffraction study during compression 

 

Since RS processed samples can be considered as final product it is necessary 

to study their mechanical performance. The in-situ ND measurement method enables 

us to track mechanical properties in uniaxial loading. The parameters of the in-situ 

ND measurements can be found in chap. 2.5.3. Due to the strong texture, only the 

 diffracting planes were available with ND in axial direction. During the data 

acquisition, the deformation was stopped for an hour, as it was stated before.  

The results of deformation tests in compression are seen in Fig. 4. 39. The 

deformation curves look similar on the first sight, especially in the elastic zone, 

where they are almost identical. This is evidenced by the fact, that the compression 

yield stress of all the samples is 660 ± 6 MPa. Furthermore, samples exhibit a 

reduced work hardening (tangent to the non-relaxed parts of the curves), which is a 

characteristic for UFG materials [116, 117, 118]. Nevertheless, the relatively large 

difference appeared above 3 % of the deformation, where the work hardening rate 

varies. To see the difference, work hardening rates can be plotted against the 

deformation.  
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Fig. 4.39. True-stress true-strain deformation curves during in-situ measurements 

 

If we take a closer look on the plastic zone above 3 % deformation, together 

with the average work hardening rates of each segment, the difference is conspicuous 

(Fig. 4. 40). It is seen that the C1+RS and the C2+RS samples work hardening rates 

varies significantly more than the C3+RS sample. This can indicate some differences 

in the deformation modes active during the plastic deformation of the material. 

Furthermore, it can be connected to the grain structure each of the samples. Similar 

characteristic of plastic deformation zone of the C1+RS and C2+RS samples was 

found in coarse grained pure Ti [119] in this straining stage, however, on a much 

larger scale of stress differences. The C3+RS samples plastic deformation shows 

identical behavior with the nanocrystalline pure Ti with grainsize of 120 nm found 

by a previous work [120].  

The plastic deformation of the samples can be separated into three clearly 

distinct stages, according to the variation of work hardening rates (Fig. 4.40): before 

5%, between 5 % and 15 %; and after 15 %, denoted as stage I, II and III. It is seen 

that C3+RS sample is quite flat in the II and III stages, compared to another samples 

and the boundary between these stages is not so pronounced. 



 

87 

 

 

 

Fig. 4. 40 True-stress true-strain deformation curves during in-situ measurements and 

the corresponding work hardening rates in plastic region from 2.5 % of deformation, 

dashed lines indicate the boundaries of deformation stages 

 

In order of further understanding of the roles of these stages, it is worth to 

mention some facts. The lowest critical resolved shear stress of the available slip 

systems of HCP Ti at room temperature has the prismatic slip system , 

followed by pyramidal  or basal  slip systems (there is 

no unanimous consensus which has lower CRSS between these two [121]) and  by 

pyramidal slip systems  or  with the largest CRSS. The 

macroscopic stress needed for activation of a particular slip system is calculated by 

dividing its CRSS with Schmid factor of a particular slip system in the current crystal 

and loading direction configuration. Due to the texture of our samples, in our 

geometry, basal planes are parallel to the loading direction, therefore their Schmid 

factor is zero and they cannot be activated. According to  PFs in Fig. 4. 38. 

prismatic planes are perpendicular to the loading direction, which would also 

indicate zero Schmid factor, however from the hexagonal symmetry and from the 

geometry of the hcp lattice it comes, that in sum, two times more prismatic planes are 
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tilted by 60° from the loading direction and the slip direction of  dislocations is 

tilted by 30° from loading direction in these planes. These together indicate 0.43 

Schmid factor, which is almost ideal. Pyramidal slip system  has 

identical Schmid factor as prismatic.  These slip systems can be easily activated in 

contrast to  dislocation which have much higher CRSS than before mentioned 

slip systems with  dislocations. However, still there is a need of a deformation 

mode, which enables deformation in  direction with less CRSS than pyramidal 

 dislocations to ensure the Von Mises criterion of homogeneous deformation 

of polycrystalline materials. Here comes the role of deformation twinning which was 

discussed in detail in chap. 1.3.2.  

The above-mentioned stages present during plastic deformation of samples 

are connected to twinning mechanism too, as it was shown in [119]. The onset of 

stage II is correlated with the start of the deformation twinning followed by 

simultaneous twin nucleation and growth. The increasing work hardening rate in this 

stage can be explained by the fact that twin boundaries serve as obstacles for  

dislocations in systems which are non-coplanar with the twins.  

Due to the texture of our samples, the  direction was perpendicular to the 

loading direction. Since the material is compressed and the volume should be 

conserved, the direction perpendicular to loading axis should exhibit extension, i.e., 

tensile strain is present in crystallographic  direction. Therefore, tensile twinning is 

expected as an additional deformation mode beside  dislocations. The most 

common tensile twinning mode in pure Ti is . Just a reminder, this 

type of twin reorientates the twinned part in such a way that the basal plane is almost 

parallel to a prismatic plane, i.e., the twins  axis is perpendicular to the parent 

lattices  axis. The whole process is schematically represented in Fig. 4.42. 
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Fig. 4. 41 Twinning mechanism during compressive load with respect of the texture 

of the samples 

 

In our detector configuration  and used neutron wavelength 

, theoretically, three diffraction peaks could be observed in 2D PSD, from 

crystallographic planes ,  and  in ascending order of  Bragg 

diffraction angles. Therefore, the evolution of these peaks could be followed during 

the deformation. 

In Fig. 4.42, the relative intensities of  ,  and  

diffraction peaks are presented for each sample against the true strain. The most 

probable boundaries of the deformation stages mentioned above are marked with 

dashed lines. It is seen that the intensity of  peak is rapidly decreasing from 

the beginning of the plastic deformation until around 16-17% of total true 

deformation in each sample with almost the same rate. The minimum is around 0.3 

for C1+RS and C2+RS samples but 0.4 for C3+RS specimen. 
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Fig. 4. 42 Relative intensity evolutions with deformation of  and  

diffraction peaks, dashed lines indicate the boundaries of deformation stages 

 

On the other hand, the intensity of diffraction peak from basal  planes 

is increasing from about 5-6 % of total true deformation, however, their evolution is 

different for different samples. The rise of the intensity of  peaks is around 

5% of deformation in each sample and the saturation is achieved near 17%, 18-20% 

and 8-11% of the deformation for C1+RS, C2+RS and C3+RS samples, respectively. 

It is interesting to notice, that relative intensities are gradually decreased and 

flattened. 

The rise of  peak is an evidence of the onset of twinning mechanism, 

especially of the  twinning system. The relative intensities can be 

associated with the relative volume fraction of twins since the intensity of diffracted 

neutrons is directly proportional to the diffracting volume. Therefore, the  

intensities in our C1+RS sample can be compared to twin volume fractions in 

literature as in Fig. 8 in [119]. The two graphs show very similar characteristics.  

As it was discussed few paragraphs above, the twinning is responsible for increased 

work hardening rate. However, in our case, the grainsize also affects the twinning 

volume fractions and therefore the overall mechanical response during the plastic 
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deformation for the following reasons. As it was shown in the microstructure 

analysis of these samples, the grainsize is decreasing gradually, or better said, the 

fraction of large grains is decreasing gradually from C1+RS to C3+RS sample, 

where the latter shows quite homogeneous grain structure already. In larger grains 

the twinning is more probably than in smaller grains, therefore, the decreasing 

fraction of larger grains indicates the decreasing twinning activity and volume 

fraction, that can be seen from C1+RS to C3+RS samples. When the twinning is 

saturated, the material starts to behave as purely nanocrystalline material with 

reduced work hardening. This is due to the dynamic recovery processes where the 

creation and annihilation of dislocations is in equilibrium. This is dependent on 

density of crystal defects within a grain. And why is that only after saturated 

twinning activity? Simply because when twinning is saturated, there is only left 

refined grains (twinned or parent grain) with large densities of dislocations where the 

above-mentioned equilibrium may occur. Before the saturation, there is no 

equilibrium, and the movement of newly generated dislocations is hindered by twin 

boundaries which results in increased work hardening. 

If we look on lattice strain (LS) evolution of  planes (Fig. 4.43), it is 

seen that there is no significant difference between samples in the elastic region. On 

the other hand, few differences can be spotted in the plastic regime. In C1+RS, 

C2+RS and C3+RS samples, the compression LS is gradually decreasing until 12.5, 

17.5% and 5% of deformation, respectively. The LS evolution of C1+RS and C2+RS 

samples are very similar until 12.5 % of deformation. From 17.5 % of deformation, 

the LS evolution of C2+RS and C3+RS samples show similar behavior. As a 

consequence, the deformation behavior on microscopic scale of the C2+RS sample 

can be described as the combination of C1+RS and C3+RS samples. This can be 

related to twin growth for the following reasons. Twinning in general reduces the 

average grain size. In C1+RS sample, the average grain size is probably still quite 

large after the twin growth saturation. However, in C2+RS sample, the saturation of 

twin growth probably resulted in microstructure which is more similar to C3 sample. 

Therefore, the deformation behavior of C2+RS sample resembles more C3+RS 

sample after the twin growth saturation. 
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Fig. 4.43 LS and relative intensity evolution during the deformation. 
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Conclusions 

 In this thesis, the evolution of the residual stress field of the UFG structured 

commercially pure Titanium grade 2 prepared by multiple pass of CONFORM 

ECAP was studied by neutron diffraction technique. In order to elucidate the local 

microstructure, texture, dislocation density and yielding behavior responsible for the 

residual stress distribution in the material, detailed EBSD, X-ray and mechanical 

experiments were conducted. The microstructure of the subsequent rotary swaging 

treated nanocrystalline material was investigated by ACOM TEM method and the 

deformation mechanism during compression was studied by in-situ neutron 

diffraction. Based on the experimental results, the following conclusions can be 

drawn: 

1. Microstructural gradients within the samples after C-ECAP processing 

a. Grain size and texture gradients are present after the first pass of C-

ECAP. Higher fraction of finer grains can be found at side and bottom 

parts. The larger grains have elongated shapes, whereas the fine grains 

have rather equiaxed morphology. Accordingly, the rotation of texture 

components is more pronounced at the side parts. This effect can be 

ascribed to the inhomogeneous strain and temperature distribution during 

the C-ECAP treatment. With increasing number of passes the gradients 

reduce. 

b. The total dislocation density is the highest after the first pass. Locally, 

the highest dislocation density was measured at the top position after the 

first pass and at the center of the samples after 2nd and 3rd pass, 

respectively. The lowest densities are at the side parts in all cases.  

c. Harder and softer regions can be found also in microhardness maps. 

After the first pass, a “Y” shaped softer region is present in the cross 

section of the sample. After the second pass, the central and bottom 

regions exhibit higher HV values in contrast to sample after the third pass 

where top regions are harder. 

d. The residual stress distribution exhibits a vertical symmetry. The largest 

residual stress is concentrated in the top part of samples, as it was 
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expected from simulations. The residual stress in samples is reduced 

gradually by increased number of passes. The stress gradients are the 

consequence of grain structure, texture and dislocation density gradients. 

2. Microstructure and deformation behavior of the C-ECAP and rotary 

swaged material 

a. The additional rotary swaging treatment resulted in further grain 

refinement – a nanocrystalline structure is achieved. The same trend in the 

fraction of larger grains can be noticed as at samples treated only C-

ECAP method, i.e., larger grains gradually disappear from the grain 

structure.  

b. Strong fiber texture with  is formed after RS treatment. 

However, in 3x C-ECAP + RS specimen, it is a slightly weaker than in 1x 

and 2x C-ECAP + RS samples. 

c. The deformation twinning was identified as the major deformation 

mechanism. Its activity decreases gradually for 2x and 3x C-ECAP + RS 

samples, as a consequence of grain size reduction.  
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